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Abstract

Stainless steels have been produced commercially for more than a hundred
years and due to their corrosion resistance they can last for hundreds of
years. Another excellent property of stainless steels is their ability to be
recycled.

In this thesis, the focus has been the study of deformation structures in
stainless steels. Via increased knowledge of the evolution of the
substructure during deformation, the design and control of the
manufacturing process can be improved. To be able to develop new
stainless steel grades with properties designed to meet new challenges,
accurate physically based models for strain hardening are essential. By
quantification of the microstructures obtained after deformation under
various conditions, valuable measured parameters can be determined for
verification of the models.

Electron backscatter diffraction (EBSD) has been used to study the
deformation structures, both qualitatively and quantitatively. EBSD is a
scanning electron microscopy based method used for the characterization
of the microstructure and microtexture of a polycrystalline material.
Information about the phases and orientations of the crystals in the sample
can be displayed in various ways including colorful maps of the
microstructure and inverse pole figures (IPFs) for the texture.

A relation was found between the active deformation mechanisms, the
evolution of low angle boundaries (LLABs) and the strain hardening rate.
When deformation twinning was an active deformation mechanism in an
austenitic stainless steel with lower stacking fault energy (SFE), the strain
hardening rate was maintained up to large strains due to formation of
LABs. The deformation twin boundaries acted as new obstacles for
dislocation slip which in turn increased the formation of LABs even
further. During deformation by slip in an austenitic stainless steel with a
higher SFE, the strain hardening rate instead decreased when LABs were
formed. A high value of SFE promotes dislocation cross slip which in turn
increases annihilation of dislocations leading to a minor increase in LAB
formation.

Deformation structures formed in surface grains during in situ tensile tests
were found to develop at lower strains than in bulk grains obtained from
interrupted conventional tensile tests. This behavior is consistent with the



fact that dislocations sources and deformation twinning operate at
approximately half the stress on a free surface as compared to the bulk.

The deformation structures were quantified by measuring size
distributions for entities bounded by LABs and high angle boundaries
(HABs). The size distributions were found to be well described by bimodal
lognormal distribution functions. The average size for the distribution of
small grains and subgrains correlated well with the mean free distance of
dislocation slip and to the strain hardening.
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Sammanfattning

Rostfria stal har producerats kommersiellt i mer 4n hundra r och tack vare
deras korrosionsbestdndighet kan de dven anvindas i hundratals ar. En
annan utmairkt egenskap hos de rostfria stélen ar att de kan atervinnas.

I denna avhandling har fokus varit pa studier av deformationsstrukturer i
rostfria stdl. Genom 6kad kunskap om substrukturens utveckling under
deformation kan design och kontroll av tillverkningsprocessen forbittras.
For att kunna utveckla nya rostfria stalkvaliteter med egenskaper som ar
utformade for att mota nya utmaningar ar tillforlitliga fysikaliskt baserade
modeller for deformationshérdnandet av stort varde. Genom kvantifiering
av de mikrostrukturer som erhéllits efter deformation under olika
betingelser kan viktiga parametrar experimentellt bestimmas for
verifikation av modellerna.

Bakatspridd elektron diffraktion (eng. electron backscatter diffraction -
EBSD) har anvints for att studera deformationsstrukturerna béde
kvalitativt och kvantitativi. EBSD &4r en metod baserad pa
svepelektronmikroskopi som anvdnds for karakterisering av
polykristallina materials mikrostruktur och mikrotextur. Tekniken ger
information om de olika faserna och orienteringarna av kristallerna i ett
prov, vilket bland annat kan illustreras med hjilp av specifik fargning av
mikrostrukturbilder samt med hjilp av polfigurer.

Samband har noterats mellan de aktiva deformationsmekanismerna,
utvecklingen av lagvinkelgrianser och deformationshirdnandet. I ett
austenitiskt rostfritt stal med ligre staplingsenergi dar tvillingbildning ar
en aktiv deformationsmekanism upprittholls deformationshardnandet
upp till stora t6jningar pad grund av bildandet av lagvinkelgranser.
Deformationstvillingarnas grianser fungerade dessutom som nya hinder
for dislokationsglidning, vilka i sin tur bidrog till ytterligare 6kad bildning
av lagvinkelgranser. Under deformation genom glidning i ett austenitiskt
rostfritt stdl med en  hogre stapelfelsenergin  minskade
deformationshardnandet istéllet nar lagvinkelgranserna bildades. Den
hogre stapelfelsenergin fraimjade tvarglidning av dislokationer vilket 6kade
aterhdmtningen av dislokationsdensiteten, vilket resulterade i en mindre
Okning av lagvinkelgranser.

De deformationsstrukturer som erholls i ytkornen, under in situ dragprov,
utvecklades vid ldagre t6jningar an i bulkkornen, som studerades i avbrutna
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konventionella dragprov. Detta beteende &r i enlighet med att
dislokationskillor och deformationstvillingbildning aktiveras vid ungefar
hélften si stor spanning pa en fri yta jamfort med i bulken.

Deformationsstrukturerna kvantifierades 4dven genom maétning av
storleksfordelningen  f6r omréden begrinsade av 13g- och
hogvinkelgranser. Storleksfordelningarna kunde vil beskrivas med
bimodala lognormal fordelningsfunktioner. Forandringen med okande
tojning av medelstorleken for fordelningen av sma korn och subkorn
korrelerade vidl med forandringen av den fria medelviaglingden for
dislokationsglidning och med deformationshérdnandet.
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Chapter 1

1 Introduction

This doctoral thesis has been dedicated to experimental studies of
deformation structures in stainless steels using electron backscatter
diffraction (EBSD). The samples investigated are of different stainless steel
grades and obtained after different deformation processes so their
chemical composition as well as their heat and plastic deformation history
differs.

During plastic deformation, the material undergoes a macroscopic shape
change while the volume remains constant. Important parameters which
affects the deformation are temperature, strain and strain rate. The
deformation conditions have a major impact on the resulting
microstructure which evolution is a result of dislocation generation,
movement and substructure formation.

As the mechanical properties of the steel are dependent of the
microstructure, understanding of the relation between the mechanical
properties and the microstructure is therefore a cornerstone for most of
the process steps in the metal manufacturing industry [1, 2].

1.1 Aim

The aim of this thesis is to enhance the knowledge of the deformation
structures in stainless steels and the relation between the microstructure
and the mechanical properties to enable improved planning and control of
the manufacturing of stainless steels.

The main focus has been to gain both qualitative and quantitative
information about the microstructural development during deformation.
The use of EBSD enables the combination of good resolution with the
opportunity to investigate large areas which makes it a good choice for
studying deformation structures.

A challenge has been to relate the microstructure to mechanical properties.
By experimentally evaluating material parameters, this work will hopefully
contribute to the development of physically based material models.



Introduction

1.2 Overview of the current work

This thesis begins with a brief presentation of stainless steels in general
and an overview of the investigated steel grades in Chapter 2. A theoretical
background to deformation structures and behavior of face centered cubic
metals and alloys is given in Chapter 3. The EBSD technique is then
presented in Chapter 4. This chapter includes some practical tips to
consider before analyzing new materials using EBSD and a brief
introduction to texture analysis using pole figures (PFs) and inverse pole
figures (IPFs). In Chapter 5, experimentally studied deformation
structures are presented and discussed. The results for some of the
relations found between the microstructure and mechanical properties are
presented in Chapter 6. Concluding remarks and suggestions of future
work are given in Chapter 7.



Chapter 2

2 Stainless steels

Stainless steels are a group of corrosive resistant steels with minimum
10.5% chromium, maximum 1.2% carbon and a varying content of other
alloying elements. Stainless steels are today used in a variety of different
applications ranging from kitchen utensils and medical instruments to
automotive bodies and construction materials in large buildings [3].

All stainless steels are characterized by their ability to spontaneously form
a self-repairing protective oxide layer. This is achieved by the addition of
chromium which forms an oxide film providing the general corrosion
resistance. By adding nickel, the corrosion resistance is enhanced which is
advantageous in more aggressive environments [4].

The use of stainless steel in many applications is good with respect to
sustainability. Since stainless steels have no need for protective painting or
galvanization to withstand corrosion, it makes them a good alternative to
carbon steel due to a lower maintenance cost and longer service life. Owing
to the excellent mechanical properties of high strength stainless steels the
weight of products and constructions can be reduced which in turn lowers
the cost for transportations. Their high recovery rate and recycling are also
important from a sustainability perspective [4].

There are three main phases in stainless steels: austenite, ferrite and
martensite and if the classification is based on the microstructure, the
stainless steels can be divided into five groups [5].

e Austenitic

e Ferritic

e  Austenitic-ferritic (Duplex)
e Martensitic

e Precipitation hardening

The structure for austenite, ferrite and o’-martensite is face centered cubic
(fce), body centered cubic (bec) and body centered tetragonal (bct)
respectively, as illustrated in Fig. 1. At low carbon contents however, the
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martensitic structure can be identified as bee during EBSD measurements
[6]. Both the bee and bet structures are magnetic while the fce structure is
non-magnetic [5].
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Figure 1. Crystal structures for fce (a), bee, (b) and bet (c).

The chemical composition of a stainless steel determines its microstructure
and its unique properties. By varying the composition it is possible to tailor
the properties to suite a particular application. The alloying elements are
divided into austenite and ferrite stabilizers based on which phase they
promote. Amongst the many alloying elements used, chromium and nickel
are the most important. Chromium favors the formation of ferrite while
nickel favors the formation of austenite. Cr-steel and CrNi—steel are
traditional terms used for ferritic and austenitic grades respectively.
Ferrite is also stabilized by molybdenum, aluminum, silicon, titanium
niobium, vanadium and tungsten. Other important austenite stabilizers
are nitrogen, carbon, manganese, cobalt and copper [7].

In this thesis austenitic and duplex stainless steels were studied.

2.1 Austenitic stainless steels

The austenitic group is large and diversified and is further subdivided into
stable and metastable austenitic grades. Stable austenitic grades are
without ferrite whereas the metastable austenitic grades may transform to
martensite during plastic deformation and by cooling to low temperatures
[7]. The austenitic stainless steels have good corrosion resistance in most
environments, good formability and are considered to be weldable, and
their strength can be considerably increased by cold working. They have
good impact properties at low temperature and can be used at cryogenic
temperatures [8].
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2.2 Duplex stainless steels

Duplex stainless steels have a two-phase structure of austenite (fcc) and
ferrite (bcc) with a ferrite content between 30% and 50% according to the
standard EN 10088-1 [9]. Duplex steels have high mechanical strength and
good resistance to general corrosion and to stress corrosion cracking [10].
They are stronger than austenitic grades, the good tensile strength are
governed essentially by the ferritic phase while the austenitic phase
contributes to the toughness. The use of duplex grades is limited to a
temperature range of about -40 to 280 °C as they undergo a ductile-to-
brittle transition at lower temperatures and form a number of embrittling
precipitates at higher. The low content of nickel reduces the alloying cost,
but the cost of processing the as-cast steels are more expensive, rendering
the duplex grades more expensive than the austenitic [11]. The duplex
grades are attractive alternatives to carbon steels in many applications due
to their corrosion resistance which reduces the maintenance costs. The
thickness of constructions may also be reduced due to their good
mechanical properties which also is cost advantageous [12].

2.3 Investigated steel grades

Six stainless steel grades were investigated in this thesis, five austenitic and
one duplex.

The stacking fault energy (SFE) and the chemical composition of the steels
are given in Table 1. The austenitic grades investigated were ASTM 301,
304L, 316L and two highly pure Cr-Ni steel alloys. Both 301 and 304L are
metastable austenitic while 316L and the pure Cr-Ni steel alloy with 31%
nickel are stable austenitic. The alloy with 11% nickel is also regarded as
austenitic as the amount of martensite after plastic deformations is quite
low. The 301 grade was cold rolled with a martensite volume fraction of
~50%. The investigated duplex grade was SAF 2507.

The mechanical properties vary a lot for these steels as illustrated by the
stress-strain curves in Fig. 2 obtained by uniaxial deformation and will be
discussed further.
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Table 1. Stacking fault energies (mJ/m2) and chemical compositions of the
investigated stainless steels (wt.%).

SFE or 301 304L 316L Medium-Ni  High-Ni  Duplex
Element

SFE ~12 18[13] 14[14] 17[15] 30 [15]
Cr 16.72 18.3 16.58 18.7 18.5 25
Ni 6.66 9.6 9.82 11.7 31.4 7
C 0.098 0.02 0.015 0.006 0.006 <0.03
Si 1.13 0.4 0.18 0.02 0.02 <0.8
Mn 1.12 1.2 1.52 0.04 0.03 <1.2
P 0.025 0.03 0.026 0.003 0.003 <0.025
S 0.001 0.003 0.028 0.005 0.005 <0.015
N 0.023 0.02 0.055 0.007 0.006 0.3
Mo 0.70 0.34 2.17 <0.01 <0.01 4
Cu 0.30 0.01 <0.010
Nb 0.34
Co 0.27
A% 0.050 <0.005 <0.005
Al 0.004 0.013
1800 ( ——301 cold rolled, ~50/50
1600 - austenite/a’-martensite
& 1400 - E&sﬁfg{tgﬁgﬁt{é
=, 1200 A 316L (22 °C, 9000 /s),
g 1000 1 ~ :ﬂu:;'iaunr:’tfnickel alloy,
w800 -/ austenite
o o
$ oo 210 o0 e 200 )
4007 28:1|;nite
200 1 ——— High-nickel alloy,
0 T : austenite
0 0,2 0,4 06

True strain [-]

Figure 2. True stress-strain curves for the investigated stainless steels.
Compression test for 316L and tensile test for all other.
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3 Plastic deformation

The following chapter starts with a description of the deformation
mechanisms in fcc metals and alloys and their relation to the stacking fault
energy. Thereafter follows a description of how dislocations are generated
during plastic deformation and how the dislocation arrangement evolves
with increasing strain. The chapter ends with a discussion of the relation
between the microstructure and the deformation hardening.

3.1 Deformation mechanisms in fcc metals and
alloys

The basic deformation mechanisms for metals and alloys with fcc structure
are dislocation slip and twinning whereas bcc structures generally deforms
by slip. Dislocation slip occurs mainly on the most densely packed planes
in the most densely packed directions. The combination of a slip plane and
the slip direction defines the slip system. The slip system for fcc metals is
{111}<1-10> and the twinning system is {111}<1-21>. For bcc metals more
slip systems operate as more slip planes are available. Slip occurs in bcc
metals in the close packed directions <111> on either the {110}, {112} or

{123} [2].

Austenitic steels which deforms by both slip and twinning are called
twinning induced plasticity steels, TWIP steels. A phase transformation
from austenite to martensite can also occur as a deformation mechanism
which is called transformation induced plasticity, the so called TRIP effect.
Both deformation twinning and martensite formation are important for
the improved mechanical properties such as high ductility and strength
[16].

The activated deformation mechanism in fcc metals and alloys is primarily
dependent of the SFE. The SFE is a material parameter of crystalline
materials, which depends on the chemical composition [17] and
temperature [18], and is a measure of the extent to which a perfect
dislocation dissociates into partial dislocations and form a stacking fault.
A stacking fault is a planar crystal structure defect in the ordered atom
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arrangement in a crystal. The stacking order of close packed (111) planes in
a perfect fcc lattice is described by the sequence ABCABC. A stacking fault
can be described as the consequence of removal or insertion of a portion of
a close-packed plane in the crystal lattice [19]. The sequence changes then
to ABCBC or ABCBABC respectively. The faulted area has an increased
energy and the extra energy associated with the fault is the SFE.

The SFE affects the deformation by cross-slip, which is a thermally
activated deformation mechanism leading to hardening, dislocation
pattern formation and dynamic recovery [20]. During cross-slip un-
dissociated screw dislocations change slip plane. This enables the release
of dislocations which have been trapped by various obstacles in their initial
slip plane, and increases the possibility for dislocation annihilation. Large-
scale cross-slip leads to a parabolic strain hardening and facilitates the
formation of three-dimensional dislocation configurations such as cells
and subgrains. Dislocation cells and subgrains are regions with a lower
dislocation content separated by denser regions of dislocation walls [21].

Low values of the SFE promotes formation of stacking faults which are
essential for initiating both martensite formation and deformation
twinning. Low values also retard recovery for which climb and cross-slip of
perfect, un-dissociated, dislocations are the basic mechanisms. With
increasing SFE, the dissociation of perfect dislocations is suppressed and
the deformation is thus controlled by dislocation slip [22]. Different limits
and ranges are found in the literature for the relation between SFE and the
activated deformation mechanisms. According to one study made on high-
Mn steels, an SFE <20 mJ/m?2 favors martensitic transformation while SFE
>20 mJ/m?2 favors deformation twinning [23], whereas another study on
high-Mn steels concluded mechanical twinning to take place for SFE in the
range 12-35 mJ/m2 [24]. Tian et al. [25] studied the deformation
microstructure of ternary Fe-18Cr-(10-12)Ni alloys by EBSD. They found a
gradual transition from deformation-induced martensite to deformation
twinning for SFE in the range of 7 to 12 mJ/m?2 evaluated by first-principles
calculations. Dislocation slip is always an active deformation mechanism
and becomes predominant at higher SFE (=40 mJ/m?2)[22, 24].

The alloy composition determines the SFE which in turn controls which
deformation mechanisms are being activated. The deformation
mechanisms in turn affects the evolution of the substructure during plastic
deformation which is described in the next section.
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3.2 Evolution of dislocation structures

Even well-annealed metals and alloys contain dislocations in the order of
10 m2, During plastic deformation dislocation generation takes place and
the dislocation density increases rapidly due to dislocation multiplication.
In heavily cold-rolled metals and alloys the dislocation density is in the
range 10 to 1015 m2 [26].

The dislocations in an annealed crystal are arranged in a low energy
configuration. Dislocations, with at least three different Burgers vectors
adding up to zero, form nodes and a three-dimensional network is
generated called the Frank net. Excess of dislocations with the same
Burgers vector are distributed on the net faces forming a mosaic structure
called a polygonized structure with a slight misorientation of the crystal
lattice on either side of the faces [27, 28]. The dislocation network in the
grains densifies successively and the dislocation density increases with
increasing strain. Regardless of the geometry of the dislocation structures,
the structure will shrink in scale while retaining the selected geometry.
This is called “the principle of similitude”. As long as the principle of
similitude is obeyed, the stage with linear hardening of fcc metals and
alloys continues. For cell forming metals and alloys, the linear hardening
stage ends when the cells cease to shrink [29]. With increasing strain,
dislocations are grouped together forming boundaries. The dislocation
boundaries formed can be divided into two types; the incidental dislocation
boundaries (IDBs) and the geometrically necessary boundaries (GNBs).
These boundaries subdivide the grain on different size scales [30].

The tangled structure in non-cell forming fcc metals and alloys has been
found to form an organized structure called a Taylor lattice and is not
distributed at random as previously believed. In the Taylor lattice,
dislocations are distributed uniformly with planar order on the most highly
stressed {111} glide planes. The Taylor lattices forms an incidental
dislocation structure with small lattice rotations. Regions of differently
oriented Taylor lattices are in turn separated by domain boundaries which
are GNBs. The subdivision of the grain into separate domains allow
accommodation of strain using fewer slip systems than required by the
Taylor criterion in the individual domains. The criterion is instead fulfilled
by the joint act of the different domains [31].

In cell forming fcc metals and alloys, IDBs arise from the statistical mutual
trapping of glide dislocations intersecting with dislocations crossing the
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slip plane, so called “forest dislocations”. The IDBs form walls which
delineate regions with few dislocations, i.e. equiaxed cells. Initially, the
misorientation across the cell wall is small as the cells deform on the same
slip systems. As the straining continues, the misorientation increases,
which enables different slip systems to operate in neighboring cells. This
will eventually lead to the development of cells into subgrains, surrounded
by boundaries which are now classified as GNBs [32]. Subgrains have been
indicated to be the last stage of structural evolution during deformation

[33].

The GNBs formed at low strains are arranged in dense dislocation walls or
microbands which subdivide the grain into different cell blocks which
deform on different slip systems. The misorientation between the different
cell blocks are larger than between the individual cells. The misorientation
increases with increasing strain at the start of deformation but saturates at
larger strains [32]. The subdivision of the grain into different cell blocks
enables strain accommodation with fewer slip systems within the cell
blocks than required by the Taylor criterion. The criterion is however
fulfilled collectively by the different cell blocks [30]. On a larger scale, long
extension of GNBs, almost across a grain, leads to the formation of
deformation bands [2]. Deformation bands are parallel sequences of
volume elements with alternating average lattice orientation [34]. The
deformation bands are separated by deformation induced grain
boundaries if the orientation change between the deformation bands is
sharp, or by a transition band if the orientation change is more diffuse [2].

3.3 Relation between orientation, activation of slip
and dislocation generation

The orientation of the crystal affect the value of the applied shear stress
needed to initiate slip and activate plastic deformation. In this section, the
relation between an applied stress and activation of slip are discussed as
well as mechanisms for dislocation generation.

In an fcc crystal there are four different slip planes with three slip
directions in each, if the negative directions are ignored. This gives 12
possible slip systems. During plastic deformation, slip will first be activated
on the slip system with the highest resolved shear stress. The shear stress
acting on each slip system can be calculated by taking into account the
geometrical relation between the slip system and the applied stress. For a
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single crystal the geometrical relationship between a slip system and an
applied stress, 0=F/A, can be described using two angles as illustrated in
Fig. 3; the angle ¢ between the applied force, F, and the normal to the slip
plan, and the angle A between the applied force and the slip direction.

Applied force F

Slip plane normal Cross-sectional area A

-~ Slip direction

Slip plane = |

Figure 3. Illustration of the geometrical relationship between a slip system and
an applied force during a tensile test of a single crystal.

The shear stress, T, resolved in the slip direction, is the ratio between the
force component in the slip direction, F cos A, and the slip plane area, A/cos

¢:
T =o0cos¢cosi (1)

The term cos ¢ cos A, called the Schmid factor [26], gives an indication how
easily slip occurs for a particular slip system; a large value, max 0.5,
indicates that deformation by slip is easy. During plastic deformation of a
polycrystalline metal, the Schmid factor varies within and between the
grains.

The minimum value of the resolved shear stress needed to initiate slip is
called the critical resolved shear stress, 7.. [26]. The yield stress, oy, for a
single crystal which deforms by slip on a single slip system is related to z.
by the Schmid factor according to:

Oy = ————T (2

cospcosAr €

For initiation of deformation twinning a critical shear stress also has to be
reached [35]. Even though the critical resolved shear stress needed for slip

11
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always is lower than for twinning for annealed fcc crystals, twinning may
be possible after strain hardening if the stress level is increased sufficiently
[36].

During homogeneous deformation of a polycrystal, all grain boundaries
must remain in contact and no holes may be formed. According to Taylor,
at least five independent slip systems are required to operate in each grain
to maintain contact between all grain boundaries during straining i.e. to
meet the compatibility condition [37]. For a polycrystal we can write
o=m-t, where m is the Taylor factor. The Taylor factor is calculated by
averaging the sum of the inverted Schmid factors for the five most
favorable slip systems, i, in the grain:
1 1
m= gZ?:l (cos dcos M)y (3)

If the Taylor factor in a grain is low, deformation by slip will be easy. During
deformation different parts of a grain rotates in different directions which
causes the Taylor factor to change accordingly. By following the changes of
the Taylor factor in individual grains with strain, important information of
the deformation mechanisms can be obtained.

A polycrystal starts to deform elastically and with increasing stress plastic
deformation begins. However, individual grains start to deform plastically
at different resolved shear stresses due to their individual orientation. This
phase is called micro plastic deformation. When all the grains have started
to deform plastically the macroscopic elastic limit for the material is
reached [38]. Plastic deformations depends on the ability to generate new
dislocations. Two important mechanism for regenerative multiplication of
dislocations are the Frank-Read source [39] and multiple cross glide [40].

A Frank Read source operates when a critical resolved shear stress is
applied. A part of a dislocation line, lying in a slip plane anchored between
two points, expands and creates a loop. The loop will close and create a
large free outer loop and a new anchored dislocation line. This process
repeats successively, creating new dislocation loops. The ratio between the
shear modulus and the distance between the anchoring points of the
dislocation line approximately determines the minimum stress needed to
generate new dislocations [39].

Multiple cross glide is a process occurring after a screw dislocation first has
double cross slipped leaving jogs on the secondary glide plane. If the stress
is lower on the secondary glide plane the jogs are relatively immobile while
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the dislocation segments on the primary slip planes are free to expand and
can each operate as Frank-Read sources [26].

3.4 Relation between microstructure and
deformation hardening

The deformation behavior of a material is dependent of the microstructure
and its evolving substructure. For pure single crystals of fcc, the classical
description for deformation is divided into three stages: easy glide (stage
I); linear hardening (stage II); parabolic hardening (stage III) [27]. The
classical description used for the strain hardening of fcc polycrystals [27,
38, 41] is based on the behavior of pure fcc single crystals during stage 11
and stage III [27, 42]. Stage I hardening, representing easy glide, is
however not possible. For polycrystalline materials, the initial transient
stage in the stress-strain curve is attributed to that the deformation of the
grains in varying degrees deforms only elastic or elastic and plastic. Stage
IT is characterized by a large linear strain hardening. Many dislocation
sources are active and slip occur on more than one slip system and the
increasing dislocation density is responsible for the increased strain
hardening. During this stage Taylor lattices, i.e. planar dislocation arrays
formed by interactions of dislocations on the primary and secondary slip
system [21], are developed. The onset of stage III is thermally activated and
is represented by a decreasing strain hardening rate and the formation of
dislocation cell structures with cell blocks and deformation bands [43].
During stage III, dislocation cross slip becomes active allowing screw
dislocations to change slip planes thereby facilitating annihilation of
dislocations. Cross slip is favored by a high SFE since partial dislocations
have to recombine before cross slip can occur [27, 38]. The average spacing
of the cell walls, formed by IDBs, is inversely proportional to the flow stress
while the GNBs obey the Hall-Petch relation, where the flow stress is
inversely proportional to the square root of the general spacing of the GNBs
[32].

Alternatives to the classical strain hardening description has been used to
describe the multi-stage behavior often exhibited by low and medium SFE
metals and alloys [21, 22, 44, 45]. Common for these studies is that
deformation twinning is observed to occur during the first stage of constant
strain hardening rate.

13



Plastic deformation

Twinning was concluded to be important for the four stage strain
hardening behavior for low SFE fcc metals as described in detail in [45,
46]. During the first and third stage, the strain hardening rate was
decreasing with increasing strain while during the second and fourth stage,
the strain hardening was constant and twinning was observed to be an
active deformation mechanism. The latter study includes the stainless steel
316 which has a similar Ni content and SFE as the Fe-19Cr-12Ni alloy in
the present study. Primary twinning was observed during the first stage of
constant hardening in the true strain range ~0.1-0.2 and the decreasing
rate of twinning was explained to be the reason for the next stage of falling
strain hardening rate. The onset of extensive secondary twinning at a true
strain of ~0.55, where new twins intersect existing primary twins, was then
correlated to the start of the second stage with a constant strain hardening
rate.

Different mechanisms for the influence of deformation twinning on the
strain hardening have been proposed. One is based on the fact that
deformation twinning introduces new twin boundaries (TBs) in the grains
which increases the overall content of high angle boundaries (HABs). The
effective grain size is thereby reduced leading to a hardening similar to the
Hall-Petch relation [47]. Another explanation comes from the Basinski
mechanism [48] which propose that glissile dislocations transform to
sessile inside the twins and thereby contributes to strengthening. A third
mechanism refers to a softening caused by twinning through reorientation
of the lattice providing more favorable orientation for slip inside the twins
[49]. The twinning strain itself makes a small contribution to the total
elongation [50].
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4 EBSD

The electron backscatter diffraction (EBSD) technique is used for
characterizing the microstructure and microtexture of crystalline materials
in a number of ways, including grain and sub grain size, texture and grain
boundary distribution. It is a scanning electron microscope (SEM) based
surface technique which gives information of the phases and orientations
of the crystals in the sample [51-55]. The information can be displayed in
various ways including maps, pole and inverse pole figures and as
orientation distribution functions.

A schematic view of a typical EBSD set up in a SEM chamber is shown in
Fig. 4. The incident electron beam, emerging through the pole piece, hits
the sample tilted ~70° from the horizontal axis. The EBSD software
controls the electron beam so that it moves step by step, often in a line or
in a grid pattern, over the sample surface. Backscattered electrons leaving
the sample hit the phosphor screen on the EBSD detector and generate an
electron backscatter pattern (EBSP) which is captured by the detector

camera [53, 55, 56].

| Microscope

Figure 4. Schematic diagram of the typical set up for EBSD. (Courtesy Oxford
Instruments).

The distance between the pole piece and the point on the sample where the
electrons strikes the sample is called the working distance and the distance
between the patterns center of the EBSP and the point on the sample where
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the electrons strikes the sample is called the detector distance. The
backscattered electrons originate from a small volume of the sample. The
size of the volume is approximately the size of the beam spot times a depth
in the range of 10-50 nm down from the sample surface [53-55].

An EBSP, also called a Kikuchi pattern, see Fig. 5, is collected for each point
in the line/grid and is automatically indexed by the software. Indexing
refers to the process in which the EBSP is used to identify the phase and
the orientation of the crystal lattice in the point which generated the EBSP.
During the indexing process the actual EBSP is compared to theoretical
patterns [55]. The mean angular deviation (MAD value) between the
detected and simulated pattern is often used as a quality factor for the
indexing process.

Figure 5. EBSP from an undeformed sample of 304L using 25kV.

4.1 Resolution

The high dislocation density in deformed materials often give rise to weak
and blurred EBSPs which makes the indexing problematic and affects the
data reliability adversely [57]. The ability to accurately analyze deformed
materials and its substructure is therefore dependent of good spatial and
angular resolution during data acquisition.

The spatial resolution is dependent of the size of the volume near the
sample surface from which the EBSP forming electrons are backdiffracted
[55]. By reducing the size of the volume responsible for the formation of
the individual EBSP the numbers of interfering defects are also reduced
which will sharpen the resulting EBSP. Important parameters which affect
the spatial resolution are: the chemical composition of the sample; the tilt
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angle between the electron beam and the sample surface; the acceleration
voltage and the spot size [52, 54, 55]. The acceleration voltage affects the
depth of penetration of the electron beam and therefore the size of the
volume responsible for the diffracted electrons that creates the EBSPs [58].
The spatial resolution along the beam direction is about three times worse
than along the tilt axis due to the shape of the beam spot. For a field-
emission gun scanning electron microscope (FEG-SEM) the spatial
resolution in steel is ~20 nm along the tilt axis at an acceleration voltage of
20 kV [59].

The angular resolution is dependent of the quality and sharpness of the
EBSPs. The angular resolution can be improved in a number of ways
including: careful sample preparation; increased acceleration voltage;
increased probe current; increased number of frames used for back ground
correction of the EBSPs; use of low pixel binning of the EBSPs; optimizing
of the number of bands used during indexing and by use of a high Hough
transformation resolution [54, 60]. The Hough transformation is an image
transform used by standard software for EBSD to detect the positions of
the Kikuchi bands during indexing [51]. The Hough transformation
resolution affects the speed of the band detection; higher values make the
indexing slower but give more accurate angular resolution. The aperture
size affects the spot size and the probe current [59] and thus the signal
strength in the resulting EBSPs. A higher probe current increases the signal
strength and the band contrast (BC) in the EBSPs which improves the
angular resolution. The orientation resolution between neighboring pixels
is in the order of ~1° but can be improved to below 0.3° by post-processing
of the data using an edge preserving Kuwahara filter [60], further
described below.

4.2 Maps

In EBSD maps, the information of phase and orientation, extracted from
the individual EBSPs, are used to illustrate the microstructure in various
ways. The orientation, phase, shape and size of individual grains can be
displayed, and different boundaries can be detected based on their
misorientation. The propensity for slip in each point, in the direction of the
highest resolved shear stress on a specific slip system, can by displayed in
a map using coloring based on the Schmid factor. By calculating the Taylor
factor the propensity for slip, based on calculation of the Schmid factor for
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the five most favorable slip systems, can by illustrated in a map by
assigning a color code to the Taylor factor.

A boundary is a line separating adjacent regions of points with
misorientation greater than a minimum angle chosen to define a particular
boundary. The transition between HABs and LABs is usually defined as
being in the misorientation range 10-15° [2]. Annealing and deformation
TBs in fce materials are defined as having a misorientation of 60° about an
<111> axis with the boundary plane normal to the rotation axis [61]. The
TBs are so called £3 boundaries, i.e. a coincident site lattice boundary for
which the boundary plane has one third of the lattice sites in common with
the twin and the matrix of the grain respectively. During detection of TBs,
a deviation from the exact twin misorientation must be specified. The
Brandon criterion, O,ax=0,/VZ, is often used to determine the maximum
angle of deviation, Omq.. The parameter 6, is a constant, taken to be ~15°
by Brandon and X is the number used to specify the degree of coincidence
for the coincidence site lattice boundary [62]. For a twin boundary, X is 3
(23), and according to the Brandon criterion 6,4« should not be allowed to
exceed 8.7°.

An example of an EBSD map which gives information of the deformation
mechanisms in a medium-nickel stainless steel alloy after tensile loading
is shown in Fig. 6. The map shows part of an austenitic grain and reveals
that the deformation has occurred through formation of deformation twins
and by phase transformation from austenite to a’-martensite.

Figure 6. Part of an austenitic grain (red) with o’-martensite (blue) in
connection to deformation twins. The TBs are colored yellow and the phase
boundaries black and BC is used as background. The tensile direction is along
the map plane normal. Step size 0.1 pm.
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4.3 Pole and inverse pole figures

The orientation information from an EBSD analysis is often presented by
using pole figures (PFs), inverse pole figures (IPFs) or IPF colored maps. A
PF is a stereographic projection used to display how crystallographic
directions and plane normals are arranged relative to a reference frame.
The reference frame can be a coordinate system representing the forming
process, e.g. the rolling, transverse and normal direction in rolled sheets.
For a cubic crystal symmetry, the reference frame can be represented by a
coordinate system with axes parallel to the cube axes. A PF gives a two
dimensional illustration of a three dimensional orientation relation which
is often used to represent the texture of a crystalline material.

The construction of a PF is illustrated in Fig. 7a. The chosen coordinate
system, here represented by the cube axes, is centered inside a unit sphere.
Two of the coordinate axis defines the projection plane, which divides the
unite sphere into two equal-sized halves. A unit cell for the crystal of
interest is then centered into the sphere. Crystallographic vectors
representing planes and direction in the unit cell are drawn. The
intersection points between crystallographic vectors and the unit sphere
are called poles. The poles on one of the half-spheres are then connected
by straight lines to the intersection point between the third coordinate axis
and the unit sphere on the opposite half-sphere. Finally, the projection
plane with its projected poles is the actual PF. A cubic crystal symmetry
gives rise to 24 crystallographically equivalent stereographic triangles in
the PF which have projections from {001}, {010} and {111} poles as their
corners.

(a) & (b)

100 111

Figure 7. Illustration of stereographic projections in (a) and a PF in (b)
illustrating the 24 equivalent triangles for an fcc unit cell.
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An IPF uses the stereographic triangle defined by the poles (001), (011) and
(111) to express the orientation relation between a forming process
direction, such as the tensile direction, and the crystal coordinate system.
Each corner orientation in the stereographic triangle is designated a color
according to Fig. 7b: red for {001}; green for {101}; and blue for {111}.

Fig. 8 gives an example of how IPF colored maps can be used to follow the
orientation changes in the grains with increasing strain in a medium-nickel
austenitic stainless steel. In these maps, the tensile direction is used to
display the orientation of the grains according to the legend.

101

Figure 8. IPF colored maps of a medium-nickel alloy using the tensile
direction to display the grain orientations according to the legend to the right.
The true strain is 0.6% in (a) and 11% in (b). HABs are colored black and the
step size is 2 um.

4.4 Optimization of SEM and EBSD settings

The beginning of a successful characterization of a microstructure using
EBSD starts with the sample preparation. As EBSD is a surface sensitive
technique it is of utmost importance that the surface is scratch free, has a
minimum relief, is clean and free from additional damage caused by the
preparation method itself [54]. Thereafter follows optimization of the SEM
and EBSD settings, to ensure that as good and accurate information about
the microstructure are extracted during the analysis as these settings have
a great effect on the quality of the EBSD data. Most settings give beautiful
maps and a lot of data but not necessarily data which reveals the true
structure. To ensure maximum scientific value from the EBSD analysis
each new study ought to start with optimization of the settings for the
particular material investigated to find an appropriate sampling strategy.
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Optimization of some important SEM and EBSD settings are addressed in
this section.

As the acceleration voltage and size of the beam spot on the sample surface
have a great impact on the quality of the generated EBSP these SEM
settings are important to optimize. When it comes to EBSD settings, the
significance of different settings differs between different EBSD systems.
A good strategy, regardless of which system is used, is to save all EBSPs
from a small analyzed area and then reanalyze these EBSPs, using different
settings vital for the system used. Examples of the impact of different SEM
and EBSD settings for a deformed sample of 316L are presented in Fig. 9.
Here all EBSPs were saved during the analyses, which were performed in
the same area. The EBSPs were saved, using a binning of 2x2, for analyzes
performed at 15, 20 and 25 kV with an aperture of 60 and 120 um. These
EBSPs were then reanalyzed using different EBSD settings. The results for
the percentage, “hit rate”, and MAD values for the iron fcc phase are shown
in Fig. 9a and b, respectively, for different maximum numbers of bands
used during the indexing process. The use of 25 kV acceleration voltage and
the smallest aperture (60 um) was here proven to be the best choice as it
gave a combination with highest hit rate and lowest MAD value. Increasing
the acceleration voltage and decreasing the aperture size both result in a
smaller probe size [63] which results in better spatial resolution. The use
of more than five bands during indexing resulted in a lower hit rate and an
increasing number of bands also resulted in an increase in the MAD value.
In this case, the use of 5 bands during indexing was the best choice.
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Figure 9. The effect of the acceleration voltage and aperture size on the
percentage indexed and MAD value for the iron fcc phase for different numbers
of detected bands using the software Flamenco from Oxford Instruments.
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The objective for the optimization can be to shorten the time needed to
perform an EBSD analysis. During an in situ tensile test, it is desirable to
be able to perform the EBSD analysis as quickly as possible and still
maintain detailed and accurate orientation mapping. It is also important
to be able to analyze the same area repeatedly, which sometimes results in
an inferior EBSP quality due to the formation of a contamination layer on
the sample surface after exposure to the electron beam. The speed of the
analyses can be increased by using a higher binning level for the EBSPs. As
an example, taken from an analysis of a deformed sample of a medium-
nickel stainless steel alloy, the time per data point for indexing an EBSP is
126, 30 and 13 ms (camera gain 10) and 74, 18 and 8 ms (camera gain 15)
when using a binning level of 2x2, 4x4 and 6x6, respectively. However, the
increse in the binning level results in a reduction of the hit rate and an
increase of the MAD value as shown in Fig. 10a. By reducing the camera
gain from 15 to 10, which lowers the noise level, the negative effects of an
increased binning level can be somewhat compensated. By increasing the
Hough transformation resolution the MAD value can be decreased without
increasing the analysis time, as long as the time for indexing does not
exceed the time for collecting the EBSP, as shown in Fig. 10b.
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Figure 10. The effect of the binning level of the EBSPs on the percentage and
MAD value for the iron fcc phase is presented in (a). The solid and dotted lines
are for a camera gain setting of 10 and 15 respectively. The effect of the Hough
transformation resolution on the indexing frequency and MAD values for the
phase iron fcc is presented in (b). The binning level for the reanalyzed EBSPs in
(b) is 4x4 and the camera gain is 15. The test was performed using the software
AZtec from Oxford Instruments.
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4.5 Post processing of data

The final result from an EBSD analysis is dependent on how data cleaning
and orientation averaging filtering are performed. Some examples of post-
processing are addressed in this section.

4.5.1 Data cleaning

Prior to the characterization of the microstructure a careful noise reduction
of the EBSD data is usually performed. Most standard software include
clean-up routines for removing isolated misindexed and unindexed points
[54]. The misindexed isolated data points are replaced by copies of
neighboring points, see Fig. 11.

Figure 11. Removal of incorrectly isolated points.

Unindexed points, which has a predefined minimum number of indexed
nearest neighbors, are filled with copies of neighboring points. An example
of how the number of unindexed points can be decreased is illustrated in
Fig. 12. This procedure can be performed repeatedly, but according to the
standard ISO 13067:2011 [61], the correction should not be allowed to
increase the percentage indexed by more than ~5%.

N i

[T 1T

Figure 12. Reduction of the number of unindexed data points between two
grains (green and purple). Unindexed data points (black) with at least 5 nearest
neighboring are filled by copies of neighboring points. The cleaning step is
performed 2 times.

4.5.2 Kuwahara filtering

Kuwahara filtering is an edge preserving orientation averaging filtering
method which is sometimes used for post-processing of EBSD data. This
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method is designed to improve the precision of the angular accuracy and is
recommended to be used for characterization of substructures [64].

During Kuwahara filtering, the pixels around a central pixel, which are
going to be smoothed, are divided into a main region of a certain size, e.g.
3x3 as in Fig. 13. This region is further subdivided into four sub-regions
each containing the central pixel. During the filtering the misorientation
for the central pixel in the main region is calculated with every pixel in the
four sub-regions. The central pixel is finally given the value of the mean
orientation of the sub-region which has the lowest overall internal
misorientation. For edge preserving, any pixels with a misorientation to
the central pixel larger than a chosen smoothing angle are excluded during
the filter process.

111 2|2
1(C Cl|2
Sub-region 1 C Sub-region 2
3|C Main region Cl4
3|3 414
Sub-region 3 Sub-region 4

Figure 13. Kuwahara filtering. A main region of 3x3 pixels, with a central pixel
to be averaged, is subdivided into 4 sub-regions of 2x2 pixels, each containing
the central pixel from the main region. The central pixels is assigned the average
orientation from the sub-region with the least orientation spread.

4.6 Grain reconstruction and size measurements

Grain reconstruction is often based on the definition that a grain is being a
region completely bounded by boundaries which have a misorientation
greater than a minimum angle chosen to define the grain boundary.

For an undeformed sample, the choice of misorientation used to define the
grain boundary is usually taken to be in the range 5-15°. As the size
measured increases as the angle increases, it is vital that the chosen
misorientation and procedures used for size measurements are stated with
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the size results [65]. The definition used during size measurements must
usually be modified to be suitable for size measurement in deformed
samples [61]. If only one misorientation along a boundary length fall below
the critical boundary misorientation angle, the two neighboring grains will
then be regarded as one. The option to trace incomplete boundaries by
using an additional lower critical misorientation angle can then be used.
This means that boundaries which do not extend completely to meet each
other, due to changes in the misorientation along the boundary length to
below the defined critical boundary misorientation, are extrapolated using
a lower misorientation angle.

A clear guidance how to choose the settings for grain reconstruction cannot
be given solely by studying the results from grain size and number
measurements obtained by different settings, as illustrated by an example
from a deformed sample of 316L in Fig. 14. The results are given for both
raw and cleaned data. The misorientation to define the grain boundaries
was set to 10° and different lower values for the misorientation used to
trace incomplete boundaries were tested. As is seen in Fig. 14, nothing
reveals which setting best reflects the true microstructure.

2,3 6500
— 221 6000
E 2.1
P L 5500 §
T 2 E
E 5000 =
5 1.9 £
[ B
8 18 4500 (5
o
17 4 4000
1,6 T T T T 3500
0 2 4 6 8 10
Degree traced [°]
—+=— Grain diameter, raw —— Grain diameter, cleaned
——————— Grain number, raw ---¢--- Grain number, cleaned

Figure 14. The effect on grain size and number measurement by using
different ranges between the misorientations used to define the grain
boundaries and to trace incomplete boundaries. The sample of 316L is
deformed at a strain rate of 7340 s to a strain of 0.8 at 950 °C.

A better choice of the settings can be made by visual evaluation of a map
displaying how the different settings detects the grains. This can be done
by coloring the obtained grains in random colors and compare the result
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with the corresponding BC-map. If gaps in the boundaries are identified,
resulting in fusion of neighboring grains, a misorientation profile drawn in
the gap can aid in finding a suitable lower critical angle. Fig. 15 illustrates
this strategy for a deformed sample of 316L (part of the same map which
was used for Fig. 14.). The misorientation between two data points,
indicated by an arrow in the left BC-map, Fig. 15a, is smaller than the
defined misorientation (10°) for a grain boundary. During the size
detection all HABs, including TBs, were regarded as boundaries in this
example. As a consequence, a twin in the recrystallized grain is regarded
as a part of the deformed grain as illustrated by the random coloring of the
detected grains in Fig. 15b. By using a lower critical angle, in this case 5°,
to trace incomplete boundaries, the recrystallized grain is separated from
the deformed grain as shown in Fig. 15c.

Figure 15. Illustration of the effect of tracing an incomplete boundary during
grain reconstruction. The arrow in the BC-map in (a) points out one gap in the
boundary between a recrystallized and a deformed grain. In (b) a critical
misorientation of 10° was used during grain detection resulting in a fusion of
the neighboring grains, while in (c) the incomplete boundary was traced down
to 5°and the two grains were detected as separate grains.

The same procedure, tracing incomplete boundaries, can be used for LABs
when studying the substructure formed by deformation. The
misorientation resulting in LABs reflecting the shading of the deformed
grains in the BC map without adding extra boundaries is the optimal choice
for the misorientation to define the LABs. By comparing the random
coloring of the substructure obtained after the size measurement routine
with the structure revealed by the BC map, an appropriate lower
misorientation to use to trace incomplete LABs can be identified. Fig. 16
shows an example of how the substructure was reconstructed in a sample
of deformed 316L. The shading of the deformed grain in the BC map in Fig.
16a was found to be reasonable well reproduced by boundaries with a
misorientation >2° as shown in Fig. 16b. However, the use of only one
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misorientation to define the LABs did not result in entirely enclosed
entities, as seen by the random coloring in Fig. 16c. By using the option to
trace incomplete boundaries down to 0°, a substructure which reflects the
shading in BC map was obtained, Fig. 16d. The resulting enclosed entities
was defined as being “subgrains”.

Figure 16. Reconstruction of the substructure ina deformed sample of 316L
The BC-map in (a) is used with thin black LABs with a misorientation of >2° in
(b). The random coloring of the substructure when using 2° during the size
measurement routine is seen in (¢) and when tracing incomplete LABs down to
0°in (d).

For size measurements, a minimum number of data points in a grain has
to be set. The recommended number differs, 8 data points per grain has
been recommended [58] but according to the standard ISO 13067:2011
[61] all grains >10 pixels in area should be included. For gaining knowledge
about the deformation however, omitting these smaller grains and
subgrains will result in loss of important information for understanding
the deformation process as shown in Paper III for the investigation of the
size distributions after high strain rate deformation of 316L.

4.7 Quantification of boundaries

A good way to evaluate the microstructure, without having to depend on
grain or subgrain reconstruction, is to determine the boundary density.
The boundary density is defined as the total boundary length for a specific
misorientation range, divided by the studied area. It is an average which
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can be used to study the microstructure evolution as it is the boundaries
which control many aspects of the evolution, not the grains themselves
[66]. One important aspect to bear in mind when comparing results from
different investigations is that the step sizes used during data acquisition
are equal since the step size affects the measured boundary density.

It is advantageous to report the quantity of a certain boundary as the
boundary density instead of as a fraction of the total grain boundary length,
as exemplified in Fig. 17. Here the evolution of the TBs with increasing
strain is illustrated for a sample with annealing twins present in the
undeformed sample. The advantage with reporting the TB density is that it
is clearly shown that the total length of the TBs actually increases with
increasing strain after an initial small decrease due to the loss of twin
integrity of the annealing twins. The increase is a consequence of formation
of deformation twins. By reporting the result as the fraction of TBs of total
length of HABs, the TB content is affected not only by the loss of twin
integrity of the annealing twins but by the total increase in the HAB length
caused by grain fragmentation and formation of new deformation induced
HABs. Instead of showing that the total content of TBs has increased
drastically during the deformation, the results reported as the fraction of
total length of HABs can be misinterpreted as a reduction.
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Figure 17. The twin boundary evolution with increasing strain illustrated by
the TB density and the percentage of TBs of the total HAB length in a medium-
nickel stainless steel.
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5 Experimentally studied deformation
structures

By increased knowledge of the evolution of the substructure during
deformation, the design and control of the manufacturing process can be
improved. Characterization and quantification of the deformation
structures is essential in order to build accurate physically based models
for strain hardening and thus enabling alloy design at a new level of
adequacy for the product properties. This chapter focuses on
characterization of the evolution of the microstructure and texture during
deformation using the EBSD technique. It begins with qualitative and
quantitative characterization of the microstructure with increasing strain
by evaluation of boundary- and local misorientation maps.

Thereafter follows a section based on how size measurements gives
information of the evolving microstructure during deformation. Grain and
subgrains are reconstructed using HABs and LABs and recrystallized
grains are identified based on the average misorientation in the grains. The
changes in the size distribution of subgrains after deformation show an
important correlation between the number of subgrains and strain.

Finally, the texture evolution after deformation are evaluated using IPF
colored maps and IPs and by using misorientation profiles. By performing
in situ tensile tests the texture evolution in individual grains are possible
to follow.

The results contribute to the understanding of the active deformation
mechanisms in the investigated stainless steels. Differences in the
observed microstructures, such as the occurrence of deformation twins,
correlates well with differences in the SFE. It was also shown that the
governing deformation mechanism of individual grains depends on grain
orientation.
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5.1 Substructure evolution during deformation

5.1.1 Evolution of HABs and LABs

Performing in situ tensile tests in the SEM in combination with the EBSD
technique give the opportunity to follow the microstructure evolution in
individual grains with increasing strain (Paper IV and V). By using
boundary maps, the heterogeneous distribution of LABs inside the grains
can be viewed. In Fig. 18, the evolution of the boundary structure in a
sample of the high-nickel alloy (Paper IV), composition given in Table 1, is
shown after deformation to different strain levels. The maps are all of equal
size and show approximately the same area after each deformation step.
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Figure 18. EBSD boundary maps acquired for the high-nickel alloy with a step
size of 2 um. The LABs are shown in light blue, the HABs in dark blue and the
TBs in red. Unindexed points are colored black. The strain level is indicated in
the upper right corner of each map and the tensile direction is horizontal in all
maps.

Most LABs starts to form in the vicinity of grain boundaries while others
form inside the grain interior. With increasing strain short segments of
LABs gather together forming broader structures extending parallel to
grain boundaries or through the whole grains. The LAB structures
extending through the grains may be transition bands separating parts of
the grains which rotates in different directions, forming deformation bands
[2]. The tangled regions of LABs in the vicinity of the grain boundaries
represent regions with high density of geometrically necessary dislocation
ensuring good compatibility between neighboring grains. For some of the
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LABs the misorientation angle increases with increasing strain leading to
the development of new HABs, so called deformation induced boundaries.

The deformation, illustrated in the maps in Fig. 18, can also be followed by
measuring the changes of the misorientation angle distribution as shown
in Fig. 19. There is a shift towards larger misorientation angles and an
increase of the numbers of misorientations in the LAB range 2-10° with
increasing strain for strains >9.5. This shift towards larger misorientation
results in the evolution of LABs into HABs, leading to subdivision and
fragmentation of the grains.
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Figure 19. Boundary misorientation evolution for the high-nickel alloy in the
range 2-20° with increasing strain. The black arrow indicates the increase in the
number of misorientation and shift towards larger angles with increasing
strain.

5.1.2 Evolution of twins

The effect of tensile load on annealing twin boundaries has been studied in
the high-nickel alloy (Paper IV). An area including annealing twins was
repeatedly analyzed after deformation to different strain levels using a step
size of 0.2 um, see Fig. 20. The texture component with the direction <101>
parallel to the tensile direction dominated in the undeformed area which
is an orientation which results in large resolved shear stresses on the most
favorable slip system. The twin in the center of the map is elongated in the
tensile direction with increasing strain, and a rotation in the middle of the
twin is noticed by the color change in the IPF colored map in Fig. 20e. At a
strain of 14.3% major parts of the twin boundaries which runs in an almost
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parallel direction to the tensile direction have lost their twin integrity while
the boundaries which run in a direction at large angle relative to the tensile
direction is almost unaffected. Slip lines, which are made visible by the
band contrast in the EBSD maps, Fig. 20a-c, and in the forescatter detector
(FSD) image, Fig. 20d, intersects the parts of the annealing twins which
lost their twin integrity while pass almost parallel to the ones that still
maintain the twin integrity. The loss of the twin integrity is due to the
formation of dislocation pile ups and the generation of geometrically
necessary dislocations near the boundary which disturbs the twin
relationship. LABs are formed in the vicinity of the former annealing twins,
lined up parallel to the slip lines, indicating a high dislocation activity. Slip
lines in different direction are visible in the FSD image (d) in the annealing
twin in the center of the image indicating simultaneous deformation on
different slip systems.

(a) [0%

Figure 20. Illustration of the same area in the high-nickel alloy, containing
annealing twins, at different strains. BC- maps in (a-c), an FSD image in (d) and
an IPF colored map in (e) with the color legend in (f). All EBSD maps display
HABs in black, TBs in red and LABs in light blue.

The evolution of deformation twinning with increasing strain was
investigated in the medium-nickel alloy (Paper V). Two different areas
were selected for examination; Site A, Fig. 21, was selected since it
contained grains of different orientations and Site B, Fig. 22, for showing
signs of twinning in the BC maps acquired with a step size of 2 um. Small
maps were collected after deformation to different strain levels, using a
step size of 0.1 um.
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The FSD image for Site A in Fig. 21f show a lot of lines in the grain oriented
with <101> parallel to the tensile direction (see IPF colored legend in Fig.
20f) at 2.3% strain of which some are identified as being deformation twins
in the EBSD maps in Fig. 21b. After straining to 4.9% the grain is seen to
have started to rotate towards an orientation with the direction <111>
parallel to the tensile direction and more and thicker deformation twins
are identified. At 4.9% strain deformation twins are also identified in the
initially blue colored grains oriented with <111> parallel to the tensile
direction. Inside the deformation twins, the direction <001> is parallel to
the tensile direction.

Figure 21. IPF colored maps (a-c) and FSD images (d-f) for the medium-nickel
alloy showing the evolution of deformation twins in Site A with strain. All EBSD
maps display HABs in black, TBs in yellow and unindexed points in white. The
strain level is indicated in the upper right corner of each figure and the tensile
direction is horizontal in all figures.

Deformation twins were also detected at a strain of 2.3% in the blue colored
grain, with the direction <111>parallel to the tensile direction, in Site B,
Fig. 22. The deformation twins continue to grow in length and thickness
and new ones are identified as the strain is increased. Deformation twins
also start to form in the green colored grain with the direction
<101>parallel to the tensile direction. At 14.0% strain deformation twins
are formed in new directions, growing between the initials twins. The
orientation inside all deformations twins corresponds an orientation with
the direction <001> parallel to the tensile direction.
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Figure 22. IPF colored maps (a-c) and FSD images (d-f) for the medium-nickel
alloy showing the evolution of deformation twins in Site B with strain. All EBSD
maps display HABs in black, TBs in yellow and unindexed points in white. The
strain level is indicated in the upper right corner of each figure and the tensile
direction is horizontal in all figures.

5.1.3 Evolution of boundary density

Boundaries are to varying degree obstacles to moving dislocations
depending on their misorientation. The formation of low angle boundaries
and the fragmentation of grains are important factors controlling the
hardening during plastic deformation. By quantifying the content of LABs,
HABs and TBs, the understanding of their relation to mechanical
properties and deformation mechanisms improves.

The evolution of the microstructure with increasing strain was evaluated
quantitatively by using boundary densities [66]. The boundary densities in
maps, acquired using equal step size, were evaluated for both the medium—
and high-nickel alloy (Paper IV and V) and for the duplex stainless steel
(Paper VI) and are shown in Fig. 23.
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Figure 23. Boundary densities. Comparison of the evolution of the boundary
density in surface grains for the medium- and high-nickel alloy (a, b) and for
the two phases in the duplex stainless steel (c). Densities of HABs and TBs in
(a) and of LABs in (b) and (c).

The evolution of the HAB and TB density in surface grains differ between
the high and medium nickel alloy with increasing strain. The larger
increase in the HAB density seen in the medium-nickel alloy in Fig. 23a is
a result of deformation twinning in addition to the increase caused by the
formation of deformation induced HABs. In the high-nickel alloy, the TB
density decreases with increasing strain as the annealing twins lose their
twin integrity and no deformation twins are formed.

Initially there is only a small increase of the LAB density in surface grains
for the high- and medium nickel alloys with increasing strain but at higher
strains there is an almost linear increase with increasing strain for both
alloys as seen in Fig. 23b. The increase in the LAB density is however quite
modest in the high-nickel alloy compared to the medium-nickel alloy.

Boundary densities were also evaluated for the LABs in bulk grains in the
duplex stainless steel (Paper VI) for comparison of the evolution of the
deformation structures in the austenitic and ferritic phases after tensile
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and cyclic tensile/compression tests. As can be seen in Fig. 23c¢, no
differences are observed for the evolution of LABs between austenite and
ferrite in the duplex stainless steel investigated even though more slip
systems are available in ferrite.

5.1.4 Local misorientation

By using a local misorientation map the substructure can be studied in
more detail than is possible by using boundaries, which requires a
minimum critical misorientation between neighboring pixels to be
detected. The local misorientation map displays smaller orientation
changes, which highlights regions of higher deformation. In Fig. 24 the
substructure in the duplex stainless steel (Paper VI) is illustrated by a
boundary map in Fig. 24a, and by a local misorientation map in Fig. 24b.
Both phases show increased content of LABs and increased local
misorientation in the vicinity to grain and phase boundaries as well as in
the interior of the grains. The formation of deformation bands within the
grains is seen in both maps but more information of the substructure on a
finer scale is given in the local misorientation map. Both maps illustrate
well the heterogeneous deformation of the grains of both phases.

Figure 24. Substructure in the duplex stainless steel deformed to a strain of
0.24. The phase and boundary map in (a) show phase boundaries and all
boundaries with a misorientation >1° by thin black lines and bcc in grey and fcc
in white. The local misorientation is illustrated in the map in (b) with coloring
corresponding to the legend below. The tensile direction is vertical in the maps
and the step size is 0.05 um.
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5.2 Size measurements

5.2.1 Grain and subgrain size changes during deformation

The grain size is an important parameter which affects the hardening
behavior of a material since the grain boundaries are impenetrable
obstacles for dislocations. The quantification of grain and subgrain sizes
enables the development of good physically based models for strain
hardening by providing measured values for verification. The average size
of grains and subgrains were measured in wire rods of 314L collected after
each roll pass in the wire rod block (Paper II).

In this study a grain was defined as being completely surrounded by
boundaries with a misorientation >10°. The grains were also divided into
recrystallized and deformed, by defining a recrystallized grain as a grain
having a mean internal misorientation <3°. In the deformed grains the
sizes of subgrains were determined using boundaries with a misorientation
>1°. In Fig. 25a a map of the sample after roll pass seven shows how
recrystallized grains grow into one deformed grain.
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Figure 25. The evolution of the microstructure in 304L during wire rod rolling.
The map in (a) shows how recrystallized grains (purple) grows into a deformed
grain (grey). HABs (>10°) in black and LABs (>1°) in white. The diagram in (b)
shows the grain and subgrain sizes after each pass in the wire rod block.

The diagram in Fig. 25b shows the grain and subgrain sizes after each pass
in the wire roll block. The grain size for all grains (>10°) decreased from
6.5 um after the first roll pass down to a final size of 2 um after the fourth
roll pass. Deformed grains decrease in size after each pass and were
detected and measured after each of the first five roll passes. For the last
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three roll passes the number of deformed grains was less than 200 and no
sizes were determined. For the same reason, no sizes were reported for the
recrystallize grains after the first two roll passes.

The subgrain size was found to adopt an almost constant size of 0.9 um
from the second roll pass even though the strain increased after each roll
pass up to a final accumulated strain of 1.0 after the fifth roll pass.

5.2.2 Recrystallization during hot working

As recrystallization lowers the dislocation density, it makes the material
softer. Knowledge about the recrystallized fraction is thereby important for
controlling the process parameters during wire rolling. The recrystallized
fraction was measured after each roll pass in the wire rod block (Paper II).
It was defined as the area of the recrystallized grains relative to the total
grain area, see Fig. 26.

After the first two roll passes almost all grains were defined as being
completely deformed. A significant amount, ~4%, of recrystallization was
first detected after the third roll pass. The obtained accumulated strain of
0.6 after the third roll pass was apparently sufficient to meet the critical
deformation condition for recrystallization [2]. After roll pass 4 and 5 the
recrystallized fraction increased to ~26%, and after the three last passes
the recrystallization was almost complete. The kinetics of recrystallization
are accelerated for smaller initial grain sizes [2] and by an increased
temperature, due to adiabatic heating caused by the very high strain rates
[67], which can be an explanation to why an accumulated strain of 0.2 after
roll pass 6 and 7 respectively was sufficiently high to initiate
recrystallization.
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Figure 26. The recrystallized fraction in 304L after each roll pass in the wire
rod block.

The results of the grain size evolution and the recrystallized fraction from
the wire rod rolling experiment (Paper IT) were used for validation of a
model for the microstructure development during hot working [67].

5.2.3 Size distributions

The grain size distribution is important for the mechanical properties of
polycrystalline materials [68] and was examined for 316L deformed at high
strain rates at room temperature and at 500 °C to different strains (Paper
III). A bimodal lognormal distribution function was found to give a good
fit to the experimental distribution for the sizes of grains and subgrains
evaluated using boundaries with a misorientation >10° and >2°
respectively. Fig. 27 shows the cumulative distributions of the
experimental data and the corresponding fitted distributed functions for
deformation at room temperature. Here boundaries with a misorientation
>2° were used during the size determination. These size distributions show
that the sizes of the larger grains and subgrains decreases with increasing
strain and strain rate while the number of smaller grains and subgrains
increases. The distribution curves clearly shows that fragmentation and
subdivision of the grains are an important deformation process.
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Figure 27. Cumulative size distribution for samples of 316L deformed at room
temperature. The legend defines the strain (g), the strain rate (r) and the
temperature (T) for the samples.

A vertical line for the size representing the equivalent circle diameter of 10
pixels are included in Fig. 27. This line shows the limit, routinely used for
recrystallized grains, for the minimum grain size included during size
measurement [61]. If the same requirement of a minimum of 10 pixels is
used during size calculations for deformed samples, important information
for understanding the deformation process will be lost.

The size distribution, using LABs with a misorientation >2 ° during line
intercept measurements, for the high and medium nickel alloys were also
found to be described by bimodal lognormal functions [69].

5.3 Deformation textures

Several properties of a metal polycrystal are anisotropic and the texture
evolution during deformation is of importance both during the
manufacturing process as well as for the final product. The texture
evolution during wire rod rolling (Paper II) was evaluated using IPF
coloring. By using IPF colored maps, information of the orientation of
individual grains can be obtained. In Fig. 28, smaller parts of the maps,
acquired after each successive roll pass are shown. The odd numbered
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passes had oval grooves and even numbered had round grooves. For the
oval passes, the compression direction is parallel to the vertical axis of the
maps. After the oval passes the larger grains are colored green which
means that they are rotated with a direction <101> parallel to the
compression direction, which is in accordance with what can be expected
after compression of a sample with an fec crystal symmetry. After the last
three roll passes, the coloring reveals that the texture is nearly random as
a result of an almost complete recrystallization after each roll pass.

Figure 28. IPF colored maps for 304L after each successive roll pair. The roll
pass with odd numbers has oval grooves and even numbers has round. The
tensile direction is parallel to the map plane normal and the coloring shows the
orientation in the vertical direction in the maps according to the legend in Fig.
20f.

By following the texture development using IPFs as in Fig. 29, a
quantification of the strength of the texture can be obtained. The strength
is given in terms of multiples of uniform density (MUD) which expresses
the clustering of poles relative to that from a random distribution. The IPFs
in Fig. 29 show that the crystal orientation with the direction <101>
parallel to the compression direction dominates after the oval passes 1, 3
and 5, with a maximum MUD value of 3 after roll pass 1.
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AA)

101
Undeformed Pass 1 Pass 3 Pass 5 Pass 7

Figure 29. IPFs for 304L for the undeformed sample and for samples collected
after the oval shaped roll passes showing the compression direction in the
crystal coordinate system.

A fiber texture with the component <101> parallel to the compression
direction was also obtained for the stainless steel grade 316L after
compression to a strain >0.5 at high strain rates at both room temperature
and at 500 °C (Paper III) as illustrated in Fig. 30. An interesting difference
between the texture evolutions at the different temperatures was found.
The texture component <111> parallel to the compression direction
dominated over <001> at room temperature while the opposite relation
was found for the samples deformed at 500 °C. The component <001> also
dominated over <111> in the deformed grains during wire rod rolling at
temperatures >900 °C as seen in Fig. 29 Pass 1, 3, 5.

@) (b)
001

1M1
101

Figure 30. IPFs illustrating the fiber texture in 316L after compression at high
strain rates to a strain >0.5 at room temperature (a) and at 500 °C (b).

Formation of deformation bands was clearly observed in the stainless steel
grade 316L in some of the larger grains after deformation at high strain
rates at both room temperature and 500 °C (Paper III). Alternating
sections of the texture components with <010> and <111> parallel to the
compression direction illustrates the rotation of different parts of the grain
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towards different directions, as shown by the IPF coloring in Fig. 31a. Some
of the deformation bands are separated by deformation induced grain
boundaries [2], as the orientation changes between them are sharp. The
misorientation profile in Fig. 31c illustrates the misorientations along the
white line drawn in one of the grains in the map in Fig. 31a.

Deformation bands, extending through whole grains, were also observed
to evolve during tensile loading of the high-nickel alloy (Paper IV). There
is a gradual orientation change between the deformation bands which can
be described as transition bands [2]. This subdivision of the grains is
illustrated by the different IPF coloring of the grain in the lower right
corner in Fig. 31b. The orientation changes along the white line in the grain
are illustrated by the misorientation profile in Fig. 31d.
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Figure 31. IPF colored maps (a, b) and misorientation profiles (¢, d)
illustrating deformation bands. The sample in (a) and (c) is 316 L deformed to
a strain of 0.7 at 9000s™ at room temperature by compression. The sample in
(b) and (d) is the high-nickel alloy strained to 0.19 at room temperature during
in situ tensile loading. The IPF coloring displays which crystal direction is
parallel to the deformation direction which is vertical in (a) and horizontal in
(b). The step size in the maps is 0.2 pm.
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The rotation of individual surface grains was also studied during in situ
tensile tests of the high- and medium-nickel alloys (Paper IV and V).
Subsets were created containing the data collected for a specific grain at
different strains. The rotation of the grain with strain can then be followed
by its changes of IPF colors. Fig. 32 illustrates the contribution from one
individual grain to the evolution of the double fiber texture with <111> and
<001> parallel to the tensile direction in the medium-nickel alloy. The
initial orientation of the grain with <101> parallel to the tensile direction
changes with strain, by slip and by twinning, to bring <111> and <001>
parallel to the tensile direction.

€=0% £=48% €=72% €=109% €=18.2%

001

b
oKl
101

100 pm
I

Figure 32. Orientation changes in a surface grain in the medium-nickel alloy
with increasing strain illustrated by IPF coloring according to the IPF legend to
the right. The tensile direction is horizontal in the figure and the step size is 0.1
pm.
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6 Relation between microstructure and
mechanical properties

In this chapter some of the results from the current work regarding the
relation between the microstructure and mechanical properties will be
presented. It begins with examples on how the Schmid and Taylor factors,
which relate the resolved shear stress to the applied load, can be used to
illustrate changes in the microstructure caused by an applied tensile load.
It is followed by a section which describes the deformation behavior in
surface and bulk grains. The next two sections correlate the strain
hardening to the evolution of the LAB density and to the average size of
small subgrains, respectively. Finally, the chapter ends with an example
which demonstrates the relation between a hardness profile in a high
strength steel and the phase distribution of austenite and o’-martensite.

6.1 Schmid and Taylor factor evaluations

As described in chapter 3, the Schmid factors give information on the
resolved shear stress on a slip system and are also used to obtain the Taylor
factors. The latter are directly influencing the strain hardening and an
increasing factor increases dislocation generation and also directly
increases strain hardening.

Changes in the Schmid factor reflects how orientation changes in a point
affects the propensity to slip on the most highly stressed slip system for a
particular slip system. Fig. 33 illustrates how the evolution of individual
texture components in the medium-nickel alloy contributes to the average
Schmid factor for the complete data set (Paper V). Only a slight decrease
of the average Schmid factor for slip on {111}<1-10> was obtained with
increasing strain in spite of large changes in the overall texture. This is due
to the counteracting contributions from the different texture components.
The increase of component <001> parallel to the tensile direction increases
the Schmid factor whereas the increase of component <111> and decrease
of <101>, both parallel to the tensile direction, contribute to lower the
Schmid factor for the complete data set.
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Figure 33. The evolution of different texture components in surface grains of
the medium—nickel alloy with strain. The texture components are illustrated by
solid lines and markers. The lines without markers represent the average
Schmid factors for the texture components and for the complete data set.

The deformation of individual grains with increasing strain was evaluated
using calculations of the Taylor factor for the individual data points in the
grain. During the in situ tensile test of the high-nickel alloy (Paper IV), it
was found that rotations in different directions in different parts of a grain
can lead to grain fragmentation. The deformation of a grain with increasing
strain is shown in Fig. 34 where the coloring is based on the Taylor factor
calculated for the individual data points in the grain. This coloring shows
how the propensity for slip is affected by the rotational changes within the
grain. In the part of the grain with a high Taylor factor, slip is more
restricted because lower resolved shear stresses are acting on the slip
systems. In the other part of the grain, with a lower Taylor factor, slip is
instead more favored. The Taylor factor differs greatly in different parts of
the same grain; at strains >9.5% the Taylor factor varies from ~3.1to ~3.6.
However, the average Taylor factor in the grain only increases slightly with
strain, from 3.45 in the undeformed grain to 3.54 at a strain of 27.5%. The
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two evolving parts have clearly distinct glide properties, as viewed by the
differences in their Taylor coloring, indicating that different combinations
of slip systems are active in the different parts. The ability to use different
slip systems during deformation is of great importance to be able to meet
the compatibility conditions in a polycrystal during plastic deformation.

(@) (b) (c) (d)
5 £ 0% £ 9.5% €:14.3% £ 23.6%
\m: 3.454 m: 3.504 m 3.522 m: 3.533

20 pm 31 315 32 325 33 335 34 345 35 355 36 365
I [ |

Figure 34. Deformation of a grain in a high-Ni austenitic stainless steel. The
subdivision of the grain with increasing strain is illustrated by EBSD maps using
coloring according to the Taylor factor (3.1-3.68) scale at the bottom of the
figure.

6.2 Deformation behavior in surface and bulk
grains

The mechanical properties differ in the bulk compared to the surface.
During in situ tensile tests, surface grains are studied whereas bulk grains
are usually studied after conventional tensile tests. According to early
studies of single crystal deformation, dislocation generation from surface
sources requires only about half of the stress needed for dislocation sources
located in the interior of a single crystal [70]. A layer close to the surface of
a single crystal will also be more strain hardened than the interior because
secondary slip systems will also be activated at lower stresses near the
surface [71].

In order to compare the evolution of the microstructure with increasing
strain in surface and bulk grains (Paper V) the boundary densities [66],
from maps acquired using equal step size and analyzed area, were used as
illustrated in Fig. 35.
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Figure 35. Comparison of the evolution of the boundary density in surface and
bulk grains in a medium—Ni alloy with increasing strain. Densities of LABs in
(a) and of HABs and TBs in (b).

The strain level needed to initiate the larger increase in the LAB density
was found to be higher in the bulk grains than for the surface grains; linear
increase occurs for strains =10% in the bulk grains and for strains >4.5%
in the surface grains, Fig. 35a. This is an effect of a higher degree of
freedom for the surface grains to adapt to the applied stress due to the
absence of neighboring grains in one direction which make it easier to meet
the constraint condition. This is also in agreement with the explanations
for dislocation slip in single crystal which stated that the stress needed for
dislocation generation at surface sources is half that for an interior source
of equal length [70, 71].

Even the formation of HABs and TBs starts at lower strain for the surface
grains compared to in the bulk grains. The HAB density also shows a linear
increase with increasing strains for both alloys but at a lower rate than for
the LAB density as seen in Fig. 35b.
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6.3 Relation between strain hardening and
evolution of LABs

One of the objectives during the work with the high and medium nickel
alloys (Paper IV and V) was to study deformation structures and strain
hardening behavior. As the SFE for the two alloys differs so do the
deformation mechanisms. The high-nickel alloy, with an SFE of ~30
mdJ/mz2, was found to deform by slip whereas the medium-nickel alloy, with
an SFE of ~17 mJ/m?, deformed by slip and twinning. In addition, the
evolution of the LAB density with strain differed significantly between the
two alloys as presented in Section 5.1.3. In this section the strain hardening
behavior is correlated to the evolution of LABs with increasing strain.

At low strains, only a slight increase in the LAB density was noticed for
both alloys. During this period the substructure consists of a dislocation
network, a Taylor lattice, which successively densifies with increasing
strain. Initially, the orientation changes caused by the increasing
dislocation density in the crystal lattice do not create sufficiently high
misorientations between neighboring points in the EBSD map to be
detected as LABs.

At larger strains, the increase in the LAB density is significantly greater
with increasing strain in both alloys even though the increase is
considerably larger in the medium-nickel alloy. IDBs are formed which
create sufficient misorientation to be detected as LABs, and cause a larger
increase in the LAB density with increasing strain. As the straining
continues GNBs are formed which also contribute to an increased LAB
density.

The increase in the LAB density at higher strains in the high-nickel alloy
correlates with the transition from a region with a constant (Stage II) to a
region with a decreasing (Stage III) strain hardening rate, see Fig. 36. The
transition is explained to mark the onset of cross slip which is a thermally
activated process. Cross slip enables the formation of LABs with larger
misorientations due to a higher content of dislocations. The increase in the
boundary misorientations will however not contribute to an increased LAB
density. The increase in the LAB density is also counteracted by
annihilation of screw dislocations which is achieved by cross slip.

For the medium-nickel alloy the initial drastic drop in the strain hardening
rate at low strains was followed by a slower continuously decreasing rate
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of hardening as seen in Fig. 36. The extensive increase in the LAB density
with increasing strain at higher strains is concluded to be the main cause
for the maintenance of a high strain hardening rate with increasing strain.
The reduced ability for cross slip due to a lower SFE, compared to the high-
nickel alloy, decreases the possibility for dynamic recovery by annihilation
of dislocations which otherwise would lead to a reduced strain hardening
rate. As a consequence, the LAB density increases more with increasing
strain for the medium-nickel alloy.
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Figure 36. Strain hardening rate curves for the high- and medium nickel
represented by their moving average trend lines.

6.4 Relation between hardening and size of small
subgrains

As shown in Section 5.2.3, the grain and subgrain size distribution of 316L
could be well described by a lognormal bimodal distribution function and
the number of small subgrains increased with increasing strain (Paper I1I).
In this section a relation between the average size of the fraction of small
subgrains and the initial linear strain hardening part of the stress-strain
curves is shown.

The mean free distance for dislocation slip, L, is proportional to the grain
size at low dislocation density p [72] and to the subgrain size at high [73].
In Paper III, the strain dependence of L was illustrated by using the
experimental values for the average size of small subgrains from the
bimodal size distribution as a measure of L as shown in Fig. 37.
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Figure 37. Illustration of the strain dependence of the mean free distance for
dislocation slip, L, in 316L using the average size for the small subgrains from
the bimodal distribution as a measure of L.

By assuming that 1/L is equal to vp/k and that cross slip and climb do not
occur, the slope of the initial linear part of the fitted curves in Fig. 37 were
used to obtain k. The slope in linear stage of hardening cold then be
calculated at room temperature and at 500 °C respectively. The relation
was found to accurately describe the linear part of the stress-strain curve
(Paper III) as shown by the black lines in Fig. 38. This means that the linear
strain hardening of the stress-strain curve can be described by the strain
dependence of the average size of the small subgrains from the bimodal
size distribution.
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Figure 38. Stress-strain curves from the SHPB tests performed on 316L by
Wedberg and Lindgren [74]. The legends describes the strain (¢), strain rate (r)
and temperature (T) for the test samples (S). The straight black lines show the
hardening as obtained from the variation of L with strain, dashed lines for room
temperature and solid lines for 500 °C.

6.5 Relation between hardness and phase
distribution

Heat treatment and deformation affect the microstructure in ways which
alter the hardness of a material. The great advantage with hardness
measurements is that it is a fast, easy and inexpensive method to measure
the resistance to localized plastic deformation which can be used to detect
changes in the microstructure. However, hardness measurements cannot
be used to measure changes in grain size or phase distribution. In Paper I,
EBSD measurements of the phase distribution in a rolled formed high
strength stainless steel were compared to hardness measurements. The
high strength stainless steel had been partially heated in the forming area
prior to roll forming. The heating was supposed to result in a
transformation of a’-martensite to austenite to increase the ductility in the
forming area. After roll forming the heated area was supposed to regain
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some of the lost strength by phase transformation from austenite to o’-
martensite.

The hardness profile from the bent area, measured from surface to surface
in the normal direction, showed a decreased hardness in the middle of the
steel sheet compared to that in the vicinity of the surfaces. By using EBSD
the changes in the phase distribution in the bent area could be measured.
A good correlation was found between the hardness measurement and the
volume fraction of a”-martensite as shown in Fig. 39.
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Figure 39. The hardness profile, open circles, and the volume fraction of a”-

martensite, black squares, measured in the normal direction from surface to
surface from the outer radius. Hardness profile from [75].
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7 Concluding remarks and future prospects

The intention with this thesis has been to characterize, both qualitatively
and quantitatively, the deformation structures in stainless steels by the use
of EBSD. The increased knowledge of the relation between chemical
composition, SFE, active deformation mechanisms and evolving
substructure during deformation provides valuable data which can be used
for development and validation of physically based models for strain
hardening and the incidence of deformation twinning. The data has been
used for modelling microstructure development during hot deformation of
304L [67] and strain hardening during cold deformation of 316L (Paper
III) and the medium and high nickel alloys [69].

By taking advantage of the great possibility to cover large areas by EBSD
during the study of deformation structures, the statistical significance is
increased for the measured values of:

e grain and substructure sizes (Paper (I-11I)
e recrystallized fractions (Paper II)
e phase distributions (Paper I)

¢ LAB and HAB development with strain, including
deformation twinning (paper IV-VI).

A decrease in the SFE has in addition to slip (Paper IV) been seen to first
activate deformation by twinning (Paper III, V) and then by martensitic
transformation (Paper I).

The grain size distribution was proven to be well described by a bimodal
log normal distribution function. The average size of small grains and
subgrains, defined by a misorientation of the boundaries of >2°, was shown
to correlate with the mean free distance of dislocation slip and to the strain
hardening (Paper III).

The significantly larger increase of the LAB density with increasing strain
for the medium-nickel alloy (Paper V) compared to the high-nickel alloy
(Paper 1V), is concluded to be the main reason for maintaining a high strain
hardening rate up to strains close to necking. The lower SFE for the
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medium-nickel alloy reduces the ability to cross slip and thereby the
annihilation of dislocations. The lower SFE also favors the formation of
deformation twins which reduces the slip distance, leading to a hardening
similar to the Hall-Petch relation.

The difference noticed between surface and bulk behavior is explained by
the difference in the deformation constraint condition due to surrounding
grains and free surfaces and that the strain needed to initiate twinning at
the surface is much smaller than in the bulk (Paper V). The incidence of
twinning correlates well with models for the twinning stress based on the
separation of Shockley partials [69].

There are still challenges before the relation between the chemical
composition, SFE and microstructure evolution during deformation is
completely understood. There are also challenges left to improve the
knowledge of the relation between the deformation structure and the strain
hardening behavior in stainless steels. Some of the challenges are listed
below:

e There is a limited number of experimental studies on the relation
between the SFE in stainless steels and active deformation
mechanisms. The combination of in situ deformation tests and
EBSD studies of the evolving substructure provides good
opportunities to expand the knowledge of this relation.

e To study the grain subdivision and fragmentation in relation to the
SFE and to correlate this to differences in grain and subgrain
distribution to further investigate the influence of the distribution
on the deformation behavior.

e To develop new and to improve existing physically based models
for modeling of the microstructure evolution and strain hardening
behavior in stainless steels based on the SFE and using grain and
subgrain size distributions as a measure of the mean free distance
of slip.

e To compare the deformation structures obtained by EBSD with
other SEM based methods, for example electron channeling
contrast imaging (ECCI).

e To further investigate the influence of temperature on the SFE and
the resulting deformation structures and mechanical properties.
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