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Abstract 

Light optical- , electron microscopy and Charpy-V-notch testing is used 

to characterize a number of different Ti-microalloyed steels, con

taining various alloying additions including high and low levels of 

nitrogen, and a Nb-steel is used as a comparison. The steels are 

studied in both the as-received and weld simulated conditions. Par

t icular emphasis is placed on measuring the particle size distribution 

and chemical compositions of the complex carbides and nitrides formed 

in these steels, and this is carried out on extracted particles using 

quantitative STEM-EDX microanalysis. 

I t is found that while individual particles inevitably reflect the 

compositions of the steel in which they have formed, the relative 

amounts of the various metallic elements present in particles are very 

much a function of the prior thermal treatment of the alloy. Thus, 

weld thermal cycling treatments substantially change particle com

positions compared to the as received (rolled or normalized) condi

tions, and even the energy input of the welding process is of impor

tance in this respect. As a general rule, TiN-containing steels pro

vide for good grain growth control during weld cycling, although the 

presence of additional alloying elements in the particles may affect 

particle stabil i ty in a complicated way. It is shown that equilibrium 

thermodynamics can be used to make reasonable predictions of particle 

compositions provided the prior heat treatment is such to allow the 

particles to remain near their equilibrium condition. In certain 

cases, as in weld thermal cycling, this is not possible and i t is then 

necessary to take the diffusional kinetics of individual elements in 

particles into account, i f compositional changes are to be understood. 
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1. INTRODUCTION 

Modern high strength low alloy (HSLA) steels are essentially based 

upon having a fine grain structure. This is achieved by selecting a 

processing route which provides for an extremely fine dispersion of 

very small, stable carbides and/or nitrides which effectively hinder 

austenite grain growth. The chemistry and stabi l i ty of these carbides 

and nitrides depend of course on the amount, type and number of 

alloying elements present, as well as on the processing history of the 

s tee l . Since most commercial HSLA-steels contain at least two carbide/ 

nitride-forming metallic additions, i t is generally assumed that the 

carbo-nitride formed also contains two (or more) metallic elements. 

However, at the time the present work begun, very few results had been 

published concerning the chemistry and stabi l i ty of these complex 

carbo-nitrides, and in al l the standard text books on the subject, 

carbo-nitride stabi l i ty and behaviour were invariably based on simple 

binary (single metal) part icles. Even today, several years later , we 

can s t i l l only cite two or three papers, in addition to our own work, 

in which serious attempts have been made to study the chemistry and 

stabi l i ty of complex carbo-nitrides. However, i t has to be accepted 

that the task is a fair ly formidable one. To be done properly, the 

following is required: 

i ) to make accurate measurements of the species and amounts of the 

various elements in carbides/nitrides in a number of different 

HSLA-steels. Since these particles typically have a size range 

of only 10-20 nm, this requires sophisticated quantitative 

microanalysis spectroscopy techniques to be employed, based on a 

scanning-transmission electron microscope. 
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i i ) to develop a rigorous theoretical model to account for, and help 

make predictions of, the composition of carbo-nitrides as a 

function of temperature, changes in temperature and rate of tem

perature change. In other words an attempt should be made to 

combine equilibrium thermodynamics with the kinetics of particle 

dissolution. As far as we are aware, no previous attempts have 

been made to develop such a combined thermodynamic/kinetic model 

of complex carbo-nitrides. 

To add to the compexity of the task in hand, i t was decided from the 

beginning that i t was not suff icient to consider only the effect of 

the steel 's processing route on the formation and chemistry of carbo-

nitr ides, but that i t was essential to also consider the effect of 

weld thermal cycling on composition - and hence ultimate stabi l i ty of 

carbo-nitrides, since i t is this which f inal ly determines the proper

t ies of the welded structure as a whole. Thus we need to add to the 

above requirements as follows: 

i i i ) to measure individual particle compositions after various weld 

thermal cycles; 

iv) to develop a theoretical understanding of the relationship be

tween welding process (input energy) and the development of 

microstructures in the heat affected zone (HAZ), in the presence 

of complex carbo-nitride grain refining part icles. 

By developing a better knowledge of those various aspects of HSLA-

stee ls , their processing and weldability, i t was hoped we may provide 

a sounder basis for steel design and behaviour in service in future. 
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In the following, we shall f i r s t present the background to the current 

design philosophy and weldability of HSLA steels. This leads to a sta

tement of our objectives in this work, after which the theoretical and 

experimental models and results will be presented. 
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2. MICRO-ALLOYED STEELS 

The basic philosophy in designing high strength low alloy steels is 

concerned with the aim to increase strength with the least possible 

increase in transition temperature, and yet s t i l l retain an acceptable 

formability and weldability. Micro-alloyed steels have a wide range of 

applications, extending from very soft, interst ia l - f ree steels for 

deep drawing and severe forming applications to high strength, cold 

rolled and precipitation hardened steels, possessing yield strengths 

around 1200 MPa. The carbon content of micro-alloyed steels is 

generally kept low, around 0.1 wt% or l ess , to avoid high transition 

temperatures due to high volume fractions of pearl i t e . A low carbon 

content also improves weldability, at least as far as the risk for low 

temperature transformation products is concerned. 

The processing techniques of micro-alloyed steels have, during the 

last decades, undergone considerable development. In particular the 

concept of controlled roll ing has been subject to a fair degree of 

interest. In this context, the role of the micro-alloying elements 

becomes important. Their role is not only to hinder grain growth. At 

the austenitizing temperature, grain growth may to some extent be re

str icted, but the most important role of the alloy carbonitrides is to 

retard recrystall ization at the rolling temperature and hinder growth 

of the recrystai 1 i zed grains. 

The next sub-section will briefly deal with the influence of micro-

alloying additions on steel properties and processing routes as well 

as their effects in welding. 
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2.1 Role of the micro-alloying elements  

Aluminium 

Apart from i ts use as an oxygen ki l l ing agent, Al was one of the f i r s t 

elements to be used for producing grain boundary pinning nitride dis

persions (1). 

Although there are thermodynamically more stable alloy nitrides, Al is 

very effective in removing nitrogen in the form of AIN. However, the 

activation energy for diffusion of Al is unusually high {see table 

3.1) , therefore fair ly low cooling rates are needed to make use of al l 

the Al added. Indeed, i t is known in the steel industry that AIN pre

cipitates rather slowly (2). Nevertheless, i t improves impact proper

t ies considerably, in addition to providing a certain increase in 

y ie ld strength (3), see figs 2.1 and 2.2. There i s , however, a detri

mental aspect to i ts use when present in larger amounts and this will 

be discussed in sect 6. 

Niobium 

In semikilled steels, grain refinement can, of course, not be obtained 

via the formation of AIN. For this purpose Nb has been introduced as a 

micro-alloying element. Nb-rich precipitates generally contain both C 

and N, the proportions of which are determined by the composition of 

the steel and the temperature of formation. Nb is essentially a grain 

refining addition, but can contribute to precipitation hardening of 

the grains after controlled rol l ing. I t has been shown (4) that Nb has 

the effect of depressing the eutectoid transformation temperature, 
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Phosphorus 
+53 Nitrooen 

-27 
Aluminum 

Fig 2.1 Factors affecting y i e l d strength and impact-transition 

tanperature. The ratios shown indicate the change i n 

transition tanperature per 15 MPa increase i n 

yie l d strength. After Pickering (3) 

Y I E L D STRESS, MPa 

300 450 600 750 

Fig 2.2 Combinations of y ie ld strength and impact-transition 

temperature available in normalized high-strength, low-

alloy s tee ls . After Pickering (3) 
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presumably by interphase precipitation which has the effect of hin

dering ferrite front migration. Nb in solution in the austenite is 

thus thought to enhance the formation of lower transformation pro

ducts, in particular bainite (13). Furthermore, i t has been shown (5) 

that Nb strongly retards the recrystall ization of austenite. The pro

nounced effect of Nb is only observed when i t is in solution in the 

austenite before deformation (6). I t is therefore considered that the 

effect is due to strain induced precipitation of fine Nb(C N) (7,8,9) , 

although effects of solute drag has been observed, too (10,11). Fig 

2.3 shows the effect in terms of cr i t ica l strain as a function of tem

perature and grain s ize. Apart from i ts grain refining effect, Nb may 

also harden the grains by forming a fine dispersion of NbC at tem

peratures low enough to prevent extensive coarsening of the part ic les. 

This is i l lustrated by fig 2.4, and demonstrates the difference in 

yield strength between a plain carbon steel and the same steel alloyed 

with 0.05$ Nb. It is interesting to note in this figure that the 

effect of grain size on yield strength closely follows a Hall-Petch 

type relation, and this is true for micro-alloyed steels in general 

(12). 

Vanadium 

Vanadium is by tradition a precipitation hardening addition. It is 

able to form very fine carbide dispersions due to i ts relatively low 

precipitation temperature. With a high enough nitrogen leve l , however, 

i t may also serve as a grain refining element due to the formation of 

VN in the austenite. There is some evidence that V (l ike Nb) precipi

tates as carbo-nitrides, but within a fair ly narrow composition range, 
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Fig 2.3 Cr i t i ca l s t ra in for completion of austenite rec rys ta l -

1ization as a function of deformation temperature and 

grain s i z e . After Tanaka et a l . (58) 

Fig 2.4 Effect of grain s i z e on y i e l d strength of a 

carbon-manganese-niobium st e e l . 

After l e Bon and Saint Martin (59) 
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as pointed out by Roberts and Sandberg (14). If sufficient amounts of 

nitrogen is present, the precipitation sequence is VN •»• V(CN) •»• VC 

during cooling, however, the volume fraction of V(CN) is predicted to 

be quite low (14). 

Thus an increase in nitrogen level results in the precipitation of a 

larger fraction of VN (relative to VC), and therefore, at constant V-

leve l , and increase in nitrogen enhances the grain refining effect of 

V. A limited recrystall ization retarding effect has been observed (15) 

in connection with the presence of VN. 

Titanium 

Ti-containing microalloyed steels have recently been introduced in 

which, by careful processing, TiN dispersions are produced for grain 

refinement (18). TiN is the most stable precipitate compound currently 

used in commercial steels , and these steels have therefore been sub

ject to a great deal of interest because of their better weldability. 

In addition, Ti is able to provide inclusion shape control through the 

formation of globular carbosulphides which results in improved cold 

formability (16). The development of steels based on TiN-formation has 

however been somewhat delayed because of the extreme reactivity of T i , 

that gives r ise to control problems in practical production (16). 

Ti has the effect (17) of decreasing the temperature at which recry

sta l l ization of austenite is completed. In addition, a stable d i s t r i 

bution of TiN-particles increases the temperature at which grain 
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coarsening commences. Consequently T i , in combination with a suf f i 

cient amount of nitrogen, has a potential to increase the temperature 

range of hot rolling (17). 

Kanazawa et a l . (18) showed in 1975 that the toughness of heat 

affected zones produced by large heat input, one pass submerged arc 

welding in low alloy steels bearing typically 0.02% T i , is markedly 

improved. 

Combination effects 

Figs 2.5 schematically summarizes the effects of Nb, Ti and V on tran

sition temperature and yield strength. Fig 2.6 gives a more quantitat

ive description of the effect of these elements on ferr i te yield 

strength. 

Some combination effects are worth mentioning, particularly those 

involving Mn. An increase in Mn decreases the formation temperature of 

vanadium carbonitride (19) and of TiC (20), thereby causing a finer 

particle distribution to form. Mn also affects the solubil i ty of vana

dium carbonitride in such a way that the amount originally in solution 

increases, which enhances the precipitation strengthening effect (19). 

Concerning Ti i t has been shown (19) that an increase in Mn, not 

surprisingly, reduces the sulphur activity and consequently retards 

the formation of T i 4 C 2 S 2 in favour of TiC. Figs 2.7(a-c) i l lustrate 

this effect for an 8 mm hot rolled strip of base composition 0.08% C, 

0.3% S i . 
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Precipitation 
Hardening 

, Grain 

COLUMBIUM, % TITANIUM, % VANADIUM, % 

Fig 2.5 Schematic correlation between al loy content, increase in 

y ie ld strength and change in transit ion temperature as 

result of grain refinement and precipitation strengthening 

in hot - ro l led, low carbon steel s t r i p . After Meyer et a l . 

(19) 

Fig 2.6 Effect of microalloy content on the fe r r i te grain s ize of 

a s - r o l l e d , low-carbon steel s t r i p . After Meyer et a l . (19) 



Fig 2.7 a-c Effect of microalloy content on the yield strength of 

8 mm hot-rolled s t r i p . The base compositions averaqed 

0.08% C and 0.3% S i . After Meyer et a l . (19) 
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Multiple additions of Mn, Mo, V and Nb are considered (21,22) to give 

r ise to a synergetic effect, such that i f , say, V i s added to a Nb-

stee l , the activity of Nb is expected bo increase. This causes a 

higher precipitation rate (21) and affects the process of recovery. I t 

has been shown however (23), that the effect of V in a Nb steel is to 

decrease the recrystall ization retarding effect of Nb, per concentra

tion increment. The possible explanation given is that recrystai 1 iza 

tion is retarded through segregation to the recrystall ization front, 

which is a local effect in contrast to recovery, which involves a bulk 

effect. The former process should therefore be able to saturate at a 

lower solute concentration than the latter . However, i t should be 

pointed out that at the recrystai 1 ization temperature, Nb is in solid 

solution, or partly so (see sect 2.1: Niobium). An addition of V may 

then reduce the tendency for growth-front precipitation of Nb(CN) 

through an effect of decreasing the N-activity, which would quali tat i 

vely give the result presented by Akben et a l . (23). I t has previously 

been shown by us (24) that Al in a concentration of 0.072% in a Ti -

or Ti-V-steel has the effect of increasing the rate of precipitate 

coarsening and hence grain growth. I t was proposed that this was due 

to a negative interaction between Al and N, at temperatures above the 

dissolution temperature of AIN. A decrease in N-activity leads to an 

increase in the equilibrium concentration of T i , and thus provides a 

means for more effective mass-transport. 



1 4 

2.2 Carbides and Nitrides in microalloyed steels 

The five most important microalloyed steel carbides and nitrides are 

TiC, NbC, VC, TiN and VN. They all have the rock salt crystal struc

ture and are mutually soluable. The above l i s t excludes NbN, since 

this is observed only in extremely low carbon steel and not so much in 

allays of commercial interest (25). 

There is a possible partial coherence between precipitate, M X , and 

ferr i te matrix defined by (19) 

W M X ( 1 0 ° }a -Fe 

<oio>MX <ou>a_Fe 

This makes nucleation easier and enables very fine particle disper

sions to form, possessing coherency stress fields that may contribute 

to strengthening of the steel . Fig 2.8 shows the effects on yield 

strength of Nb, Ti and V in a low carbon steel (19), annealed at 

various temperatures after solution heat treatments. Solid lines are 

fractions of the microalloying elements precipitated. It is seen that 

maximum yield strength occurs at low annealing temperatures where a 

s t i l l small amount of precipitate has formed, though very finely d is

persed. 

The Thermodynamic Stability of Carbonitrides 

The stabil i ty of precipitate phases is normally expressed in terms of 

solubility products, i .e . equations in the form 

l o g ( M ) m ( C ) n = A-B/T , 2.1 
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Fig 2.8 a-c Fractions of microalloying elements precipitated 

and increase in y ie ld strength of low-carbon steels 

after solution treatment and annealing for 1 h. 

After Meyer et a l . (19) 
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A and B being experimentally determined constants. A choice of solubi

l i t y products for various compounds is presented in tab 2.1. Eqn 2.1 

is an approximation that holds for dilute solutions. The general form 

of this equation has a wide range of application, although i t can be 

tentatively "derived" from a very simple model: 

The free energy of a binary solid solution at temperature T can be 

expressed as 

G = XAGA+XBGB4flXAXB +RT(XAlnXA +XBlnXB) 

where Xj are molar fractions of the elements, Gj are their respective 

free energies, nXAXg is the enthalpy of mixing and the rest of the 

equation represents the entropy of mixing. To find the equilibrium 

amount of B in solution, we must solve 

dG 
I5C = -GA+GB+fl(l-2XB)+RT{-ln(l-XB)-l+lnXB+l) = 0 

giving 

B 
= exp 

-(G B-G A+o(l-2X B))  

RT  

In the limit of dilute solutions, 1-X( 
1-2X B » 1, thus 

exp 
-(G B-G A +P.)  

Rl  

where (Gg-GA+fl) in this model is the heat of solution of B in A, let 

us call i t i G- In a ternary case where two dilute solutions, X ß and 

X Q , are superimposed we can multiply them to get 



Table 2.1 Solubility products for precipitate phases in microalloyed steels, 

defined as log [M]m[C] n A - B 

Compound A B Worker Ref 

1 NbC -0.63 2500 de Kazinczy et a l . 61 

2 NbC 4.37 9290 Johansen et a l . 62 

3 NbC 3.7 9100 Smi th 62 

4 NbC 3.04 7290 Meyer 63 

5 NbC 3.3 7900 Brown 63 

6 Nb(CN), K=[Nb][C+N] 1.54 5860 Meyer 63 

7 Nb(CN), K=[Nb][C+^|N] 2.26 6770 Irvine et a l . 64 

8 Nb(CN), K = [ N b ] [ C ] ° - 8 3 [ N ] 0 ' 1 4 4.46 9800 Mandry, Dornelas 63 

9 N b C 0 < 8 7 , K=[Nb][C] 0 , 8 7 3.18 7700 Mori et a l . 63 

10 N b C 0 .87 3.11 7520 Nordberg, Aronsson 63 

11 Nb(CN), K = [ N b ] [ C ] ° ' 2 4 [ N ] 0 ' 6 5 4.09 10400 Mori et a l . 63 

12 NbN 4.04 10230 Smith 63 

13 NbN 3.70 10800 Hoogendoorn 65 

14 TiC 2.75 7000 Irvine et a l . 64 



Table 2.1 Cont 

15 TiN 2.0 20790 

16 TiN 6.75 19740 

17 TiN 0.322 8000 

18 TiN 3.82 15020 

19 V C 0.75- N V ] [ C ] ° - 7 5 5.36 8000 

20 VN 2.27 7070 

21 VN 3.46 8330 

22 VN 3.46+0.12(Mn] 8330 

23 AIN 1.033 6770 

24 AIN 0.725 6180 

25 AIN 1.95 7400 

26 AIN 1.8 7750 

27 AIN 1.48 7500 

Akira et a l . 66 

Gurevic 67 

Matsuda, Okumura 68 

Chi no, Wada 69 

Aronsson 70 

Fountain, Chipman 71 

Irvine et a l . 72 

72 

72 

Erasmus 73 

Darken et a l . 74 

König 75 

Pickering, Gladman 76 
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- ( G B - V n A B ) - ( G C - G A - " A C ) 

XBXC = exp 

I f elements B and C possess a strong negative interaction however, 

some kind of precipitate is l ikely to form, and we arrive at: 

-AG* 

( X B ) m ( X c )
n = Koexp V 2.2 

where m/(m+n) is the minimum free energy molar fraction of B in the 

precipitate phase, AG^ is the heat of formation, m and n are of crys

tal geometry reasons normally integers, although non-stoichiometry may 

occur on intermixing with vacancies. KQ is a constant including par

ameters that relate the act iv i t ies of the elements to their concen

trations at Henrian conditions. 

This solubil ity product, being just another form of eqn 2.1, is com

monly used to determine solubi l i t ies of various phases in commercial 

materials. 

The equation is sometimes complemented to include extra terms, which 

take into consideration interactions with other elements (e.g. n£ 22 

in table 2.1) . I t is often assumed that different alloying elements 

wil l precipitate independently of each other, and therefore give 

additive effects to the properties of the material. This is not a 

general rule, however, in that intermixing of different phases is 

l ikely and this affects the thermodynamic properties of the precipi

tate, in some cases strongly. In addition time plays an important 

role since some phases, e.g. AIN, are known to precipitate very 

slowly. There may, therefore, be some supersaturation of the matrix 
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at ambient temperature, or at elevated temperature there may be some 

superheating. 

Many authors have experimentally investigated the properties of carbo

nitrides and of non-stoichiometric compounds where some of the carbon/ 

nitrogen latt ice sites are empty. In particular NbCx and N t ) ( C y N i _ y ) x 

have, because of their commercial importance, been fair ly thoroughly 

investigated. However, to be able to quantitatively predict the solu

b i l i ty of NbCx as function of x, information is needed on how vacan

cies interact with other elements in the compound and with the 

surrounding matrix. Such thermodynamic data are unfortunately not 

readily available at present. The complexity of the problem is in

creased further when allowing another interst i t ia l species to intermix 

on the C-sublattice. Sharma et a l . (25) have analyzed available data 

on the stabil i ty of niobium carbide and - carbonitride. They use in 

both cases x = 0.87, accepting the findings of Mori et a l . (26), and 

point out that although the precipitating phase in the Fe-Nb-N-system 

i s hexagonal e-NbN, the only kind of precipitate found in typical 

Fe-Nb-C-N allays is carbo-nitride of the cubic 5-type. To be able to 

solve the problem they assume that the non-stoichiometry of the carbo

nitride is the same as that of the carbide. Their approach is a semi-

empirical one where they use experimental data and a regular solution 

model to determine the free energy of formation of NbCQ and of 

NbNQ g 7 . From this the free energy of formation of the carbo-nitride 

and hence i ts solubility is calculated. Figs 2.9 and 2.10 give their 

results expressed as solubil ity at 1273 K. The stoichiometry and com-

positon of WCyNfi ))x was investigated by Roberts and Sandberg (14). 

They found that W C ^ N Q precipitates in both a - and f- iron with a 



Fig 2.9 Solubility of Nb(C N, ) . i n austenite at 1273 K, 
y i"~y u . o / 

expressed as the soluble nolar fraction of carbon 

and nitrogen, (X^+X^), vs molar fraction of Nb, X^. 

Fig 2.10 x£/(xL-x}0 vs y plotted for so lubi l i ty of Nb(C N. ) , 
. w . y 1-y 0.87 
in austenite at 1273 K. To be used in conjunction with 

f ig 2.9. After Sharma et a l . (25) 
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s toi Chi ome try close to the ideal one, x = 1. A regular solution model 

was used to predict that particles that form randomly in ferrite or 

austenite containing less than 0.2%, are essentially VN, given normal 

nitrogen levels. If the V-content of the steel is over-stoichiometric 

with respect to VN, then the remaining V will precipitate essentially 

as VC and the volume fraction of intermediate v ^ C y N ( i _y )^ (0.1<y<0.9) 

wil l be small. 

Concerning the metallic elements in carbo-nitrides, i t has been found 

(27) that Ti(CN), V(CN) and Nb(CN) are completely intersoluable, and 

that the entire spectrum of physical properties from one compound to 

the other is possible. 

Houghton et a l . (27) investigated experimentally the effects of 

various heat treatments, including welding, on the precipitate phases 

in a number of Ti-Nb-steels and concluded that kinetics should play an 

important role in governing the nature and properties of the precipi

tates, in particular during welding. Thus, they too recognized the 

need to study the behaviour of complex compounds during temperature 

changes and to find approaches to analyzing the combined effects of 

thermodynamics and kinetics. The present work is a f i r s t attempt to 

achieve this goal. 
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3. WELDABILITY OF MICROALLOYED STEELS 

In this section, we shall specif ical ly consider the microstructural 

and property changes in microalloyed steels due to fusion welding, and 

in particular the role of alloying elements. By "weldability" we mean 

the accumulated response of the HAZ to weld thermal cycl ing, with 

respect to the formation of brit t le microstructural constituents and 

to grain growth. Other phenomena associated with the term weldability, 

such as cold (hydrogen) cracking, will not be taken up in the present 

context. 

3.1 The weld thermal cycle 

In order to understand the effect of the weld thermal cycle on the 

dissolution of precipitates in the s tee l , as well as on grain growth 

and phase transformations, i t is useful to be able to estimate the 

severity of the heat cycle as a function of the input energy of the 

fusion welding process. The usual approach to this (see eg. Rosenthal 

(28)) is to use heat flow theory assuming that the welding arc acts as 

a point heat source, moving with velocity v over the plate. 

We are in principle concerned with the solution of the differential 

equation of heat conduction in a three-dimensional, semi-infinite con

tinuum; 

4 + 4 + 4 - i i i = o (3.1) 
3x 3y 3z a 3t 

where x, y and z are cartesian coordinates refering to an origin which 

i s fixed relative to the plate, see fig 3.1. In eqn 3.1, a is the 
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thermal diffusivity of the steel (m 2 /s ) . In the case of welding, where 

the heat source is moving relative to the conducting medium, i t is 

convenient to use a coordinate system which is fixed relative to the 

heat source (28). In such a case eqn 3.1 can be rewritten as 

i ? T + i f T + i f j + v 3T . 1 3T = 0 ( 3 > 2 ) 

3x ay 3z a 3x a 3t 

where v is the heat source velocity in the x-direction. 

When a sufficient length of weld bead has been produced, the heat flow 

i s assumed to be "quasi-stationary", i . e . i t is time-independent in 

the moving coordinate system. In this case 

and eqn 3.2 can now be simplified to 

3 2T . 3 2T . 3 2T . v 3T . n 

—2 ~1 ~~2 0 

3x 3y 3z a 3x 

By the assumption of a semi-infinite medium and a point heat source, 

the solution (28) to this equation is 

T - T n = Q e - v ( r + x ) / 2 a  

0 2irXr 

2 2 2 2 r c • x + y + z 

(3.3) 

where Tq is the preheating temperature, q is the heat input of the arc 

in units of J/cm and X is the thermal conductivity. This is the rele-
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vant solution for thick plates (3-dimensional heat flow). For thin 

plates, the temperature is assumed to be constant along the z-axis 

(2-dimensional heat flow), and the solution becomes (28) 

Here, kg is the Bessel-function of y. Unless plates are very thin, 

radiation losses can in practice be neglected. Figs 3.2 and 3.3 

i l lustrate 3- and 2-dimensional heat flow and fig 3.4 shows the tem

perature distribution around the heat source at constant z. 

Rosenthal's solutions to the heat flow equation predict, due to the 

assumption of a point heat source, an infinite temperature at the heat 

source. For welding i t can be shown (29,30) that the error hereby pro

duced is small and the solution can thus be applied to the temperature 

changes in the HAZ. On the basis of eqns 3.3 and 3.4, a reasonable 

estimate of the effect of the welding process parameters on tempera

ture changes in the HAZ can thus be made. This in turn enables us to 

estimate how the weld thermal cycle affects the microstructure of 

steels in the heat affected zone. 

3.2 Effects of the weld thermal cycle 

vx 
• k — 

*0 2a 
(3.4) 

The heat cycle gives r ise to microstructural changes in the HAZ, see 

Fig 3.5. These changes include 



Fig 3.2 Tnree-dimensional heat flow 

in welding of thick plates. 

Fig 3.3 Two-dimensional heat flow 

i n welding of thin plates 
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Fig 3.4 The tanperature distribution around the heat 

source at a given depth under the arc. 

E 

Fig 3.5 Schanatic diagram snowing the various sub-zones 

of the HAZ i n low carbon steels. 

After Easterling (13) 
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i ) Phase transformation, o + y. 

mainly 
during 
heating 
cycle 

i i ) Partial or complete dissolution of carbides 

and nitrides and/or particle coarsening. 

i i i ) Redistribution of alloying elements. 

iv) Grain growth. 

during 
cooling 
cycle 

v) Reprecipitation of carbides and nitr ides. 

vi) Phase transformation y * a or a' (martensite). 

All these processes (except the y * a' transformation) are tempera

ture-time dependent in that they are controlled by diffusion. We now 

consider them briefly in turn. 

i ) the Phase Transformation a * y 

The rate of temperature change in welding - in particular the heating 

rate - may be very high, in normal arc welding as high as 2 0 0 - 3 0 0 ° C / 

sec. Since phase transformations rely on nucleation and growth, which 

are related to time, there may therefore be considerable superheating 

of the ferrite before the transformation is completed. Fig 3 .6 shows 

the relationship between time, temperature and degree of ferr i te-

austenite transformation. I t is seen that the superheating of the 

ferr i te at high heating rates is very substantial and this has led to 

the suggestion (48) that the a-y transformation in some cases will 

take place by a shear mechanism. This would result in deformation of 

the austenite which would accelerate recrystall ization and grain 

growth. Regardless of whether a shear mechanism is active or not, a 

rapid transformation, particularly in the presence of a sharp tern-
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perature gradient, should be expected to build up strains in the 

austenite. This would qualitatively have the same implication as the 

shear mechanism discussed above. 

i i , i i i ) Dissolution, Coarsening and Redistribution of elements 

As a consequence of welding being a comparatively fast process, 

equilibrium considerations concerning the dissolution of carbides and 

nitrides can be used only to a very limited extent. The extent .to 

which particles dissolve is governed by the rate at which the elements 

can escape the vicinity of the part icles. At temperatures close to the 

equilibrium dissolution temperature, this requires diffusion over dis

tances typically equal to half the interparticle spacing. At higher 

temperatures, there is a potential for richer austenite solutions and 

therefore dissolution can be completed in a shorter time, since the 

elements do not have to diffuse as far. Obviously, the degree to which 

the particles dissolve may, during a fast heat pulse, such as a weld 

thermal cycle, be as dependent on the particle size distribution as on 

the actual stabil i ty of the compounds. 

The kinetics of precipitate dissolution have been analyzed by a number 

of authors (27,31-35). However, the effects of complex particle com

positions in combination with limited time for diffusion, complicates 

the problem considerably and our understanding of this is s t i l l un

satisfactory. Being of vital importance to the microstructural changes 

occuring in the HAZ of commercial microalloyed steels, there is s t i l l 

a need to develop approaches that take the combined effects of thermo

dynamics and kinetics of complex precipitate dissolution into account, 

and this of course is the subject of later work in this thesis. 



31 

In addition to dissolution, particle coarsening is continously taking 

place, driven by surface energy of the part icles. Both these processes 

lead to a decrease in the number of particles per unit volume, and 

hence influences the rate of grain growth. 

iv) Grain Growth 

I t is well known that a decrease in the number of particles per unit 

volume leads to an increase in grain s ize. The relation between par

t ic le density and grain size is commonly described by the well known 

Zener equation, in the form 

1" = k I 
k V f 

where T is the radius of the part icles, Vp is the volume fraction of 

part ic les, "R is the radius of the grain and k is an essentially geo

metric constant. This constant is given different values by different 

authors, Smith ( 3 6 ) , who f i r s t presented the model, refering to pr i 

vate communication with Zener, derived k = 2 / 3 . Gladman (37 ) modified 

the model to describe the growth of a large grain into a surrounding 

of smaller, pinned grains. In this case, k = i r /6 [ ( 3 / 2 - 2 / z ) ] , where 

z is the ratio of the radii of the growing grains and of surrounding 

grains. Hellman and Hi l lert (38) took the effects of the ratio of 

boundary curvature to particle radius, the grain size distribution and 

the particle size distribution al l into account. They found that k = 

4 / 9 for normal grain growth and k = 3 / 4 for abnormal grain growth. Fig 

3 . 7 i l lustrates the relation between grain size and particle density, 

as given by these three models. The main conclusion is in fact that 
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F i g 3.7 Relation between grain size, D, pa r t i c l e s i z e , d, and 

volume fraction of particles, V f, as predicted by 

three models. After Hellman and H i l l e r t (38) 
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the original Zener and Smith (36) model holds in general very well 

(49). 

The grain size actually obtained in the HAZ is affected not only by 

the behaviour of the particle distribution. In welding, grain growth 

takes place in a temperature gradient sufficiently steep that opposite 

sides of a grain can experience substantially different temperatures. 

In addition, a grain size gradient is present. Both of these features 

tend to produce non-equilibrium grain shapes, which may tend to hinder 

grain growth. At the fusion l ine, furthermore, the coloumnar grains of 

the weld metal grow epitaxially on half-molten grains of the HAZ. Once 

the weld metal has started solidifying, therefore, the grains at the 

fusion line will be somewhat restricted in size since the Gibbs-

Thomson effect in a cylindric grain is less pronounced than in a 

spherical grain (less difference in pressure on opposite sides of a 

cylindrical interface than on opposite sides of a spherical interface 

of the same radius). In addition to this the geometry of the penetra

tion profile may affect the heat flow and hence the temperature dis

tribution around the heat source. Fig 3.8 shows a bead-on-plate metal-

inert-gas weld (MIG) of a Nb-microallayed steel . The characteristic 

penetration profile of a MIG weld features a concave cross-section 

where the heat flow is convergent. This gives rise to more pronounced 

grain growth at A than at B; similarly, grains are coarser at B than 

at C. Presumably for reasons l ike these, the grain sizes measured in 

real welds are sometimes smaller than those measured in weld simulated 

material (13). 

A useful approach to quantifying the effect of the weld thermal cycle 

on HAZ-grain size has been presented by Ashby and Easterling (39) and 
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Ion et a l . (40). They define the "kinetic strength" of the thermal 

cycle as 

1 = I e x p KTTtT d t 

where Q is the activation energy for grain growth and T(t) is the tem

perature as a function of time, t. T(t) is defined by the Rosenthal 

solution of the heat flow equation (eqns 3.3 and 3.4) and the quantity 

I thus represents the number of diffusional jumps that an atom is able 

to make during the heat cycle. This is proportional, assuming that no 

precipitate distribution is present, to the total distance travelled 

by the grain boundary during the cycle and thus to grain growth. Con

sequently, i t is possible to evaluate the relation between grain s ize , 

D, temperature and time for a given welding process as a surface in 

D-Tp-At-space. Fig 3.9 shows such a diagram constructed for the case 

of thin plate MIG-welding in a Nb-microallayed steel . Dotted lines 

represent the dissolution of Nb(CN) particles and i t is assumed that 

the graphs of equal grain size applies in the area to the right of the 

dissolution contours. Later, we shall return to this interesting con

cept of welding diagrams and consider the case of precipitate dissolu

tion and grain growth in the presence of complex (multi-component) 

carbo-nitrides. 

v) Reprecipitation 

The dissolution of particles results in a potential for reprecipita

tion during cooling of the weld. I t has been shown by Hannerz et a l . 

(4) that the cooling rates typical for high energy submerged arc 
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Fig 3.8 Bead-on-plate MIG-weld of a Nb-microalloyed s t e e l , 

i l l u s t r a t i n g differences i n grain size due to the 

shape of the penetration profile. 

PEAK TEMPERATURE "C 

1100 1200 1300 1400 1500 1600 1700 1800 
PEAK TEMPERATURE K 

Fig 3.9 Welding grain growth diagram showing the austenite grain 

size resulting from welding processes characterized by 

the peak temperature reached and the cooling time from 

800 to 500 °C (T p,At). 

Courtesy of John Ion, University of Luleå. 
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welding are low enough to allow precipitation of fine NbC particles in 

the weld metal. Nb is a comparatively slowly diffusing element, see 

table 3.1, and i t can therefore be assumed that the reprecipitation of 

microalloy carbides and nitrides on the cooling of welds is possible, 

at least as far as diffusion kinetics is concerned. This may give rise 

to a fine precipitate distribution which is not effective for hin

dering grain growth, but may affect the properties of the ferri te 

giving more britt le low temperature behaviour. Later, we shall discuss 

a more interesting case, however, in that in steels where complete 

dissolution does not occur (as in TiN-containing s tee ls ) , reprecipita

tion of elements in solution evidently can occur more easily by ut i 

l iz ing existing particles as sites for reprecipitation. 

vi) Phase Transformation y ->• g + Fe2C 

As was discussed in relation to the ferrite-austenite transformation, 

the reverse reaction y * o is expected to take place at considerable 

undercooling. The cooling rate of the HAZ is always lower than the 

heating rate, but on the other hand, considerable grain growth has in 

general taken place in the high temperature region of the HAZ. This 

leads to a decrease in the number of nucleation sites and i t therefore 

contributes to suppressing the transformation temperature. The nature 

of the phase transformations vary with position in the HAZ and three 

different regimes of transformation behaviour can be recognized; 

a) transformation in the grain growth zone, 

b) transformation in the grain-refined zone and 

c) partial transformation. 
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Table 3.1 Activation energies for diffusion of some elements 

in austenite solution. 

El ement Ti Nb V Mo Cr AI 

Q/RTm* -13.5 23.1 16.1 21.0 16.25 

14.71 

21.2 

ref 77 78 78 78 78 78 

* T refers to the melting point of the steel . 
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vi-a) Grain growth zone 

The microstructure of this zone is c r i t i ca l l y dependent on the harden-

abil i ty of the steel . In low C g - v steels, there is a tendency for 

ferr i te al 1 otriomorphs to outline the austenite grain boundaries. 

With increasing C j v or increasing cooling rate, however, these 

equi-axed ferri te grains are replaced by lower temperature transfor

mation products, such as Widmanstätten ferrite or martensite. In Nb-

bearing microalloyed steels , interphase precipitation is known to 

occur and this may have the effect of suppressing the growth of 

ferr i te grains and thus enhance the tendency for formation of more 

br i t t le structures. 

vi-b) Grain-refined zone 

The y -»• a + Fe 3C reaction in this zone does not normally lead to un

wanted types of microstructure. The compariti vely low peak tempera

ture, particularly in microalloyed steels, does not allow austenite 

grain growth and therefore there is a plentiful supply of ferr i te 

nucleation s i tes . The resulting microstructure is generally a mix

ture of fine grained ferri te and peariite, possessing satisfactory 

mechanical properties. 

v i -c) Partial ly transformed zone 

In this zone, the peak temperature is high enough to allow the 

peariite to transform to austenite, but too low for the a + y reac

tion. The resulting high temperature structure consequently con-



3 9 

s is ts of islands of high C - high Mn austenite embedded in untrans-

formed ferr i te . Depending on the cooling rate, these austenite 

grains may transform to any of a wide range of microstructures, 

such as peari i te, bainite or autotempered martensite. 
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4. OBJECTIVES OF THIS WORK 

Summarizing the preceeding sections on microalloyed steels and their 

weldability, i t can be concluded that: 

- The properties of microalloyed steels , as delivered, mainly depend 

upon the combined effects of thermomechanical processing, and their 

composition. 

- Fusion welding, however, induces dramatic changes in microstructure 

and properties. 

- These microstructure and property changes occurring during welding 

are to a large extent controlled by the steels' carbo-nitride d is

tribution and behaviour, i . e . their stabi l i ty at high temperatures. 

This behaviour, in turn, is dependent upon the composition of indi

vidual precipitates. 

- I t is clearly desirable to gain a better understanding of the role 

of microalloying elements in the HSLA steels . In particular, we 

need to know more about the precise compositions of precipitate 

phases in commercial steels, as the essential basis for understand

ing their thermodynamic properties and the process of complex com

pound dissolution, microstructural change during thermal cycling, 

etc. The equilibrium thermodynamics of precipitation of binary pre

cipitate phases in microalloyed steels are well established and the 

theory of complex phases is making some progress. However, there is 

s t i l l a need for ways to quantitatively predict the influence of 

kinetics on precipitate composition and stabi l i ty , and hence to 
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combine the theories of equilibrium thermodynamics and kinetics. 

The process of welding, in particular, involves rapid changes in 

temperature that result in large departures from the equilibrium 

condition. 

The present study was thus undertaken with the aim of: 

i ) Developing a model for predicting complex carbide/nitride com

position as a function of temperature and alloy composition in 

microalloyed steels . 

i i ) Developing the theory of dissolution of complex precipitates, in 

which the diffusion kinetics of two metallic elements are taken 

into account. 

i i i ) Combining the above two theories in an attempt to study possible 

departures from equilibrium, particularly during thermal 

cycling. 

iv) Experimentally investigating the composition and stabi l i ty of 

individual complex carbides/nitrides in a number of different 

microalloyed steels. 

v) Experimentally investigating the effect of weld thermal cycling 

on the composition and stabil i ty of individual complex carbides 

and nitrides in a number of different steels. 

vi) Investigating the effect of weld thermal cycling of various 

steels on their low temperature impact properties. 
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Through the combination of modelling and careful measurement and ana

l y s i s , we thus hope in this work to provide a wider basis for our 

understanding of the role of alloying additions in the HSLA stee ls , 

and hence their design and weldability. I t was, however, acknowledged 

from the beginning that in order to carry out the experimental 

measurements of individual carbo-nitride particles properly and 

accurately, the technique of scanning transmission-base X-ray 

spectroscopy had to be used. Furthermore, the technique had to be suf

f iciently developed that i t was fully quantitative. I t was therefore 

an extremely important starting point in the present investigation 

that this laboratory was one of the few laboratories world-wide with 

reliable fully-quantitative STEM-EDX microanalysis f a c i l i t i e s . 
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5. EXPERIMENTAL PROCEDURE 

5.1 Materials studied 

The steels studied in this work were Ti-steels with varying amounts of 

V, Nb, Al and N added. The compositions are presented in table 5.1, 

where the steels are divided into four main groups, reference steels, 

T i - , (TiV)- and (TiNb)-steels. The level of alloying additions are 

typical for medium-strength low alloy steels and the yield strengths 

are in the region of 350 MPa, see tab 5.1. The tensile testing was 

performed by the manufacturer. Steel 9 is a pure Nb-steel included for 

reasons of comparison. Steels 1-9 were all produced by the Swedish 

Steel Corporation (SSAB). Steels 1-6 were hot rolled to 20 mm plate 

and subsequently normalized. Steels 7 and 8 were hot rolled to 

an L-profile, with a web thickness of 12 mm. 

Steels 1 and 4, 2 and 5 are produced by adding all the alloying ele

ments except V and then dividing up the melts between two crucibles, 

to one of which V is added. 

The carbon content is in al l cases kept low, in order to avoid high 

transition temperatures due to high volume fractions of peariite. The 

y ie ld strengths of these steels are mainly based on their having a 

fine grain size together with some solute strengthening due to Mn in 

excess of what is necessary for removing sulphur. All steels are Al-

k i l led and the Al is of course added before the T i , in order to make 

ful l use of the Ti-addition for TiN-formation. 



Table 5.1 The steels investigated 

Desig
nation 

Main 
Alloying 
Elements 

Steel No. C N Si Mn P S AI Nb V Ti y ield 
strength 

(MPa) 

Uts 

(MPa) 

Ti 1 .12 .009 .23 1.53 .005 .006 .020 .011 340 488 

Ti Ti + N 2 .12 .014 .23 1.50 .005 .007 .023 0.12 372 493 

Ti + Al 3 .13 .008 .24 1.48 .006 .007 .072 .014 320 478 

Ti.V 4 .12 .009 .27 1.52 .005 .006 .022 .052 .011 377 511 

Ti-V Ti.V + N 5 .12 .014 .23 1.49 .006 .007 .025 .048 .013 366 502 

Ti.V + Al 6 .11 .011 .27 1.52 .006 .008 .072 .054 .013 344 486 

Ti-Nb 
Ti.Nb + V 

Ti.Nb + N 

7 

8 

.11 

.09 

.006 

.010 

.32 

.33 

1.41 

1.41 

.016 

.013 

.010 

.011 

.026 

.027 

.026 

.027 

.017 

.009 

.008 

.007 

Nb Nb 9 .12 .009 .22 1.48 .006 .006 .022 .023 357 488 



4 5 

5.2 Weld simulations 

The alloys were exposed to programmed weld thermal cycles using a con

ventional weld simulator (Smitweld) and the equipment is schematically 

i l lustrated in fig 5.1. 

The samples, measuring 10.5x10.5 mm and ca 55 mm in length, were 

water cooled at both ends by means of tightly set copper jaws. In very 

rapid cycles (At < 10 sec) , the samples were directly water cooled as 

i l lustrated in fig 5.2. The reproducibility of the thermal cycle is 

specified by the manufacturer to be < 0.5% (peak temperature). 

All steels were subject to a thermal cycle representative of high 

energy welding processes such as submerged arc welding. Steels 7 and 8 

were also subject to cycles of lower peak temperatures and shorter 

times. The thermal cycles used were as follows: 

A T p = 1350°C ; A t 8 0 0 . 5 0 0 = 100 sec 

B T p = 1377°C ; A t 8 0 0 . 5 0 0 = 17 sec 

C Tp = 1305°C ; A t 8 0 0 _ 5 0 0 = 100 sec 

D Tp = 1220°C ; A t 8 0 0 . 5 0 0 = 13 sec 

With cycles A and B, Pt-(Pt.Rh) thermocouples were used and with 

cycles C and D, Cromel-Alumel couples. The microstructures of the weld 

simulated samples were uniform throughout the cross-section, except 

for a ca 1 mm thick surface layer, at which radiation losses can be 

substantial resulting in a smaller grain s ize. Consequently, only the 

central parts of the samples were used for subsequent investigations. 
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power input 

thermocouple 

copper jaw 

_ water 

specimen 

Fig 5.1 The experimental equipment used for weld simulations, 

schematically. 

V. 
A 

S 3 A water 

Fig 5.2 Special cooling technique for very rapid thermal cycles 

( i t < 10 s e c ) . 



4 7 

5.3 Specimen Preparation for Light Optical Microscopy 

Prior austenite and ferrie grain sizes were measured using conven

tional light microscopy. The specimen preparation technique used 

depended on steel composition in that pure Ti-steels proved to be very 

d i f f icul t to etch for prior austenite grain structure. Several etching 

solutions were tried and the one that proved to be most suitable was 

a saturated solution of picric acid in methanol and water (solution 1, 

table 5.2). The samples were very carefully polished using 0.25 urn 

diamond paste, l ightly etched and repolished several times. The final 

etching was done using a fresh solution that was replaced as soon as 

i t s colour changed. The result was more satisfactory, the fresher the 

solution. 

Other alloying elements, in particular Nb, seemed to enhance the v i s i 

b i l i ty of the prior austenite grain boundaries, possibly due to segre

gation to the boundaries. 

5.3.1 Replication procedure 

Most of the fine-scale microscopy studies were carried out using car

bon extraction replicas taken from the central parts of weld-simulated 

samples. 

Extraction replicas have the advantage, compared to thin f o i l s , that 

the matrix around the particles is removed. To be able to make accu

rate microanalysis i t is desirable that the particles are extracted, 

since otherwise the Fe-peaks of the spectra would be extremely large 

in comparison with those of the other elements, thereby decreasing 

accuracy considerably. 
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Table 5.2 Etching and Electropolishing solutions used 

Solution Application Composition 

light optical microscopy saturated solution of 

picr ic acid in methanol 

and c:a 20% water 

electropolishing of samples 225 ml CH3C00H 

prior to replication 2 ml HC10a 

5 ml H20 

replica stripping 2 vol/o Bromine in 

methanol 

Thin foil jet -electro-

polishing 

20% percloric acid in 

methanol 
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The main drawback is that large particles {~ 1 urn) are di f f icul t to 

extract and that very small particles may be d i f f icul t to observe 

through the "background noise" of replication film irregulari t ies. 

Another drawback is that the particles are in general not situated on 

the film in positions corresponding to their original positions in the 

matrix. In particular, small particles have a tendency to cluster 

during the stripping process, i f the film is d i f f icul t to remove due 

to the presence of peariite aggregates or large part icles. 

The samples were mechanically polished, finishing with 0.25 urn diamond 

paste, electropolished in solution 2 (see tab 5.2) and very lightly 

etched in a 2% Nital solution. The microstructure is at this stage 

very faintly visible in a light optical microscope with condensor 

aperture closed. A thin carbon layer (~ 30 Å) was then deposited using 

a vacuum evaporator, in some cases a SiOg-film was instead used. 

The carbon replicas were subsequently stripped in cold Bromine solu

tion (sol . 3, 2 hours at -20°C) and rinsed several times in high 

purity ethanol. Copper support grids were used and the specimens were 

kept under vacuum. The choice of replication material is governed by 

what microanalysis technique the specimen is going to be used with. 

Energy dispersive X-ray spectroscopy (EDX) is not normally sensitive 

to carbon unless windowless detectors are employed. Thus, being easy 

to deposit and str ip , carbon is the obvious choice as a supporting 

fi lm. Electron energy loss spectroscopy (EELS) detects light elements, 

including carbon, and since carbon is l ikely to be present in some of 

the part icles, an alternative material has to be used. SiOg was found 

to be useful since neither Si nor 0 was expected to be present in the 

part ic les. 
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5 . 3 . 2 Thin foil Preparation 

In this work most TEM/STEM measurements and observations were made 

using extraction replicas. Thin foi ls were used merely to give an idea 

of the fine scale matrix structure of the materials. The preparation 

of thin foi ls was performed using $3x0.1 mm discs and a conventional 

j e t electro-polishing device, as i l lustrated in fig 5 . 3 . The solution 

used was a methanol-percloric acid solution (sol 4, table 5 . 2 ) kept 

very cold (~ -30°C) by means of liquid nitrogen, occasionally poured 

into the solution, and a standard methanol refrigerator connected to a 

heat exchanger. 

5.4 Quantitative microanalysis ( 5 2 , 5 3 , 5 6 ) 

5.4.1 Energy dispersive system 

In this work, an analyzing procedure based on an iterativ f itt ing of 

physical variables has been used throughout. 

Although i t is possible and recommended to incorporate standards, this 

method makes i t possible to determine the specimen composition without 

them. Consequently, i t enables the performance of a large number of 

measurements, since the entire calculation of the specimen composition 

can be made directly from a spectrum recorded from the specimen, and 

be executed by a computor. In the state i t will be presented here, i t 

is suitable only for thin fo i l s , including extraction replicas. 
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Fig 5.3 The principle of a j e t electrc-polishing device 

for preparing thin f o i l s . 
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The hardware used was a KEVEX uX 7000 EDX-spectrometer, fitted to a 

Jeol JSEM 200 B scanning transmission electron microscope via a Be-

window protected Si-detector. The computation program was developed by 

Bengtsson (50) and is i l lustrated in fig 5.4. The main steps of the 

flow chart in fig 5.4 will now be discussed and reference will be made 

to the equipment used in this work. Assuming solute concentrations of 

20% or more, no serious element spectra overlap and a reasonable count 

rate, the relative error of analyses using this equipment is 6% or 

better (50). In d i f f icul t cases, however, i t can approach 100%, con

sequently requiring a large number of measurements to be made. 

For an accurate analysis i t is required that 

i ) the composition in the area of interest is uniform 

i i ) the thickness of the specimen area of interest is uniform 

i i i ) a l l elements are analyzed 

Since, when the present work was begun, there was l i t t l e general ex

perience of quantitative STEM-microanalysis, brief details of our 

approach developed will now be presented. 

(a) Program Initiation 

All of the physical data needed for the calculation are stored in the 

computor memory. On init iation of the program a routine is activated 

that evaluates all the constants according to the chemical species 

used. These constants include the ionization cross-sections, 

^ K , L I - I I l ' z t h e f , o u r e s c e n c e y ie lds , U K L j . n i ^ z * r e l a t l v e l i n e 

intensit ies, atomic weights, a z , and mass attenuation coeff icients, 

(u /p ) z . 
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INITIATICN 

SPECTRUM INPUT 

INTEGRATION 

OF VCTNDCWS, 

OVERLAP EFFECTS 

ABSORPTION 

RESULT 

y e s 

PRINT RESULT 

Fig 5.4 Flow chart showing the main steps i n calculation of 

compositions from EDX-spectra. 
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(b) Spectrum input 

The spectrum is recorded in a live time of 100-200 sec, depending on 

the count rate obtained. I t is then fed into the computor memory as a 

series of integers, representing the content of each of 1024 channels. 

The analyzing equipment used in this work allows the operator to 

c lassi fy the channels by giving them a certain "colour". Thus, the 

computor is able to distinguish between "peak windows" and "background 

windows". Background windows are chosen by the operator and should be 

positioned well away from peaks. These background levels are used by 

the program to calibrate a background model obtained from the Kramers 

equation for continous background intensity (51) 

H E ) = 

where E Q i s the energy of incident electrons, E is the energy of the 

background radiation and k is a constant, and by use of detector e f f i 

ciency data experimentally determined for the equipment in hand. Fig 

5.5 i l lustrates the background model. The spectrum recorded is nor

malized to the background model, as i l lustrated in fig 5.6 and a 

straight line is fitted through the background intensities measured. 

The part of the spectrum which is above this line is then reconverted 

to i ts original condition and considered to be corrected for back

ground. 

Absorption edges are not accounted for in modelling the background. 

However, for thin foi ls or extraction replicas, the absorption is very 

small and the effect on the background model can be neglected. 



5 5 

Energy 

Fig 5.5 The background model used i n quantitative 

FXK-microanalysis. 

1 Spetrum as aquired 

J v_A Background window 

Energy 

2 

1 
normalized to background model 

\a L 

3 stripped and reconverted 

L L  

Fig 5.6 I l lustrat ion of the way the background model is used. 
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(c) Window integration 

The window positions and widths are chosen by the operator. In cases 

where the peak height is low relative to the background, the window is 

set symmetrically around peak center and extended to cover the peak 

width at half the peak height, see fig 5.7. The reasons for this are 

based on stat ist ical considerations in that i t gives the best compro

mise between standard deviation and signal to background ratio. Within 

each window, a maximum of the 15 strongest lines of al l the elements 

in the spectrum are considered. Those lines that appear within the 

window contribute to a sum of intensities that should be proportional 

to the integrated counts within the window. The intensity of photons 

from level 1 can be derived from Castaing (52) to be expressed as (53) 

I = ~ — Q-| « p • AZ C A . n . T • P • i (5.1) 

where i is the beam current, u-, is the fluorescence yield (54), NA is 

Avoqadro's number, a is the atomic weight, Q-| is the ionization cross-

section (55), p is the density, A Z is the foil thickness, is the 

space angle of the detector, T is the probability that the photon is 

absorbed in the detector, and P is the probability that the count 

fa l l s within the window set for the element, a is given by the speci

men-detector geometry and T is computed from experimental data ob

tained with the detector in hand. 

The expressions for intensity given by various authors exhibit very 

similar z-dependence for the ionization cross-sections, Q-|, at typical 

(100-200 kV) acceleration voltages. However, the absolute level varies 

within a wide range, depending on the model used. 



Fig 5.7 The posit i t ion and width of the measuring window. 
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Q is once and for al l evaluated on the basis of a theory by Gryzinski 

(54). I t is calibrated by experimental measurements on high purity Al 

of well defined thickness, and stored in the computor memory. Experi

ment has shown (50) that the intensity obtained by using a stainless 

steel standard, the thickness of which is determined by measuring pro

jected dislocation lengths, f i ts to that obtained by use of eqn 5.1 to 

within 10%. In eqn 5.1, Q, p, a, T, P, w and a are used to evaluate a 

sum of intensity factors for the 15 strongest lines of al l elements, 

one for each window. Denoting these sums k!, for a binary alloy, were 

j refers to the j-window and i refers to element i , i t can be written 

that 

I A - t • i • Az(CAkJ + CBkJ) (5.2) 

I B = t • i • Az(CBkg + CAkJ) (5.3) 

C A + C B = 1 (5.4) 

These three equations contain three unknowns, A Z , C a and Cg, which can 

thus be evaluated. 

(d) Absorption correction 

The above equations give preliminary values of solute concentration 

and foil thickness. These are then used for determining the effect of 

absorption, by use of Beer's law: 

. , . - (u /p) -p-x.C, 
I A = IAexp A (5.5) 

where I A is the intensity of the X-radiation generated, p is the den

sity of the specimen and x is the thickness of specimen that the x-

radiation travels through. 



5 9 

On the execution of the absorption correction, i t is assumed that the 

X-ray generation rate is constant through the foil thickness. Fig 5.8 

i l lustrates the specimen-detector geometry. The absorbed intensity is 

integrated over the beam path, using 

V ^ ^ ( " ^ ^ c I s l ^ ^ A ^ 

where a and <P are as defined in fig 5.8. 

The intensity I A ' obtained is then re-substituted into eqns 5.2-5.4 

which gives new values for C A , C ß and A Z . This procedure is repeated 

until the concentrations are stable to within 

5 ^ < lo" 5 

5.5 Electron Energy Loss Spectroscopy (EELS) 

The energy dispersive system used by us was not able to detect ele

ments of lower atomic number than 9 or 10. To be able to analyse for 

lighter elements with a good spatial resolution, EELS needs to be 

employed. The equipment used in this work was constructed and built in 

this department by Bengtsson (50). In combination with the EDX equip

ment discussed above, i t provides a means of direct detection of al l 

elements except H, with good spatial resolution. At the time the 

equipment was built , this laboratory was one of the f i r s t in the World 

to have this fac i l i ty for a 200 kV microscope. 
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Fig 5.8 The geometry of specimen-detector arrangement 

(Sl ight ly simplified) 
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In this work, EELS has been used for qualitative detection of nitrogen 

in part icles, though to a rather limited extent. Fig 5.9 shows the 

principal lay out of the equipment. 

I t features an electromagnetic beam deflector, the f ield of which is 

used to sequentially display the spectrum over the s l i t and photo-

multiplicator. Its energy resolution at 4 mrad beam divergense is 2 

eV. 

The electrons pass through the specimen, which must be extremely thin, 

and thereby interact inelast ical ly with the atoms of the specimen. 

Ionizations of inner shells give r ise to discontinuities in the EEL-

spectrum, and these are characteristic of the atom. They are posi

tioned at the cr i t ica l excitation energies as steps. Fig 5.10 shows an 

EEL-spectrum for B 2 0 3 on a carbon film i l lustrat ing that the dominant 

feature of an EEL-spectrum is the large and steeply energy-dependent 

background. At present i t is questionable whether EELS can be regarded 

as a fully quantitative analyzing technique. The relative accuracy 

using dedicated STEM instruments, providing extremely clean vacuum, 

and commercial computation programs is at best 10% (50) depending on 

the material analyzed. However, carbon rich contamination of the spe

cimen is di f f icul t to avoid, and in the instrument used in this work 

i t is always substantial. Therefore quantitative analysis, or in fact 

detection, of carbon has not been possible. 

5.6 Determination of particle size distributions 

In general 24, in some cases 48, photographic frames were taken of 

extraction replicas of samples, each frame covering an area of approx 
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B C O 

Energy loss 

ig 5.10 An EEL-spectrum for B^Q^ on a carbon f i lm, i l lus t ra t ing 

the dominant background. 
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2 0.5 um . Particles observed were then measured and counted class-wise. 

For TiN and (TiV)N particles (steels 1-6), being cuboidal, the 

shortest side lengths were measured and for (NbTi)(CN) particles 

(steels 7, 8) the shortest projected partical dimension were measured. 

For each sample a total of 700-1200 particles were c lassi f ied and used 

for constructing histograms of 5 nm class-width. 

5.7 Chemical analysis of particles 

In each sample, the composition of the part icles, as a function of 

their sizes was determined using EDX-microanalysis technique as 

described above. Every analysis was followed by an exposure and sub

sequent measurement of the individual particle s izes. 

5.8 Determination of the prior austenite grain size 

The prior austenite grain size was measured using a linear intercept 

method and converted to three dimensional grain size by multiplication 

of the factor 1.776. 
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6. THEORY OF COMPLEX CARBIDE AND NITRIDE STABILITY 

To a f i rs t approximation i t is tempting to assume that the effects of 

microalloying additions are simply additive. The experimental results 

' presented in this work, as well as in many other works including those 

of Woodfield et a l . (41) and Dunlop and Turner (42), show that this is 

not always the case. In alloys where two or more possible compounds 

are more or less mutually soluble, the resulting precipitate compounds 

will most certainly be of mixed composition. Indeed, for entropy 

reasons the formation of absolutely pure carbides or nitrides should 

not be possible. 

The thermodynamic properties of a compound will depend on i t ' s com

position, so i t must be of interest for steel producers to be able to 

predict what type of precipitate an alloy will contain. The following 

is a treatment, based on conventional thermodynamic theory, of a case 

where two mutually soluble precipitate phases form a ternary compound. 

In this treatment i t is assumed that the interst i t ia l element forms a 

continuous sublattice, and is pure. However, with minor changes the 

strategy can equally well be used to predict the composition and hence 

stabil i ty of a single-metal carbonitride. The assumptions made are: 

( i ) All solutions are regular. 

( i i ) The precipitate phase is regarded as being a solution of one 

compound in the other, in which both components have the same 

type of stoichiometry and are mutually soluble. 

( i i i ) The matrix is dilute enough to obey Henry's law. 
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(i v) The diffusion rates of the interst i t ia l s , C or N, in the matrix 

are infinite in comparison with those of metallic elements. 

(v) All particles have equal size and spacing. 

(vi) The precipitate phase is stoichiometric and of the type 

^ A y B l -y 'm C n' w n e r e A a n d B a r e substitutionally dissolved ele

ments and C is an i n t e r s t i t i a l . 

Consider a system consisting of precipitate particles of molar frac-
p 

tion e and composition X A Q in a dilute solution of A, B and C in 

austenite or ferr i te . Note that in this analysis, A and B represent 

metallic atoms and C represents carbon or nitrogen. In such a system 

equilibrium between the precipitate phase and the solution is 

established when 

6G _ öGj _ Q 

6g 6 X P C 

or, equivalently: 

T _ P 
"A - "A 

Y _ P 
U B - H 

Y . P 
Mc - y C 

where v are the partial free energies, or chemical potentials, of the 

elements. By definition, the partial free energies of the elements in 

matrix solution are 

v\ = GA+RT In a^ 
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UB = G B + R T l n aB 

My

c = G Q + R T ln a7. 

where aj is the activity of element I in the matrix solution. 

Similarly, the potentials of the precipitate components in quasi-

binary solution are 

UAC = G A C + R T l n aAC 

UBC = G B C + R T 1 n aBC 

At equilibrium the chemical potentials of the elements in the particle 

must balance those of the elements in matrix solution, i .e . 

P Y P Y P Y 
UA = P A : U B = WB ; U C = U C 

p 
Now, since uj are partial molar free energies, we can write: 

P P̂  P 
u A C = muA+nuc 

p - » p x n P u B C - muB+niiC 

V P 

Thus, using the definitions of u j and u I C stated above, i t can be 

concluded that 

GAC+RT ln a A C = m{GA+RT ln a^)+n(GC+RT ln ål) (6.1) 

GBC+RT In a B C = m(Gg+RT In a^)+n(Gc+RT In ajf) (6.2) 

Y P 

where aj and a I C are the act ivi t ies of the elements in matrix solution 

and of the compound components in quasi-binary solution with each 

other. 
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The free energy of formation of I m C n can be written 

A G I C = G I C " m G I " n G C 

and hence, eqns 6.1 and 6.2 can be rewritten as 

T>m, Y x n (a A)"'( a (J 
A G A C = RT ln " p u (6.3) 

aAC 

( a 7 ) m ( a 7 ) n 

A G b c = RT ln p (6.4) 
aBC 

If the compound free energy of mixing is assumed to arise due to 

mixing of the metallic elements, and the interst i t ia l element is taken 

to be pure and consequently not contributing, then i t can be shown, 

using well know theory, see e.g. ref (43), that 

in a j c = m ft ( l - x j ^ + l n x j c ] 

where a is the regular solution parameter, defined by: 

Hmix = n XAC XBC * 

P P 
X AC + X BC = 1 

Furthermore, at low alloying contents the matrix will obey Henry's law 

and thus: 

aA = hAXA » a B = h B X B ' a C = h C X C 

where hj is the activity coefficient of element I. These Henri an act i 

v i t ies substitued into eqns 6.3 and 6.4 give 
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G A C = RT 1n(X A ) m (X c )
n (h A )

n , (h c )
n -n .m( l -xJ c ) ' : -RT l n ( x j c )

m (6.5) 

G B C = RT ln (X B ) m (X c )
n (h B ) m (h c )

n -n .m( l - xJ c )
2 -RT l n ( x j c )

m (6.6) 

which can be rewritten to the more convenient form: 

(x[r)
m AG. r+nm(xJL)2 

(X; )" (Xj ) n - J ^ r exp A C

R T

 B C (6.7) 
A C ( h A ) m ( h c )

n R T 

(Xlr)m AGn r-rSm(Xn r)
2 

( X 7 ) m ( X 7 ) n = B C - exp % B C (6.8) 
B C ( h A ) m ( h c )

n < ^ 

Eqns 6.7 and 6.8 are closely related to the solubility products of 
• 

pure compounds that can be found in the l i terature. If XA£ = 1 then 

XgC = 0 and 

( W / 0 A ) - ( W / 0 C ) " - Ko exp ^ 

Consequently, data for ( h A ) m ( h c )
n are given by the temperature inde

pendent term of solubility products on the form 

/W, .\m,w, r>n _ r 2A log ( / 0 A) ( / o C ) - C 1 A - - T -

As for n, data are generally not easily available. Roberts and 

Sandberg (14) derived from data given by Grieveson (44), a value of ti 

for TiC-TiN, of -4260 J/mole. Assuming that n for the other possible 

combinations of compound components in microalloyed steels are of the 

same order of magnitude, this would be only a small contribution to 

the numerator in the exponents of eqns 6.7 and 6.8. I t i s , therefore, 

henceforth neglected. Thus: 
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( X j / ( X 7 ) " - 5 A ( x k > " exp (6.9) 

( X 7 ) m ( X 7 ) n = 5 B ( x 5 c )
m exp ^ (6.10) 

where 

5 j = 10 1 I ( I g ) ( m + n ) ( M I ) - m ( M c ) - n 

and 

A G 
C = - C O T l n 10 R "21' 

To complete the picture, constraints that take conservation of matter 

into account must be included. Defining s as being the molar fraction 

of precipitate, we can write 

x a = xAo-e<cm < 6- u> 

X B • X Bo" e X BC m ( 6 ' 1 2 ) 

X7 = X C o - ß n (6.13) 

XAC + XBC = 1 f 6 ' 1 4 ) 

Eqns 6.9-6.14 effectively defines the Fe-rich corner of the phase 

diagram A-B-C-Fe, including t ie- l ines to the precipitate phase l ine, 

see fig 6.1. 
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Fig 6.1 Schematic i l lus t ra t ion of the Fe-r ich corner of the phase 

diagram A-B-C-Fe, as predicted. 
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6.1 Comments on the results of the model 

Eqns 6.9-6.14 give 

( X A o - ß m i + X B o - e m X B C ) m ( X C o " e n ) n = 

r a / m , Y P , D v n ^ A C . , , »l/m f YP , a v n ^BCim , f i ,cs [ (C A ) (X A C ) exp -an- + (£ B ) (X B C ) exp i a n r - ] (6.15) 

Now consider the hypothetical case where B is chemically identical to 

A, i .e . s A = 5 B = 5 and A G A Q = A G ß R . = A G . AS such one can write 

X A o +X B o = X0 and, i f X A C = X B C = 1/2, Eqn 6.15 gives 

(X 0 -ßm) m (X C o - ß n) n - S-exp (6.16) 

Assuming instead that AmC n and B m C n precipitate independently of each 

other and therefore do not give rise to mixing effects, one can write: 

( ^ • ( X g , " = ? A exp f j £ 

( X 7 ) ^ ) " - 5 ß exp ^ £ 

and 

XY = *A XAo- ßAm 

XY = *B X Bo" e B m 

XY = *C X C o - 6 n 

where ß = f ! A + ß B 

thus, 
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AC 
v Y _ , y Y r n / m , J /m. , . - BC 
X B - (Xc> u B } E X P mr 

and 

X K - V » • ( x cV n / m [U A ) 1 / m exp ^ • ( C ^ e x p ^ C ] 

leading to i f 5 A = S B = C , XA = Xß = XQ and A G A C = A G ß C = A G 

o o 

(X 0 -ßm) n i (X C o -ßn) n = 2mEexp (6.17) 

Comparison of eqns 6.16 and 6.17 reveals that the equilibrium molar 

fraction of precipitate in the case where mixing effects are taken 

into account exceeds that of the case where the two compounds are 

forced to precipitate independently. Consider for the sake of simpli

city a compound where m = n = 1: 

mixed: X0XCo-X0ßn-XCoßm+ß£mn = 5 exp | y 

which leads to a second order polynomial with the solution 

_ V X C o _ ( ( V
X C o > 2 v A G . 1 / 2 

81 1 u — 2 " > X o X C o + C e x p TET' 

whereas in the case of independent precipitation 

_ V X C o _ ( ,
X o + X C o , 2 X „ . A G , 1 / 2 

8 2 2 ( l — "2" ' XoXCo 2 5 e x p T T F 

Obviously ß̂  > ß 2 -
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As will be shown later , at the temperature of complete dissolution of 

the part ic les, the composition in the equilibrium case will be strong

ly biased towards the most stable compound component. Thus the u l t i 

mate dissolution temperature is unaffected by mixing effects. At lower 

temperatures however, mixing effects will give rise to an increase in 

precipitate molar fraction. Whether or not this affects the grain 

growth behaviour in welding depends on whether or not complete disso

lution of the particles is needed to ini t iate grain growth. If this is 

the case, then the grain growth behaviour is independent of mixing 

effects in the particles and the temperature at which grain growth 

commences is merely determined by the solubil ity of the most stable 

compound. This is provided the diffusivity of the metal that forms the 

least stable compound is not so low that a high local matrix concen

tration tends to bias the particle composition towards the least 

stable compound. I t i s , however, reasonable to believe that grain 

growth is rate-limited by the dissolution of the part ic les, since 

dissolution requires diffusion over distances typically equal to half 

the inter-particle spacing, whereas the grain boundary migration i t 

sel f only requires local diffusion through the grain boundary. On this 

basis, the grain growth would closely follow from the expression given 

by eqn 3.5, and start as soon as the particle density decreases. This 

subject will be discussed further in the next section. 

Fig 6.2 shows the molar fraction of precipitate in a theoretical case 

where the Ti and V of steel 3 (see table 5.1) is forced to precipitate 

independently (dashed, heavy l ine ) . Dotted lines are molar fractions 

of TiN and VN respectively. This figure also shows the molar fraction 

as calculated by the use of eqns 6.9 through 6.14 (l ight l ine) and the 
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precipitate compositions given by the same equations (heavy l ine ) . The 

solubil i ty products used in the calculations are products 18 and 20 of 

table 2.1. 

Concerning (TiNb)-steel s , i t is well known that Nb has a tendency to 

precipitate in the form of carbo-nitride part icles, rather than pure 

carbides or nitrides. On this basis, the above theory for the forma

tion of mixed (TiNb)-compounds is not st r ic t ly applicable since the 

resulting (TiNb)(CN) would be a compound of quarternary composition. 

However, the experimental results to be presented in the next section 

will show that combining the solubil ity products 7 (Nb(CN)) and 18 

(TiN), in the way outlined above, gives a reasonable f i t to measure

ments. 

Figs 6.3 and 6.4 show the particle composition and molar fraction for 

steels 7 and 8 as calculated using solubil ity products 7 and 18 (table 

2.1) . Eqn 6.10 is here modified to be applicable to a carbo-nitride 

solubil i ty product in the form given in table 2.1 no 7. Thus eqn 6.10 

i s replaced by 

<4> m < X Karbon> n = «B<4c>" e *» T ( 6 ' 1 0 * ) 

A is taken to represent T i , B represents Nb and C represents N. I t is 

here assumed that the amount of carbon consumed for particle formation 

is small compared to the nominal carbon content of the alloy and that 

*carbon t n e r e f ° r e 1 S roughly a constant. 

I t should be pointed out that in these calculations the free energy of 

mixing of the carbon and nitrogen is essentially neglected. However, 
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Fi g 6.2 The molar fraction and composition of precipitates in the 

(TiV)-steel 3, as predicted (sol id l ight and heavy l i n e s , 

respect ive ly) . The figure also shows the molar fract ions 

in a theoretical case where TiN and VN are forced to pre

c ip i ta te independently (dashed, heavy l i n e ) . Dotted l ines 

are the molar fractions of TiN and VN. 

Fig 6.3 The pa r t i c l e composition and 

molar fraction for steel 7 

(Ti,Nb,low N), as a function 

of temperature. 

Fig 6.4 The pa r t i c l e composition and 

molar fraction for steel 8 

(Ti,Nb,high N), as a function 

of temperature. 
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the solubility product of Nb(CN) is experimentally determined and does 

therefore contain some information on C-N mixing effects. Nevertheless 

they do give a more satisfactory f i t to the measurements to be pre

sented in the following section, than calculations based on an assump

tion of pure carbides or nitrides. 

Fig 6.5 shows the equilibrium dissolution temperatures of the precipi

tate phase in Ti-V-N-steels as determined by eqns 6.9-6.14, as a func

tion of temperature and alloy composition. Each graph represents a 

steel with a Ti:V ratio as indicated on the graph and the vertical 

axis displays the total amount of microalloying addition in the steel . 

I t is worth noting that for Ti:V-ratios of 10 and higher the graphs 

are essentially straight lines and paralell to the one representing 

the solubility of "pure" TiN (Ti:V=100). This is because the V-content 

of the particles is extremely low. Nevertheless, i t quite considerably 

affects the possition of the graphs, as observed. 

Fig 6.6 shows the same graphs as calculated for Ti-Nb-(CN)-steels, 

using the modified version of eqn (6.10). The carbon content is here 

assumed to be 0.11 w/0. 

I t is not easy to find experimental data suitable to be used as the 

basis of comparison with data predicted by an equilibrium theory, 

since this requires long isothermal heat treatments, rapid quenching 

and very sophisticated equipment for making accurate measurements of 

the composition of small precipitates. Dunlop and Turner (42) did 

however perform such an experiment where the composition of (TiV)C-

particles was measured using the Atom Probe, after a 27 h anneal at 

800°C. Their result was 
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Fig 6.5 The equilibrium dissolution temperatures of the precipitate 

phases in Ti-V-N-steels as functions of temperature and 

alloy compositions. Each graph represents a steel with 

Ti:V ratio as indicated on the graph, and the vert ical 

axis displays the total amount of metall ic elements. 
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Fig 6.6 The equilibrium dissolution temperatures of carbo-nitrides 

in Ti-Nb-C-N-steels, determined by using the modified 

version of eqn 6.10. The carbon content of the steels is 

assumed to be 0.11 w/fl. 
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= 0.55 

The same ratio when calculated using eqns 6.9-6.14 gives 

= 0.56 , 

thus providing very satisfactory agreement between experiment and 

theory in this case. 

The above theory is essentially based on equilibrium considerations, 

and is thus only suitable as a starting point for kinetic effects, as 

far as welding is concerned. In the next section, therefore, we shall 

develop an approach towards quantitatively predicting the effects of 

diffusion kinetics on the composition and stabi l i ty of complex 

carbides/nitrides in steels subjected to weld thermal cycling. 
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7. KINETICS OF DISSOLUTION OF COMPLEX CARBIDES AND NITRIDES 

In the previous chapter we have considered an essentially equilibrium 

approach to studying the composition and stabil i ty of ternary (two-

metal carbides/nitrides. In metallurgical practice, however, systems 

are rarely given time to attain their equilibrium condition and the 

effect in this respect of the weld thermal cycle is just one - i f 

rather extreme - case of this situation. If we are to understand, even 

qualitatively, the effects on composition and stabil i ty of carbo

nitrides due to these types of thermal cycles, i t is therefore essen

t ia l we try to bring kinetics into the model. As will be obvious, the 

di f fusiv i t ies of the alloying elements will play an important role in 

cases where time is limited. In developing a kinetic model for complex 

carbo-nitrides, we use as a basis a strategy f i r s t presented by Ashby 

and Easterling (39) and later developed by Ion et a l . (40), henceforth 

refered to as the Ashby-Easterling model. 

After giving details of this model, we then show how the model can be 

developed for the case of complex carbonitrides. 

7.1 The Ashby-Easterling Model 

This model is essentially developed for a binary, i .e . single metal, 

carbide/nitride. As a particle dissolves, i ts atoms start diffusing 

away from i t and spread into the surrounding matrix. It is here 

assumed that no interaction takes place that hinders complete homogen-

ization. Using the simplifying assumption that all particles are of 

the same size and spacing, the matrix is taken to be divided into 
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equi-sized ce l ls such that net interdiffusion between cel ls does not 

take place. In the Ashby-Easterling model i t is assumed that the dif

fusive f ield around a dissolving particle is always uniform in com

position, see fig 7.1, and that the radius of the diffusive f ield in

creases with time according to the proportionality: 

r a /~DT 

where r is the radius, D is the diffusion coefficient of the metallic 

element and t is /time. I t is furthermore assumed that the interpar

t i c l e spacing, and hence cell s ize , is large in comparison to the par

t i c l e s ize . Therefore any change in particle size during dissolution 

i s neglected. Using this approach, i t is possible to define a spheri

cal "sub-cell" of volume f into which the solute will spread uniformly 

i f time is limited. Obviously, f = 3-*^ but i t is convenient to nor

malize f to the volume of the main c e l l . I f the interparticle spacing 

i s taken to be 21, then we can define 

f ( k D t ) 3 / 2 

f = 3 
1 J 

where k is a proportionality constant. Consequently, the shorter the 

time available for a given degree of dissolution, the smaller f will 

be. This gives rise to a solute concentration within the subcell that 

is higher than the nominal one, and use of solubility data for the 

compound in question results in a local equilibrium temperature that 

is higher than the equilibrium dissolution temperature of the alloy. 

In the Ashby-Easterling model, f i s corrected for impingement into 

neigbouring ce l ls by use of a method reported by Avrami (45) and 

Johnson and Mehl (46), giving 
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Concentration of 
metallic element 
i 
i 

time 

r distance 

Fig 7.1 I l lustrat ion of the diffusion model used. 
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- - , ( k D t ) J / , \ f - l-exp(- -i i ) 

r 

Furthermore, i t is stated that 

1 = ( k D ( T * ) t * ) 1 / 2 

where (T*,t*) is a temperature and a time at which dissolution is 

known (from some experimental data) to be essentially complete. Now, 

since 

D = D0exp - ^ 

i t then follows that 

f = l - e x p f - ^ e x p ^ (1 ))3/2, 

This equation is modified to apply to a weld thermal cycle by intro

ducing a variable, o, that relates the characteristic cooling time, 

A t , and the peak temperature, Tp, to time and temperature in a 

corresponding isothermal heat treatment, a is defined in ref (40) in 

such a way that the weld cycle ( T p , A t ) has the same effect (from a 

kinetic point of view) as the isothermal treatment (Tp.a-r), where t is 

the heating time of the weld thermal cycle. Ion et a l . (40) thus 

arrive at an expression for f as: 

f = l-exp(- exp # ( f - 4 ^ ) ) 3 / 2 ) (7.1) 
P P 

Consequently, i f time is short, f « 1, and the solute will have 

spread into a smaller volume than that of the main c e l l . Thus the 

temperature at which the sub-cell concentration sat isf ies local 
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e q u i l i b r i u m is increased relative to the equilibrium temperature at 

long times. Note that this superheating is entirely a function of A t 

and of the experimental datapoint available. On this basis a contour 

of complete dissolution in the Tp-At-plane can now be constructed. In 

a grain growth welding diagram this contour effectively serves as a 

limitation to an area of unrestricted grain growth, see fig 7.2. This 

diagram can be used to help predict the austenite grain size resulting 

from any given welding process in terms of { T p , A t ) . 

7.2 Development of the Ashby-Easterling Model to the case of  

ternary (two metal) carbides/nitrides 

The definition of f, given by Ion et a l . is such that i f A t = A t * and 

Tp = Tp*, then f » 0.63, regardless of how ( T p * , A t * ) is chosen. I t is 

hard to find the physical significance of this and i t is used in the 

model as a convenient mathematical way of i l lustrat ing carbonitride 

superheating. Now i f an observation is made of complete dissolution 

at , or near to, the equilibrium dissolution temperature of the com

pound, then A t * must extend to very long times. 

However, as defined in the model, at the datapoint mentioned, f « 

0.63, which implies that superheating should have been considerable. 

This is clearly an inconsistency with the datapoint used. Therefore, 

in this work, f will be re-defined as 

. ( D t ) 3 / 2 

( D n * ) 3 / 2 
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This gives the correct result that at the carbonitride equilibrium 

solution temperature, T^, f = 1, but for T > Tp, f < 1. Using now the 

same modifications as in the Ashby-Easterling model, this gives for 

the case of a carbide/nitride containing two metallic species, A and 

B: 

each species being assumed to diffuse independently, as shown in Fig 

7.3. 

With this definition of f, the two datapoints (T^, A t A * ) and (T^, 

A t g * ) will represent dwell times for which elements A and B, respec

t ive ly , will have spread a distance equal to half the interparticle 

spacing at the equilibrium dissolution temperature of the compound, 

T E . Consequently f A and f ß will be unity at their respective "data-

points" and the temperature of local equilibrium will correspond to 

the nominal composition of the alloy. A t A * and A t g * can be calculated 

by use of any measurable observation of dissolution, knowing the 

corresponding particle composition. If the state of the alloy before 

o P° 

welding is known, i .e . i f ß , X A r . , is known, then the experimental 

observation - henceforth designated (T , A t d , X̂ jJ) - can be used for 

solving A t A * and A t g * . This is done by using eqns 6 . 9 , 6 . 1 0 , 7.2, 7.3 

and 7.4-7.7 , below 

(7.2) 

f, B (7.3) 

X A • h o - * 0 < l ^ / f i 
(7.4) 

XB = X B o - ß 0 m X B C + ß m / f l B (7.5) 
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Fig 7.2 Schematic diagram showing how the area of unrestricted 

grain growth is limited by a part icle dissolution contour. 

Fig 7.3 The assumed condition of equi-sized and -spaced part ic les 

surrounded by c e l l s into which they dissolve, penetrating 

depths into the matrix determined by the d i f f u s i v i t i e s of 

the metall ic elements. 
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X C = X C o - ß ° n ( 1 - x ) 
( 7 . 6 ) 

ft°XPo-BA  

A C " ß ° ( l - x ) 
( 7 . 7 ) 

where x i s the degree to wh ich the p a r t i c l e s have d i s s o l v e d , ß and 

D 

ß a r e the molar f r a c t i o n s o f the A - and B-components o f the p r e c i p i 

t a t e t h a t has gone i n t o s o l u t i o n , i . e . 

ß A

+ ß B = x e ° 

Once A t A * and A t ß * a r e known, ( T £ , A t A * ) and ( T ^ , A t ß * ) can be used as 

" d a t a p o i n t s " s u b s t i t u t e d i n t o eqns 7 .2 and 7 . 3 , and s e r v e as a c a l i 

b r a t i o n o f the d i s s o l u t i o n c o n t o u r to be c a l c u l a t e d . 

S u m m a r i z i n g , i t can be c o n c l u d e d t h a t w i t h i n the l i m i t s o f the s i m p l i 

f i c a t i o n s d i s c u s s e d , the d i s s o l u t i o n b e h a v i o u r o f the p r e c i p i t a t e 

p h a s e i n a m i c r o a l l o y e d s t e e l can be p r e d i c t e d by s o l v i n g the 

f o l l o w i n g s e t o f e q u a t i o n s 

b e f o r e 
wel d i n g 

' / v Y O \ m , v Y C K n _ / v P o « n u v „ i G A C 
( X i ) ( X I ) - 5 . ( X . r ) exp — — 

A V R T A C 
RT 

A G 0 

( X Y 0 ) m ( X 7 0 ) n = C B (xJ ° ) m exp _ J £ 
R r 

yYO 
*A 

yYO 
* B 

lf Y 0 

X A o - e ° m X A C 

y 0 0 _ Y P O 
Bo" BC 

X C o - ß ° n 

X P o + X P o = X P ' + X P ' = 1 
A A C *BC *AC *BC 1 

( 7 . 8 ) 

( 7 . 9 ) 

( 7 . 1 0 ) 

( 7 . 1 1 ) 

( 7 . 1 2 ) 

( 7 . 1 3 ) 
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during 

welding 

( X Y

A ' A x Y V = C A ( X ^ e x p ^ 

(X 7 )m(X Y ) n = 5B(XB C)'"exp 
RT' 

X A ' " X A o - e ° m X ! 2 + ß A m / f A 

X

D ' - XB o-6°n.x;°c +6
Bn./fB 

X c " = X C o -ß°n( l -x) 

p. e * A C - B 

* A C " — 
6 u ( l - x ) 

ß A

+ B
B = XS° 

(7.14) 

(7.15) 

(7.16) 

(7.17) 

(7.18) 

(7.19) 

(7.20) 

where the suffix (') denotes the high temperature condition during 

welding. 

is s t r ic t ly the temperature where diffusion, during processing of 

the steel , can be regarded as having effectively stopped. A measure-

P ° 

ment of XA r. is probably the easiest way to find the necessary starting 

datapoint for making the calculation, and this is best divided into 

two steps as follows: 

(a) determination of the standard state of the alloy: solving eqns 

(7.8) through (7.13); 

(b) determination of the high temperature condition: solving eqns 

(7.13) through (7.20) in the way indicated above. 

There is no way to solve this equation system analyt ical ly, but a 

multiple iteration procedure has been used by us instead and flow 
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Charts i l lustrat ing the procedure are presented in App. 1. The com

putational algorithm also includes a determination of ß, the molar 

fraction of precipitate. The only measurements that have had to be 

P° 

made are for X A C and some grain size measurements from a single bead-

on-plate weld to determine the data point (T p , At d X ^ ) . 

7.3 Diffusion within the particles 

In the above approach i t is assumed that the composition of the par

t ic les can adjust to changes in the composition of the surrounding 

matrix, and i t is now relevant to consider the feasability of this 

assumption. In general, ordered structures l ike carbides and nitrides 

possess very low d i f fus iv i t ies , as can be expected from their inherent 

structure. The metallic elements have to diffuse within their own 

sublattices only, which results in di f fusivi t ies several orders of 

magnitude lower than in the austenite matrix. However, there is some 

evidence that in certain mixed metal carbonitrides the diffusion rates 

can be substantionally increased. Indeed, using the data given by 

Sarian (47), of Nb in (TiNb)C i t appears feasible that at the peak 

temperature considered in the present context, a certain redistribu

tion of alloying elements in the (TiNb) compounds during slow cooling 

cannot be ruled out. Sarian gives data for the diffusion of Nb in the 

Ti-sublatt ice of TiC Q g 5 and in an equimolar solution of T I ' C Q ^ and 

NbCQ 8 5 as follows: 

Composition Tracer D0 0 temperature 
(cnr/sec) (KJ/mol) range ( C) 

T iC Q 9 5 Nb 2.4 351.5 1935-2170 

( T i Q 5NbQ 5 ) Nb 4.7-10 2 502.1 2170-2280 
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These data imply that for fractions of niobium between 0 and 0.5, the 

distance diffused, estimated as 1 = / W , at 1600 K l i es between 0 . 9 / 7 

nm and 28 / T nm. A possible explanation to this high diffusivity may be that 

since Nb diffuses by presumably a vacancy mechanism, i ts diffusivity 

should increase with increasing molar fraction of vacancies. Further

more i t is not impossible that the stress field around a Nb atom 

attracts vacancies to such an extent that the diffusion rate is 

affected. We thus conclude that in the steels and thermal cycles con

sidered here adjustments in carbonitride composition can occur on 

relatively slow cooling. 

The considerations discussed in this section will be used in Ch. 9 to 

construct welding diagrams for steels containing complex ternary car

bonitrides. 

7.4 Non-uniform particles sizes 

In the Ashby-Easterling model i t was assumed that a certain fixed 

amount of particle dissolution is required for onset of grain growth. 

In this context reference should be made to fig 7.4 showing the cumu

lat ive frequency of particles as a function of their size as well as 

the cumulative particle volume fraction. The graphs are calculated on 

the basis of particle size measurements in weld simulated samples of 

steel 4 {see table 5.1). I t is seen that the majority of the particles 

are very small. However, these small particles account for a com

paratively small volume fraction. Assuming, then, that the smallest 

particles are the f i rs t to be dissolved, only 25% dissolution is evi 

dently enough to decrease the number of particles per unit volume by 

95%. It is therefore, admittedly rather arbi trar i ly , assumed that for 
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particle size distributions typical of the type of steels investigated 

here, 25% dissolution of the pinning particles is sufficient to make 

Zener grain boundary pinning inactive. This i s , however, a controver

s ia l point, and we shall return to a discussion of this in Ch. 9. 

particle siie (nm) 

Fig 7.4 The cumulative re l a t i v e frequency (a) and cumulative 

volume fraction, normalized to tot a l volume fraction (b), 

as a function of particle s i z e . 
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8. EXPERIMENTAL RESULTS 

As can be understood from the foregoing sections and objectives of the 

work, the experimental results to be presented in this chapter al l 

deal with various aspects of Ti-based steels, with a Nb-steel acting 

as a reference grade. However, for the sake of continuity of result 

presentation, we here divide this chapter up into main sections of 

"as-received steels" and "weld-simulated (or as-welded) conditions", 

and these sections in turn are sub-divided into the various types of 

microstructural and property study carried out. It will then be our 

task in the "Discussion of Results" chapter to make comparisons and 

draw overall conclusions of the various types of behaviour observed. 

8.1 Light optical microscopy 

a) As-received material 

The microstructures of the steels studied in the as-received condition 

comprise in al l cases of a mixture of ferr i t ic and pearl i t ic grains. 

The ferrite grain s izes , measured by use of a linear intercept method 

in entirely fe r r i t ic areas as shown in fig 8.1, are given in table 

8.1. It should be noted that these values correspond to a three-

dimensional grain size obtained by multiplying the average boundary 

spacing with the geometrical factor 1.776. Steels 7 and 8 are seen to 

have a considerably coarser grain size than the other steels . This is 

explained on the basis that these steels are not normalized as is the 

case for the other steels , rather than on composition considerations. 
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Table 8.1 Grain sizes in as-received materials and in weld 

simulated materials 

weld simulated 
prior austenite 
grain s i ze ,cyc les 

as-received A B C D 
Steel no. designation fe r r i te (1350,100) (1377,17) (1305,100) (1220,13) 

1 T1 16 53 

2 TiN 13.5 45 

3 TiAl 18 96 

4 T1V 13.5 40 -

5 TiVN 13 40 

6 T1VA1 17 80 

7 NbTiC 32.5 200 110 70 40 

8 NbTiN 29 75 100 85 20 

9 Nb 200 

3, 100 jum 

Fig 8.1 An i l lus t ra t ion showing how the l inear intercept method 

were applied in counting the number of grain boundary 

intercepts on a straight l ine drawn through the micro-

structure. For each sample c:a 100 intercepts were counted. 
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b) Weld simulated material 

Micrographs of all the steels in the weld simulated condition are 

shown in figs 8.2-8.16. As can be seen, the prior austenite grain 

sizes are d i f f icul t to measure in some of the microstructures. How

ever, on the basis of a combination of general inspection and approxi

mate measurement of some of the structures, the different samples can 

at least be ranked. The measurements are obtained by simply estimating 

the average of a number of measured grain diameters (~ 50 grains). The 

prior austenite grain boundary is here taken to be located either half 

way between centers of widmanstätten - or bainit ic areas or/and along 

pearlite-free paths in the structure, depending on the type of micro-

structure studied. 

I t can be seen, in table 8.1, that variations in the ferrite grain 

sizes of as-received materials closely follow the variations in prior 

austenite grain sizes of weld-simulated materials, except in the 

(TiNb)-steels 7 and 8. Possible reasons for the discrepency in this 

case will be taken up later in conjunction with the discussion con

cerning the nature of the precipitate particles (section 8.4). 

The grain sizes measured indicate that in the steels studied, the 

effects of the alloying additions are as follows: 

- Nitrogen 

An increase in nitrogen results in smaller as-received ferr i t ic 

grain size as well as a smaller prior austenite grain size after 

weld simulation. This is particularly well demonstrated in the weld 

simulated (thermal cycle A) samples of the high-N (Ti,Nb)-steel 8, 

as compared with the low-N (Ti,Nb)-steel 7. 
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Fig 8-4 The microstructure of steel 3 ( T i . A l ) , weld simulated 

with Tp = 1350°C, At = 100 sec. 



Fig 8.5 The microstructure of steel 4 ( T i . V ) , weld simulated with 

Tp = 1350°C, At » 100 sec . 



Fig 8.6 The microstructure of steel 5 (T i .V.N) , weld simulated 

with Tp = 1350°C, i t = 100 sec . 
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Fig 8.8 The microstructure of steel 7 (Ti,Nb, low N), weld simu

lated with Tp = 1350°C, At = 100 sec. 
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Fig 8.9 The microstructure of steel 8 (Ti.Nb, high N), weld simu

lated with Tp = 1350°C, i t = 100 sec. 
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Fig 8.13 The microstructure of steel 7 (Ti.Nb, low N), weld simu

lated with Tp * 1305°C, i t = 100 sec . 
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Fig 8.16 The microstructure of steel 8 (Ti.Nb, high N), weld 

simulated with Tp = 1220°C, At = 13 sec. 
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- Aluminium 

Increased Al-level increases the grain size considerably, in par

t icular the prior austenite grain size of weld simulated samples 

(compare e.g. fig 8.5 (low Al) with fig 8.7 (high A l ) ) . 

- Vanadium 

I t is demonstrated that an increase in V in steels 4-6 decreases 

the grain sizes as compared to steels 1-3, see table 8.1. The 

trends discussed above concerning N and Al are however essentially 

not affected. Steel 7 contafns about twice as much V as does steel 

8, however, in this case the effect of V is not strong enough to 

counteract the effect of a higher C/N-ratio. 

Weld cycles B, C and D (Tp.At) = (1377,17), (1305,100), (1220,13) resp. 

These thermal cycles affect the prior austenite grain size of steels 7 

and 8 in roughly the same way. This is in contrast to how the micro-

structures are affected by thermal cycle A, in which roughly the same 

peak temperature is reached (1350°C) as in cycle B (1377°C). However, 

the cooling time constants of cycles A and B are 100 sees and 17 sees, 

resp. and the prior austenite grain size resulting from cycle A is 

more than twice as large in steel 7 as in steel 8, see table 8.1. The 

implications of this will be discussed in conjunction with particle 

distributions and - compositions (see section 8.4). 

8.2 Charpy-V-notch testing 

Fig 8.17 i l lustrates the results obtained with al l the steels 1-9, 

weld-simulated with thermal cycle "A", i .e . Tp = 1350°C, At = 100 sec. 

I t is seen that steels 7 and 9 demonstrate fair ly similar properties, 



Fig 8.17 Charpy-V-notch impact energies as functions 

of tanperature for steels 1-9. 
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whereas steel 8, having a lower C/N-ratio than steel 7, is more like 

the T i - and (TiV)-based steels 1-6. These charpy values are thus well 

reflected by the prior austenite grain sizes measured, table 8.1. Con

cerning the absolute values measured i t can be seen that the (Nb)- and 

(NbTi, low N)-steels 9 and 7 exhibit transition temperatures around 

0°C, whereas all the other steels are below -20°C. 

8.3 Electron microscopy observations 

Transmission electron micrographs from the extraction replicas of the 

steels studied are shown in figs 8.18-8.20. Fig 8.18 shows the e l l i p 

soidal particle morphologies typical of those observed in the T i - and 

TiV-steels (1-6) in the as-normalized condition. Fig 8.19 shows the 

more angular and well defined particles typical of those observed in 

the same steels after weld simulation. Fig 8.20 well represents the 

particles of the (Ti ,Nb)-steels 7 and 8 before and after the weld 

simulations, at least as far as the particle shape is concerned. 

Electron diffraction ring patterns, figs 8.21 and 8.22, show that in 

normalized samples of steels 1-6, TiN-like particles as well as AIN 

are present, whereas in weld simulated samples of the same steels the 

AIN has evidently dissolved since this latt ice could no longer be 

detected. 

In steels 7 and 8 (as-received) there is no indication that AIN 

should be present, and this is i l lustrated by fig 8.23, 

With this as a brief background we shall now proceed to considering 

the particle size distributions and particle compositions in the 
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Fig 8.18 Transmission electron micrograph showing the 

par t i c l e morphology i n normalized samples of 

st e e l 4 (Ti,V). 

Fig 8.19 transmission electron micrographs showing 

particles i n steel 1 ( T i ) , weld simulat d 

with T = 1350°C, At = 100 sec. 
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Fig 8.20 Transmission electron micrograph showing part ic les in 

steel 7, as - ro l l ed . 



Fig 8.21 Electron diffraction ring pattern obtained 

by including many particles within the aperture, 

recorded from s t e e l 1 ( T i ) , as normalized. 
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Fig 8.23 Electron diffraction ring patterns recorded 

fron steels 7 (Ti,Nb,low N) and (Ti,Nb,high N) 

in the as-rolled condition, showing bands of 

diffraction spits rather than separate rings. 

The width of t i e bands corresponds to particles 

ranging from Tii! to NbC. 
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various samples, and see how these data relate to the prior austenite 

grain sizes presented earl ier (table 8.1). 

8.4 Particle sizes and - compositions 

8.4.1 as-received material 

a) Particle size distributions 

The size distributions of the precipitate particles before weld simu

lations are shown in figs 8.24-8.31 and the median particle sizes are 

summarized in table 8.2. I t can be seen that steels 3 and 6, in which 

the Al-level is higher than in the other (T i ) - and (TiV)-steels, ex

hibit the coarser particle size distribution. This result is very in 

teresting and will be discussed in more detail in chapter 9. Similar

l y , i t is seen (figs 8.30, 8.31) that the low-N steel 7 contains con

siderably coarser particles than does the high-N steel 8. In this 

case, however, the explanation is probably the result of the C/N-ratio 

of steel 7 being more than twice that of steel 8. 

Both of these examples are well reflected by observations of grain 

sizes (table 8.1), in that a coarser particle size distribution is 

correlated to a coarser grain s ize. 

An increase in N-level, on the other hand results in a finer particle 

distribution in steel 2, fig 8.25, as compared to steel 1, but a 

slightly coarser distribution in steel 5 as compared to steel 4, fig 

8.28. This difference may be due to the fact that the nitrogen con

tents of steels 4-6 are under-stoichiometric with respect to the 

amounts of Ti and V, and therefore an increase in N will lead to a 
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Table 8.2 Median particle sizes (nm) in as-received and weld 

simulated samples 

weld cycles 

Steel no. designation as-received (1350,100) (1377,17) (1305,100) (1220,13) 

1 (Ti) 7.5 15 

2 (T i , N) 6 14 

3 {Ti .Al} 12 16.5 

4 (Ti.V) 7 18 

5 (TI.V.N) 8 16 

6 (Ti.V.Al) 12.5 26 

7 (Ti.Nb.low N) 19 18 20 16 

8 (Ti.Nb.high N) 10 25.5 13 15 
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Fig 8.24 The part ic le s ize distribution in normalized samples of 

steel 1 ( T i ) . 
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Fig 8.25 The part ic le s ize distribution in normalized samples of 

steel 2 (T i .N) . 
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Fig 8.26 The part ic le size distribution in normalized samples of 

steel 3 ( T i . A l ) . 
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Fig 8.27 The part ic le size distribution in normalized samples of 

steel 4 (T i .V ) . 
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Fig 8.28 The part ic le size distr ibution in normalized samples of 

steel 5 (Ti .V.N) . 
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Fig 8.29 The part ic le size distr ibution in normalized samples of 

steel 6 (T i .V .A l ) . 
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Fig 8.30 The part ic le s ize distr ibution in as-ro l led samples of 

steel 7 (Ti.Nb, low N). 
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Fig 8.31 The part ic le s ize distr ibution in as-rol led samples of 

steel 8 (Ti.Nb, high N). 
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considerably higher volume fraction of precipitate. This counteracts 

the increase in nucleation rate that the N-increase should be expected 

to induce. In figs 8.30 and 8.31 ( i l lustrat ing steels 7 and 8) , i t is 

seen that an increase in nitrogen results in a markedly finer particle 

distribution. In this case, the effect is due to a higher C/N-ratio in 

steel 7, leading to a higher carbon content in the particles of this 

steel . The particles are therefore less stable, following a general 

trend that nitrides are more stable than carbides, and tend to coarsen 

more rapidly, due to a richer solution of slowly diffusing, metallic 

elements in the matrix. 

Increasing the V-content of the steels coarsens the particle distribu

tion somewhat, as can be seen by a comparison of steels 1-3 and 4-6. 

This is not reflected by a coarser grain size and the explanation to 

this is that the volume fraction of precipitates increases due to the 

more plentyful supply of nitride former. The resulting grain size is 

in fact somewhat refined (see table 8.1). 

Adding Nb to a T i -s tee l , figs 8.30 and 8.31, results as mentioned pre

viously in a particle size distribution which appears to be c r i t i c a l l y 

dependent on the C/N-ratio, in that the resulting carbo-nitride dis

tribution is more thermodynamically stable the higher the N-fraction 

in the particles. 

Summarizing, i t can be concluded that in the steels investigated, ele

ments present in the steels and hence in particles affect the particle 

sizes in the as-received material in the following way: 

- .Aluminium causes the particles to coarsen considerably 

- Nitrogen has the effect of refining particles sizes unless the 

nitrogen content of the steel is severely under-stoichiornetric. 
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- Vanadium when present helps to coarsen the particles to some 

extent, but in the steels studied has the effect of increasing the 

volume fraction of particles enough to s t i l l provide the grade with 

relatively fine grain s ize. 

- ]Ji£bium the effect of this element is largely dependent on the 

C/N-ratio of the steel , in that the addition of Nb appears to 

generate a carbo-nitride distribution rather than a nitride d i s t r i 

bution. 

b) Particle compositions 

The particles of all the steels studied were of essentially ternary 

(two-metal) composition. The particles of steels 1-6 were generally of 

the type (TiV)N and those of steels 7 and 8 were of the type 

(TiNb)(CN). This conclusion can be drawn from considering the ring 

diffraction patterns of figs 8.21-8.23, and the way the particle size 

distributions of steels 7 and 8 correlate to the C/N-ratios. 

Particle compositions were measured using the EDX-technique and 

plotted as a function of particle size in steels 4, 7 and 8. These 

plots are shown in figs 8.32-8.34. It is seen that the Ti-content of 

the particles in steel 4 increases from around 40% in 10 nm particles 

to ~ 90% in large (100-300 nm) part icles. Although the scatter appears 

to be fair ly Targe, analyses of 50-300 nm sized particles were in no 

way di f f icul t to carry out using STEM-EDX techniques and measurements 

should thus have a relative error of less than 6%. The size dependence 

of the composition observed in figs 8.32-8.34 can therefore be con

sidered to be a true and significant result . In steel 7, fig 8.33, 
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Fig 8.32 Composition of individual part ic les in normalized samples 
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,33 Compositions of individual part ic les in as-rol led samples 

of steel 7 (Ti.Nb, low N). 
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Fig 8.34 Compositions of individual part ic les as-rol led samples 

of steel 8 (Ti,Nb, high N). 
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20 nm particles have a Ti-content of about 60% and this decreases with 

increasing particle size to about 20% Ti at a 100 nm size. The same 

trend is observed in steel 8, where the Ti-content decreases from c:a 

55% at 20 nm size to 25-30% at 100 nm particle size. 

8.4.2 Weld-simulated Materials 

a) £art_ic_Te_s2ze di stributions 

The particle size distributions of all the steels after various weld 

thermal cycles are shown in figs 8.35-8.46, and median particle sizes 

are summarized in table 8.2. The trends concerning particle size as a 

function of alloy composition, as well as of grain s ize, pointed out 

for as-received materials are seen to also hold for the weld-simulated 

materials. If anything, the trends discussed are even more pronounced. 

On the whole, the size distributions are coarser than for the as-

received material, which is of course expected. One exception to th is , 

however, concerns steel 7, (Ti.Nb.low N), cycle D (Tp = 1220°C, At = 

13 sec) , in which the median particle size is actually refined from 19 

nm in the as-received condition to 16 nm after thermal cycle 0. 

This may be interpreted as an effect of a size-dependent carbon con

tent of the particles in that the larger particles may have been 

closer to a carbide than nitrode composition compared to the smaller 

particles and will therefore have dissolved during the thermal cycle. 

This is to some extent supported by the fact that large particles are 

richer in Nb, which is an element known to preferentially precipitate 

as carbo-nitride particles. In more severe cycles, such as B and C, 

particle coarsening takes place and the refining effect is absent. 
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Fig 8.35 The part ic le s ize distr ibution in samples of steel 1 ( T i ) , 

weld simulated with Tp • 1350°C, At = 100 sec. 
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Fig 8.36 The part ic le s ize distr ibution in samples of steel 2 

(Ti ,N), weld simulated with Tp = 1350°C, At = 100 sec . 
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90 nm 

Fig 8.37 The part ic le size distribution in samples of steel 3 

( T i . A l ) , weld simulated with Tp = 1350°C, At = 100 sec . 
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Fig 8.38 The par t ic le size distribution in samples of steel 4 

( T i . V ) , weld simulated with Tp = 1350°C, At = 100 sec. 
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Fig 8.39 The part ic le s ize distribution in samples of steel 5 

(T i .V .N) , weld simulated with Tp = 1350°C, i t - 100 sec . 
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Fig 8.40 The part ic le size distribution in samples of steel 6 

( T i . V . A l ) , weld simulated with Tp = 1350°C, At = 100 sec. 



132 

% 

60-

50-

40-

30-

20-

10-

10 20 30 40 50 60 70 80 90 nm 

Fig 8.41 The part ic le s ize distribution in samples of steel 7 

(Ti.Nb, low N), weld simulated with Tp = 1377°C, 

At = 17 sec. 
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Fig 8.42 The part ic le size distribution in samples of steel 7 

(Ti.Nb, low N), weld simulated with Tp = 1305°C, 

At * 100 sec. 
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Fig 8.43 The part ic le s ize distribution in samples of steel 7 

(Ti.Nb, low N), weld simulated with Tp = 1220°C, 

At = 13 sec . 
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Fig 8.44 The part ic le s ize distribution in samples of steel 8 

(Ti.Nb, high N), weld simulated with Tp = 1377°C, 

At = 17 sec . 
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Fig 8.45 The part ic le s ize distribution in samples of steel 8 

(Ti s Nb, high N), weld simulated with Tp = 1305°C, 

i t = 100 sec . 
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Fig 8.46 The part ic le s ize distr ibution in samples of steel 8 

(Ti.Nb, high N), weld simulated with Tp « 1220°C, 

i t = 13 sec 
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b) £artjcJ_e_com£0si t.i on_s 

Steel 4 (Ti,V) 

Cycle A. (Tp = 1350°C, A t = 100 sec) 

Fig 8.47 shows the particle composition as a function of particle 

s i ze , following cycle A. I t is seen that large particles have the same 

composition as in the normalized samples. On the other hand the 

smaller (10-50 nm) particles of high V-content in the normalized 

material have evidently dissolved during thermal cycling, leaving an 

average of ~ 65% V in the 10 nm part icles. It can be observed that 

measurement scatter appears less than for the normalized material 

(compare with fig 8.32). 

Steel 7 (Ti.Nb low N) 

Cycle B. (Tp = 1377°C, A t = 17 sec) 

In fig 8.48, i t can be seen that this sample demonstrates a less pro

nounced size dependence of the particle composition. The composition . 

i s around 85 or 90% Ti for particles of sizes 20-100 nm, and the 

measurement scatter is fa ir ly small. This is in sharp contrast to the 

situation in the as-received material where no Ti analysis was found 

to be above 80%, and measurement scatter was comparatively large. Con

cerning this steel i t can therefore be concluded that unless all the 

particles observed are the result of reprecipitation during cooling, 

which is unlikely, definite changes in particle composition have taken 

place. 
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90 nm 

Fig 8.47 Composition of individual part ic les in samples of steel 4 

( T i , V ) , weld simulated with Tp = 1350°C, i t = 100 sec. 
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Fig 8.48 Ccmposition of individual particles i n samples of 

st e e l 7 (Ti,Nb,low N), weld simulated with 

T = 1377 ° C i t = 17 sec. 
P 
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Steel 7 

Cycle C. (Tp = 1305°C, At = 104 sec) 

This sample, fig 8.49, demonstrates particle compositions situated 

about half way between those of the as-received material and the 

material subject to thermal cycle B. The scatter is again large, 

extending from c:a 80% to 30% T i . 

Steel 7 

Cycle D. (Tp = 1220°C, At = 13 sec) 

Fig 8.50 shows compositions which appear to be fair ly independent of 

particle s ize . With few exceptions the measurements l i e within 60 to 

80% T i . The upper l imit , 80%, is about the same as that observed in 

the as-received material. A comparison of this figure with fig 8.33, 

showing the as-received sample, seems to confirm the suggestion made 

in sect 8.4.2 a) concerning dissolution of large, high-carbon content 

particles of this steel . 

Steel 8 (Ti.Nb high N ) 

Cycle B. (Tp = 1377°C, At = 17 sec) 

This sample, i l lustrated by fig 8.51, demonstrates a very weak ( i f 

any) size dependence. The upper l imit , ~ 90% T i , is constant for al l 

s i zes , whereas small particles are present with compositions extending 

down to c:a 70% T i . As for steel 7, subject to the same thermal cycle, 

the scatter is fair ly small. 
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Fig 8.49 Composition of individual particles in samples of 

steel 7 (Ti,Nb,low N), weld simulated with 

T = 1305 C, at 
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Fig 8.50 Composition of individual part ic les in samples of steel 7 

(Ti.Nb, low N), weld simulated with Tp = 1220°C, i t = 

13 sec . 
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Fig 8.51 Composition of individual part ic les in samples of steel 8 

<Ti,Nb, high N), weld simulated with Tp = 1377°C, i t = 

17 sec . 
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Fig 8.52 Composition of individual part ic les in samples of steel 8 

(Ti.Nb, high N), weld simulated with Tp = 1305°C, i t = 

10(1 sec. 
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Steel 8 

Cycle C. (Tp = 1305°C, At = 102 sec) 

Again, the scatter is considerable, fig 8.52. Small particles exhibit 

compositions extending from 90% to 30% T i , whereas this scatter de

creases with increasing particle size and the composition of large 

particles appears to stabil ize at around 70% Ti . 

Steel 8 

Cycle C. (Tp = 1220°C, A t = 13 sec) 

In this case (fig 8.53) the particle composition is nearly constant 

with s ize, being around 55% T i . This figure may serve to i l lustrate 

the type of measurement scatter produced by the STEM-EDX analyzing 

technique used. This in turn again continous the observation that the 

large spread in some of the composition ranges measured, see figs 

8.47-8.53, are genuine, and we shall return to these interesting 

results later. 

8.4.3 The particle coarsening effect of Aluminium 

The very marked effect of Al-content on particle size cannot be ex

plained on the basis of increased particle volume fraction due to 

intermixing with AIN, since the Al-content measured was invariably 

far i ly low, see fig 8.54. In a few particles in the high V - high Al 

Ti-steel (steel 6) i t approaches 1Oat/0, but in most cases i t was only 

3 at/0 or less . Furthermore, in dilute solutions such as these, i t 

i s not l ikely that the diffusion rate of Ti and V - and thereby the 

particle coarsening rate - should be affected by the presence of Al . 

Possible reasons for the effect will be taken up later. 
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Fig 8.53 Composition of individual particles in samples of steel 8 

(Ti.Nb, high N), weld simulated with Tp = 1220°C, i t = 

13 sec. 
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Fig 8.54 The Al-content of precipitate particles i n steel 6 

(Ti,V,high Al) and i n steel 4 (Ti,V). 
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9. DISCUSSION OF EXPERIMENTAL RESULTS 

The main features of the experimental results may be summarized as 

follows: 

a) In the as-recieved condition of the steels studied, particle 

compositions are spread over a wide range, e.g. 20-80% Ti in 

the (TiV)-steel 4 (Fig 8.32); 30-70% T in the TiNb steel 7 (Fig 

8.33). In this condition the particles are mainly very small 

with a mean size of around 10 nm. There appears to be no marked 

particle size dependence on composition in this hot- rolled/nor

malized condition. 

b) Following weld thermal cycling, the compositions of particles 

change substantially, and in some cases a slight particle size 

dependence on composition is apparent (see e.g. Figs 8.47 and 

8.52). Furthermore, the spread of compositions for a given par

t ic le size is reduced following the thermal cycle. However, the 

relative amounts of these changes depend on the thermal cycle, 

the time constant of the cycle appearing to be of particular im

portance in this respect. For example, long At's of around 100 s 

result in a wider spread of compositions for the smaller par

t ic les than short cooling times of around 10-15 s (compare Figs 

8.49/8.50 and 8.52/8.53). 

c) The post-weld thermal cycle trends discussed appear to be 

equally applicable i f the particles are rich in carbon or in 

nitrogen. For example, in the (TiNb) stee ls , one steel is 

(according to the way i t reacts to thermal cycling) more carbon-
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rich than the other. The main difference between the two appears 

to be in the normalized condition where the spread of particle 

compositions for the "carbide"-steel is wider than those of the 

"nitr ide"-steel . At high temperatures the differences are re

duced, however, implying that the particles can adjust their 

in terst i t ia l composition to the thermodynamic equilibrium re

quirements exercised by the effect of temperature, i .e . become 

progressively "nitride-rich" at the the higher temperatures. 

d) From a practical viewpoint, following hot rolling/normalization, 

the particle dispersions are much finer in the "nitride"-based 

steels 1-6 and 8, than in the "carbide"-based steel 7. However, 

the effect of weld thermal cycling on those dispersions are 

markedly more drastic in the "nitride" steels , resulting in much 

coarser part icles, whereas the "carbide" steel appears re la t i 

vely unaffected in this respect. Nevertheless, the resulting 

prior austenite grain sizes after weld simulation in the low-

nitrogen steel 7 exceed those of the high-nitrogen steel 8. This 

indicates that the particles of steel 7 may have dissolved to a 

greater extent and that some reprecipitation of small particles 

may have taken place during cooling. 

e) Increasing the amount of aluminium in the steel can have a 

fa ir ly drastic effect on rate of coarsening of TiN-based par

t i c l e s , particularly during weld thermal cycling. 

It is the purpose of this chapter to try to explain these experimental 

results using as a basis the thermodynamical and kinetic modelling de

veloped in sections 6 and 7. We then attempt to discuss in more gen-
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eral terms the design of microalloyed steels with particular reference 

to their composition and weldability. F inal ly , areas in which further 

work is needed will be taken up. 

9.1 Relationship between steel - and particle compositions 

For some years now, i t has been assumed that particles in microalloyed 

steels are "complex" in composition, i .e . they are not in general 

based on simple binary compositions of one metallic plus carbon or 

nitrogen atoms. As discussed in Ch. 1, the fact that many of these 

binary carbides and nitrides are based on a similar latt ice structure 

suggests that mutual solid solubility is l ikely to occur. The present 

work has confirmed this belief. I t has been found from direct measure

ment of a large number of particles from a wide range of different 

s tee ls , that not only do the particles strongly reflect the composi

tion of the s tee l , but that this composition can be predicted well 

from equilibrium thermodynamics. This in i t se l f is an encouraging re

su l t , but not sufficient to be able to make confident predictions of 

the effect on particle composition •• and hence particle stabil i ty and 

solubil i ty - after rapid thermal cycling such as given the steel when 

welding. However, we have shown that the trends resulting from these 

cycles on particle composition can be qualitatively understood by 

incorporating the kinetics of particle dissolution into the modelling. 

This is a useful f i r s t step, but i t has to be admitted that the model 

could be substantially improved i f the effect of both carbon and 

nitrogen could be included in the calculations, i .e . to treat par

t i c les of at least quarternary composition. This remains to be done 
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in the future. Another possible drawback of the kinetic model is that 

the diffusion of individual metallic atoms to, and from, particles is 

considered to occur independently of the other metallic species pre

sent, as well as of nitrogen and/or carbon. This may be a gross sim

pl i f icat ion, and the effect on diffusion rates of e.g. substitutional/ 

in ters t i t ia l couples could be of importance in practice. 

In some cases, the compositional change during thermal cycling of par

t ic les may be expected to be quite complex. As an example, consider 

the Ti-contents of the particles in the low-N (Ti,Nb)-steel 7. Follow

ing weld thermal cycling, the Ti-content in the particles of this 

steel is slightly higher than in those of the high-N (Ti ,Nb)-steel 8. 

On the basis of our earl ier discussion concerning the C/N-ratio in the 

particles of steels 7 and 8, this is at f i r s t a surprising result in 

that a high temperature ought to have brought about a substantial in

crease in Ti at higher N-contents (TiN is of course a more stable com

pound than Nb(CN)). This anomaly may be explained on the basis of fig 

7.3 and by comparison between particle size - and composition plots. 

Fig 7.3 shows that the relative local concentration of the most slowly 

diffusing element (in this case Nb) increases during dissolution. At 

the same time, the local matrix concentration of Nb around the growing 

particles progressively decreases compared to that of T i . In other 

words, in a less simplified model, the concentration gradient of Nb at 

the interphase becomes steeper. The effect of this is that during 

dissolution, the particles tend to become progressively enriched in 

Nb, while during growth enriched in T i . Comparison between figs 

8.43/8.50 and 8.46/8.53 shows that al l the particles analysed were of 
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sizes larger than the mean size and therefore, during the relatively 

mild thermal cycle D, l ikely to be growing rather than dissolving. On 

the basis of those arguments, they should thus be richer in T i , than 

as predicted from purely equilibrium thermodynamical grounds. Further

more, this effect should be more pronounced in steel 7 than in steel 

8, due to the more pronounced growth of the particles in steel 7. 

Again, i t would be useful to measure concentration gradients in the 

matrix in the vicinity of both growing and dissolving part ic les, to 

test this hypothesis. A possible way of doing this could be with the 

help of the atom probe technique. 

9.2 The size dependence of particle composition 

I t has been observed that in the as-received condition, particle com

positions can vary somewhat from particle to part icle. In addition the 

variations are affected, sometimes drastical ly, by thermal cycling. In 

the latter case in particular, a certain particle size dependence on 

composition is detected (see e.g. figs 8.47 and 8.52). In a relatively 

slowly cooled normalized or hot rolled material, sufficient time is 

allowed for the precipitation and growth of carbides and nitrides 

during cooling to ambient temperature to occur. Depending on the tem

perature range at which a given particle has formed, i ts composition 

should be the result of a balance between equilibrium thermodynamics -

governing composition as a function of temperature - and the kinetics 

of diffusion through the matrix. As discussed above, homogenization 

within the particles is also important. Assuming, however, that 

cooling is so slow that the equilibrium requirements hold, the com

position of the particle as a function of i ts temperature of formation 
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can be determined with the help of fig 6.2. This figure indicates that 

the metallic elements in (Ti,V)N-particles formed at low temperatures 

should be in the ratio of about 60% V. Particles formed near the 

melting point, on the other hand, should be almost pure TiN. It should 

be noted, however, that fig 6.2 describes the case where the particles 

precipitate isothermally, under which condition they are all of the 

same composition. During slow cooling, much of the Ti in the matrix is 

consumed at high temperatures, forming Ti -r ich part icles, whereas par

t ic les formed at lower temperatures are leaner in T i . As can be seen 

in fig 8.32 the large part icles, presumably formed at high tempera

ture, are richer in Ti and the smaller part ic les, formed at low tem

peratures in a Ti-drained matrix, are nearly pure VN or VC. The sum 

result of this is a fair ly wide dispersion of compositions. 

The effect of subsequent thermal cycling is to drastically change 

these compositions, as noted. We explain these composition changes as 

follows: 

On increasing the temperature, the V-rich part icles, due to their 

higher solubi l i ty, dissolve f i r s t . The Ti -r ich part icles, however, 

remain relatively stable, though a certain coarsening may occur (see 

tab. 8.2). As can be seen in fig 8.47, particles of less than c:a 55% 

Ti are essentially dissolved during this thermal cycle. Purely on the 

basis of equilibrium thermodynamic arguments ( i . e . ignoring kinetic 

inlufence), this would correspond to a dissolution temperature of the 

V-rich particles of c:a 1250°C. In practice, considering that much of 

the Ti is bound in Ti-r ich part icles, this may even be an underestima

tion of the actual dissolution temperature of these particles. 
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Obviously, during welding, time is generally too limited to allow 

equilibrium to be established. In this respect i t is interesting to 

compare figs 8.44/8.51 with figs 8.45/8.52. The peak temperature 

reached is about the same in both cases, but the cooling times differ 

substantially (100 sec and 17 sec) . 

I t is seen when comparing these two figures that the particle size 

dependence on composition in the slowly cooled material is much more 

pronounced than in the rapidly cooled case. Furthermore, the particle 

size dispersion is wider and coarser in the rapidly cooled material. 

As discussed above, the particle size dependence on composition ob

viously derives from the adjustment in composition made by the smaller 

particle during slow cooling. In other words, the smallest particles 

have been able to follow the "requirements" of equilibrium thermo

dynamics. However, this does not explain the finer particle size and 

lower size dispersion of the slowly cooled material. This probably 

derives from the possibil ity that during slow cooling some re-precipi-

tation has taken place. As discussed ear l ier , small precipitates 

formed during relatively slow cooling will tend to adopt their 

equilibrium composition, and indead continue to make adjustments in 

composition while cooling. 

F inal ly , returning to earl ier observations of detectable compositional 

changes within part icles, the possibil ity should not be ruled out that 

re-precipitation can occur directly on existing part ic les, i .e . par

t ic les that have survived the thermal cycle. 



149 

Indeed, i t has been claimed (41) that precipitate particles in (TiV)-

steels exhibit coring, forming shells of a more V-rich compound. This 

may well be true in large particles formed and grown under high tem

perature, isothermal conditions, but in the present work no such 

coring has been detected. Admittedly, the size dependent V-content of 

(TiV)N-particles observed by us seems to indicate the presence of 

cored part ic les, but i t was not possible to detect any variations in 

composition within particles. It is suggested that for particles in 

the size range studied here the diffusion rate within the particles 

may be high enough to bring about homogenization within part icle. In 

this context, reference should be made to sect 7.3 where i t is con

cluded that Nb diffuses more rapidly than Ti in the T iC- la t t ice . If 

this holds even for V-atoms in a TiN-latt ice, then particles of the 

size range studied should not normally exhibit significant concentra

tion gradients. 

9.3 Particle Coarsening 

Particle coarsening is an important effect concerning steels con

taining very stable precipitate particles such as TiN, since these 

remain undissolved during weld thermal cycling. I t can be shown that 

some limited dissolution (~ 15%) may occur (see ref 40). However, by 

far the most important effect in this case is that extensive Ostwald 

ripening of particles can occur instead. The coarsening rate of 

binary compound particles can be well described by the L i fsh i tz -

Wagner equation to be 

V 2 

(7)3 - ( r Q ) 3 = k . J L XEDt (9.1) 
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where k is a constant, t is time, 7 is the average particle radius, 

rg i s the radius at t = 0, Vm is the molar volume of the precipitate 

compound, E is the interfacial enegy, D is the diffusion coeff icient, 

X is the solubility of the rate controlling element in equilibrium 

with the largest particles and RT has i ts usual meaning. Generalizing 

this equation to multi-component systems such as considered in this 

work is clearly a complex problem, involving a complicated interplay 

between kinetics and thermodynamics. 

However, i t can be tentatively deduced, with the aid of the model 

developed in sect 7, that dissolving particles may become enriched by 

the most slowly diffusing element. This implies that growing par

t i c l e s become surrounded by a matrix leaner in this element. The re

sult of this is that growing particles become enriched in the faster 

diffusing element, and that an originally uniform particle composi

tion becomes progressively adjusted to that shown schematically in 

f ig 9.1. 

Particle/matrix compositional changes may also affect the interfacial 

energy, E. Concerning the effect of alloy composition on particle 

size distribution, i t can be concluded from the results in the pre

ceeding section that in general an increase in N effectively refines 

the particle size distribution, whereas an increase in the amount of 

nitride-forming metal atoms results in a coarser particle size dis

tribution. Al in particular has a marked effect in this respect, as 

shown clearly in the results section (see table 8.2). It is instruc

tive to consider possible reasons for th is , in conjunction with the 

role of nitrogen. It is assumed in the Lifshitz-Wagner equation 
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(9.1), that in carbides or nitrides the particle coarsening rate, ex-

— 3 3 

pressed as ((r) - (TQ ) ) / t , is directly proportional to the equilibrium 

amount of the slowest diffusing metal element involved. On this basis, 

the effect of N on coarsening rate of particles may be understood on 

the basis that i f nitrogen always bonds with nitride forming metallic 

elements in the way predicted by solubility theory, any increase in N 

results in a decrease in those metallic elements in matrix solution. 

On the other hand, an increase in the amount of metallic elements 

(being, in the steels studied, in excess) will not to any large extent 

increase the volume fraction of nitride particles present. Indeed, 

the result will be to bring about an increase in volume fraction of 

carbon-rich precipitates forming at relatively low temperatures. On 

reheating the material, during welding, these carbides will dissolve 

to a degree depending on temperature and time available, with a con

sequent matrix enrichment of metallic elements. As concluded above, 

this will increase the coarsening rate of the more stable, N-rich 

precipitates. Now Al has a particularly important influence in this 

respect, which stems from the fact that diffusion of Al is relatively 

slow in comparison to that of Ti and V. Consequently the growth of 

(TiV)N particles tends to be favoured, rather than AIN. In addition, 

Al does not form carbides which implies that considerable amounts of 

Al are lef t in solution in the matrix. 

Thus on reheating the material this excess aluminium readily bonds 

with any nitrogen lef t in solution with the result that the amounts 

of dissolved Ti and V in the matrix is increased. On the basis of the 

present results, and the above arguments, i t can be concluded that the 
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presence of excess aluminium in TiN-based microalloyed steels can have 

a distinctly negative effect on weldability in that coarsening rates 

of the Ti(V)N particles are substantially increased. 

As stated ear l ier , a good theoretical description of the coarsening 

rate of complex carbonitrides is s t i l l lacking. The problem is com

plicated because of the competing processes of the different diffu

sion rates of the metallic elements involved, the tendency to main

tain a compositional thermodynamic equilibrium within individual par

t i c l e s , and the role of changes in surface energy resulting from com

positional changes in particles and matrix. As we have concluded, to 

a f i r s t approximation, the coarsening rates may be controlled by the 

diffusion rate of the slowest diffusing metallic element in the par

t i c l e s . However, a more rigerous solution to this problem could be of 

considerable importance when considering the weldability of micro-

alloyed steels welded by high energy, high production techniques such 

as submerged arc or electroslaq welding. 

9.4 Particle size distributions 

One of the objectives of the present work has been to obtain s ta t is 

t ics on particle size dispersions, both prior to and after varius 

weld thermal cycles, and several examples of these measurements are 

to be seen in the Results chapter 6. In this context, i t was found 

for example that only 25% dissolution of the particles in most cases 

suffices for effectively decreasing the total number of particles by 
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as much as 95%, fig 7.4. This is of course a simplification in that 

for this to occure, a uniform particle composition is required over 

the whole size range. As shown in the results, this is not normally 

the case. 

As already discussed, the factors contributing to the variations in 

particle size dispersions observed are fa ir ly complex, including pro

cesses of coarsening, dissolution, homogeneous reprecipitation, repre

cipitation on existing part icles, compositional changes in particles 

and matrix, etc. Furthermore all these processes occur over a fair ly 

wide temperature range, and while trends in particle dispersion 

following a given thermal treatment can be qualitatively understood, 

accurate predictions are not possible. The fact remains, of course, 

that any given particle size and dispersion is associated with a cer

tain austenit i t ic grain size, although during rapid thermal cycles 

there may not always be time for the mean grain size as predicted e.g. 

by the Zener pinning equation to be achieved. In i ts simplest form, 

the grain s ize , "R", is related to the mean particle s ize , "r, and volume 

fraction of part icles, V^, as: 

I - f - (9.2) 

In developing this equation, i t is assumed that half the particles 

within 27 distance of the boundary act in pinning the boundary. It is 

also assumed that the particle/matrix interfacial energy is uniform 

for al l part ic les. The question ar ises , however, how to apply this 

equation in the present context of wide variations in particle s ize, 
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volume fraction and even compositional fluctuations? Clearly the par

t ic les size dispersion and volume fraction observed in a given sample 

at room temperature is not that existing at the austenistic tempera

ture. As we have pointed out, on heating, considerable dissolution 

and/or coarsening of the smallest part icles, making up by far the 

majority of the total number, is l ikely to occur. When this happens a 

significant amount of the alloying elements of the dissolving par

t ic les are l ikely to segregate to grain boundaries, particularly in 

the lower austenitic f ield where solubility is more limited. This 

effect is well documented in isothermal heat treatments in which i t 

has been demonstrated that the exponent of grain growth is markedly 

reduced by impurity grain boundary drag effects. However, we have 

shown in the present work that rapid quenching from the austenitic 

range results in a particle s ize , composition and dispersion that is 

inherited from the high temperature. Furthermore, in a weld thermal 

cycle i t can be shown that the grain growth exponent, i .e . n in the 

equation 

R = Kt" 

where K is a temperature dependent constant, is as predicted 

theoretically, i .e . n = 1/2. This is because there is insufficient 

time for significant impurity segregation to occur (40). It is 

interesting in the present case to check the validy of the Zener 

equation (eqn 9.2) for the case of a rapidly quenched material. For 

this purpose i t is more convenient to express eqn 9.2 in an al ter

native form in which the Orovan spacing, X, of particles in the 
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boundary is related to grain size and mean particle size by: 

From our micrographs of the TiV steel , an approximate austenitic 

grain size of 40 urn is obtained, see table 8.1. The mean particle 

radius taken from table 8.2, is 0.009 um, giving a mean particle 

spacing of ~ 1.1 urn. This is in reasonable agreement in fact with 

that observed in extraction replicas (see Fig 8.19a). 

9.5 Welding grain size diagrams of steels containing  

complex carbides/nitrides 

As indicated in sect. 7.1, i t is possible to predict grain growth in 

a given alloy, subject to a given weld thermal cycle, provided the 

dissolution behaviour of the precipitate particles is known. This 

concept can be applied to the construction of "weld grain growth 

diagrams" as suggested by Ashby and Easterling (39). The construction 

of the grain size contours is described in detail by Ion et a l . (40) 

and will not be treated here. Fig 9.2 i l lustrates schematically the 

way weld maps are constructed. According to ref (40), the grain size 

contours denoting the degree of grain growth effectively begin at the 

100% dissolution contour. The area to the le f t of this is assumed to 

represent thermal cycles too mild to be able to cause grain growth. In 

the area to the right of the dissolution contour, grain growth is 

assumed to be unrestricted, and is calculated by integrating the 

number of diffusional jumps across the boundary over the weld thermal 

cycle. 
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9.2 Schematic i l l u s t r a t i o n showing how welding 

diagrams are constructed for steels containing 

binary precipitate particles (according to the 

Ashby-Easterling model). 

a) A number of grain s i z e measurements made in the 

HAZ are used to calibrate the grain size contours (40). 

b) The time necessary for essentially complete dissolution 

at a temperature near the equilibrium dissolution 

temperature of the particles i s used as a calibration 

point for the dissolution contour. The area to the 

right of this i s taken to represent thermal cycles 

severe enough to cause "unrestricted" grain growth. 
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The contours of grain growth are essentially plotted with the help of 

an experimental data point which fixes the position and slope of a 

given contour. The slope of the contour is actually described by the 

term Q/RT, where Q refers to the activation energy of grain growth. 

Thus when fitt ing the slope of those contours to experimental values, 

i t has the effect of adjustning the value of Q to f i t the steel con

cerned. These maps are thus only suitable for that particular steel . 

Nevertheless, these diagrams have been shown to provide very good 

descriptions of microstructural changes in the heat affected zones of 

real welds (40), at least when considering the dissolution of simple 

binary carbides and nitrides. We shall now consider the possibil ity 

of plotting such diagrams for the case of steels containing ternary 

carbonitrides. 

9.5.1 Construction of a weld map for the low-N (Ti,Nb)-steel 7 

The prior austenite grain size measurements presented in table 8.1 

indicate, when plotted in the At-Tp-plane as shown in fig 9.3a, that 

a sudden increase in grainsize occurs somewhere between points a and 

b. If grain size contours are constructed on the basis of the experi

mental datapoint b, the f i t is seen to be satisfactory even at points 

c and d, see fig 9.3b. By choosing point a as the datapoint (Tp d,At ( 1) 

the dissolution contour shown in fig 9.3c can be constructed on the 

basis of eqns 7.8-7.20. In this case the solubility products (7) and 

(18) given in table 2.1, are used, in the way demonstrated in sects 6 

and 7. In this calculation the cr i t ical degree of dissolution is taken 

to be 25%, as discussed in sections 7.4 and 9.2 c . The map thus shows 

the combinations of peak temperatures and time constants required for 
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Fig 9.3 a) Measuranents of prior austenite grain size 

plotted i n the T - At-plane, showing a sudden 

increase i n grain size (iun) between points a and b. 

b) Grain size contours constructed (40) to f i t 

point b. 

c) The weld map showing a contour of 25 % particle 

dissolution, based on point a. 



160 

particle dissolution as based on our theoretical model. It can now be 

used to roughly estimate the amount of grain growth for a given 

welding process (corresponding to a given At) and a given distance 

from the weld center line (corresponding to a given Tp). 

9.5.2 The high-N (Ti,Nb)-steel 8 

Fig 9.4a shows the prior austenite grain sizes measured for steel 8, 

plotted in the Tp-At-plane. The particles in this steel are evidently 

more stable and have a lower solubility than those of steel 7. In 

this case the 25% dissolution contour should pass through or to the 

le f t of the datapoint c. By using this as the datapoint (Tp^.At*1), 

the dissolution contour of fig 9.4b can be constructed. This is 

steeper than that of steel 7 (fig 9.3c) because of the lower solubi

l i ty of the precipitates in steel 8. 

In other words this steel clearly exhibit the better weldability of 

the two in terms of a grain growth attained for welding processes 

having At's longer than ~ 100 sec. 

9.6 On the design of microalloyed steels 

In this section we shall briefly comment on the design philosophy of 

microalloyed steels, in the light of the preceding results. As dis

cussed in Ch. 1, the alloy design of steels is based on a compromise 

between a number of contributing factors, involving such consider

ations as rate of processing, grain size control, hardness and 

strength, ductility etc on the one hand and economy on the other. 
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9.4 a) Measurements of prior austenite grain s i z e 

plotted i n the T - At-plane. I n this steel, point 

b shows a considerably analler grain size than 

i n steel 7 (fig 9.3). The grain size contours are 

taken to be the same i n both the steels, 

b) The weld map for steel 8, snowing a steeper 

dissolution contour (25 % dissolution) than in 

steel 7, due to a lower C/N-ratio and hence more 

stable precipitates. 
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In terms of grain size control during weld thermal cycling, i t is 

obvious that this is essentially provided by the thermodynamically 

most stable precipitate compounds. Such compounds could include, besi

des TiN, ZrN and HfN. The question now arises if an alternative route 

would be to simply increase the amount of alloying additions, since 

this generally pushes up the dissolution temperature. However, ex

perience in industry shows that TiN that nucleates already in the melt 

rapidly grow to um-dimensions and such particles will not contribute 

much to restricting grain growth. In certain cases, the use of several 

carbonitride forming elements may instead prove useful. This follows 

from the fact that the particle nucleation temperature is determined 

essentially by the most stable precipitate component, whereas the 

molar fraction of the complex precipitate at lower temperatures is 

increased compared to a one-element alloy with the same nucleation 

temperature. This is i l lustrated in fig 6.2 where i t is seen that 

mul ti-metal compounds form a higher molar fraction of particles than 

would be expected from the effects of the various elements alone. 

These considerations seem to imply the possibility of designing steels 

which provide a steep and steady increase in precipitate molar frac

tion as the temperature is decreased. Indeed, this approach appears to 

have been adopted in some cases, as demonstrated by the following 

recent IIW specification for an offshore steel: C = 0.12; Si < 0.5; 

Mn = 1.6; Cu < 0.6; Ni < 0.2-0.9; V < 0.08; Nb < 0.025; Ti < 0,05; 

Al = 0.025-0.06; N < 0.012. 

This steel , produced at thicknesses of 50-60 mm, is claimed to have 

good impact properties (35 J at -40°C) in as-received condition. I t 
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should be noted that the carbon content is fair ly low, but 

due to the considerable amount of alloying additions, the C e q U 1 - v 

i s about 0.5. The amounts of Ti and V are high and should form 

fair ly stable compounds with the nitrogen available. A somewhat sur

prising feature is the N-content (< 0.012), since relatively l i t t l e 

nitrogen is available in this case to combine with the large amount 

of nitride formers present. Indeed, i t has been shown in ths work 

that a N-content of 0.014% in a steel containing 0.052% V and 0.011% 

Ti provides excellent low temperature impact properties, the tran

sition temperature being -27°C even in the as-welded condition. 

On the basis of our results, also, the presence of relatively high 

amounts of Al ought to be detrimental to the stabil i ty of the par

t i c le distribution, and this seems to be questionable. Nevertheless, 

the alloy as a whole suggests an interesting development in micro-

alloyed steel design, although the l ikely complexity of the particles 

formed and their behaviour during weld cycling remains to be investi

gated. 

Nb is an element worth some discussion, in that i t may induce the 

formation of low temperature transformation products. It is to be 

noted that in the steel referred to above, Nb is kept relatively low. 

Combining i t with T i , as in the (Ti,Nb)-steels 7 and 8, is beneficial 

provided the C/N-ratio is kept low enough to avoid the formation of 

C-rich precipitates. With a too high C/N-ratio, the potential bene

f i ts of the Ti-addition are to a large extent lost, since the carbon-

rich (TiNb)(CN)-particles formed coarsen rapidly and, during welding, 
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dissolve, as demonstrated in the low-N steel 7. I t is interesting to 

note that although the V-content of steel 7 exceeds the Ti-content by 

more than 100% the V-content of the particles is Tow. Reference 

should be made here to table 2.1, in which i t is seen that TiC, VC 

and VN all exhibit very similar solubi l i t ies , whereas TiN is the more 

stable compound. On this basis i t has been assumed, in this work, 

that the Ti-atoms in (TiNbMCN) are concentrated predominantly to N-

rich regions in the la t t ice , since otherwise a higher V-concentration 

would have been expected. This is in fact the reason that in the pre

sent work, the solubility products for Nb(CN) and TiN were chosen for 

the calculations concerning (TiNb)tCN). 

In any case, the combination of Ti and Nb as alloying elements in the 

steel , and hence, in the form of TiNb(N) particle offers interesting 

possib i l i t ies , in that Nb can be retained to provide fine grain sizes 

during normalizing and, because of the presence of T i , remain bound 

up in particles to higher temperatures during weld thermal cycling 

(see figs 6.3; 6.4). This implies that i t will not be available in as 

large quantities in solution in austenite to deteriorate weldability 

as in the straight Nb-microalloyed steels. Indeed, the present results 

confirm to a certain extent, the soundness of this philosophy, see 

e.g. the impact toughness results, Fig 8.17. 

9.7 Further work 

The present results have focused on the composition and stabil i ty of 

complex carbides and nitrides, based on the rock salt latt ice struc

ture, and containing in the main two metallic species. A theoretical 
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model has been developed in which i t is attempted to predict the 

behaviour of such ternary carbides and nitrides. These models and 

experiments should be further developed to study at least particles 

of quarternary composition, i .e . two metallic elements plus carbon 

and nitrogen. Experimentally, this poses problems in that STEM micro

analysis techniques such as electron energy loss spectroscopy can do 

l i t t l e more than distinguish between carbides and nitrides. Certainly 

these techniques can not measure N/C proportions to any satisfactory 

accuracy. One possible approach is to use the atom probe technique, 

although i f good stat ist ics are to be achieved with respect to large 

numbers of part icles, different steels, wide particle dispersions, 

e t c . , the amount of analysis time required would be very consider

able. Concerning a theoretical treatment of quarternary part icles, 

this work has demonstrated that i t is possible to obtain useful pre

dictions for ternary particles, but that the equation systems needed 

for expanding these further, while simple, are fair ly extensive. 

Given the present availability and capacity of computers, this 

problem should be quite trectable however. 

Another interesting problem, worthy of further work, concerns the 

coarsening behaviour of complex particles. There is presently no 

theoretical treatment of th is , at least known to us. Again, the prob

lem, while formidable as discussed ear l ier , appears tractable. How

ever, i t would be useful to complement a theoretical treatment of 

coarsening with experimental measurements of compositional vari 

ations, even at particle/matrix interfacial level . This unfortunately 

would again require the use of the atom probe technique with i ts 

limitations concerning stat ist ical ly meaningful results. 
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10. MAIN CONCLUSIONS 

TEM and STEM-based microanalysis, mainly quantitative energy disper

sive spectroscopy, has been used to study the particle size disper

sions and compositions of a large number of individual extracted car

bides and nitrides of several different Ti-microalloyed steels and a 

Nb-microalloyed steel , prior to and following various weld thermal 

cycles. In addition, the microstructures of the steels have been 

examined by light microscopy, and their Charpy toughness measured. 

A theoretical model has been developed based both on equilibrium 

thermodynamics and diffusion kinetics in which particles containing 

two metallic and one interst i t ia l element have been considered. The 

main conclusions drawn from these various studies are as follows: 

10.1 In the as-recieved condition (normalized or in the case of the 

(Ti.Nb)-steels 7 and 8, as-rol led) , the median particle sizes 

were around 10 nm for the steel containing predominantly nitride 

particles and 19 nm for the low-N (Ti,Nb)-steel 7. Following 

weld cycling, the particle distributions grew substantially 

coarser (15-26 nm) in all cases except the low-N (Ti,Nb)-steel 

7. In this steel i t remained essentially constant, and this is 

suggested to be due to a process involving both particle disso

lution during heating and reprecipitation during cooling. The 

trends concerning particle sizes are well reflected by the prior 

austenite grain sizes measured, i f the effects of V on precipi

tate volume fractions are taken into account. 

10.2 The median particle sizes in Ti-steels increasd by the addition 

of extra nitride formers such as V, Nb or Al . In particular, Al 



167 

has a very marked effect in this respect. On the other hand, 

median particle size is decreased by an increase in N-level. 

Irrespective of previous thermal history, the particle size 

distributions measured extended over a wide range of sizes in 

most cases. It is interesting to note, however, that as a 

general rule, about 95% of the total number of particles repre

sent only ~ 25% of the total volume fraction ( i f summed from the 

origin in a distribution diagram). 

10.3 The Al-content of the particles is generally quite low, of the 

order of 1%. Nevertheless, Al has a marked effect on coarsening 

rate of the partices and this is interpreted as being due to a 

complex interaction with N, in which the effective availabil i ty 

of N in the matrix is reduced, and hence the solubility of other 

nitride formers is increased. 

10.4 The compositions of particles in the as-received condition of 

(T i ,V) - and (Ti,Nb)-steels exhibit a certain size-dependence in 

that the Ti-content increases with particle size in the (Ti ,V)-

steel and decreases with particle size in the (Ti,Nb)-steels. 

However, in the as-received steels, the variation in composi

tion for a given particle size is fair ly considerable. 

10.5 Following weld thermal cycling, compositional variations are 

generally reduced and the particle compositions become biased 

towards purer TiN. In the case of the (Ti ,V) -steel , the particle 

size-dependence remains, though restricted to about 55% V, 

whereas in the (Ti,Nb)-steels very weak size-dependences are 

detected. 
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10.6 The compositional changes of particles, as a function of tem

perature in these steels, are predicted under equilibrium con

ditions on the basis of a regular solution thermodynamic model 

involving two metallic and one interst i t ia l element. The model 

is used to i l lustrate changes in particle composition and total 

molar fraction for both the (Ti.Nb)- and (Ti ,V)-steels and give 

satisfactory agreement with measured compositions provided near-

equilibrium conditions are maintained. In particular, the 

thermodynamic model gives very satisfactory agreement with 

experiment for the system Ti-V-C-Fe. 

10.7 A kinetic model of particle dissolution based on two metalqic 

elements in solution in particles is developed. With the help of 

this model, significant departures from equilibrium of particle 

compositions can be qualitatively understood. This model, in 

combination with the equilibrium thermodynamic model, can for 

example show that particle stabil i ty and composition for any 

given thermal treatment is always based on the balance between 

kinetics and thermodynamics. As a general rule, particles con

taining elements of widely dissimilar dif fusivit ies (e.g. the 

Ti,Nb-steel) tend to be more governed by kinetic considerations 

than particles of similarly diffusing elements (e.g. the Ti.V-

steel ) . 

The model can even be used to predict grain growth behaviour in 

microalloyed steels containing complex carbides or nitr ides, 

provided at least one combination of welding peak temperature, 

Tp, weld thermal cycle time constant, At, and particle composi

tion, denoting "unrestricted" grain growth, is known. 
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10.8 Particle composition measurements indicate that provided weld 

cycling is based on a high energy process, e.g. a cooling time 

constant of ~ 100 sec, particle compositions are able to adjust 

towards thermodynamical equilibrium even during continuous 

cooling. It is inferred from this that a certain diffusion of 

metallic elements within the carbide/nitride latt ices must 

occur. On this basis, no marked compositional gradients were 

detected in the small particles measured in the present work. 

10.9 Charpy-V-notch impact testing of weld simulated samples, to

gether with grain size measurements, show that in (Ti.Nb)-

stee ls , i t is essential to keep the C/N-ratio low enough to 

avoid the formation of too carbon-rich precipitates, in which 

case the potential benefits of the Ti-addition would be largel y 

l o s t and the s t e e l would behave more l i k e a p l a i n Nb-steel. 

10.10 The present work shows quite clearly that the additional high 

temperature stabil i ty of TiN in steels provides for better grain 

growth control during high energy weld thermal cycling. If addi

tional nitride formers are present in the steel , besides T i , 

they will tend to be bound up in the form of complex carbides/ 

nitr ides. However, these additions do not necessarily degrade 

grain growth control at high temperatures (with the exception of 

Al which can enhance particle coarsening). On the other hand, 

competition to bind up the available nitrogen will be more 

severe when several nitride formers are present, which makes i t 

essential to process the steel such as to provide i t with ade

quate amounts of nitrogen. This is of particular importance in 
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(Ti,Nb)-steels. If nitrogen is insuff icient, lower temperatu 

carbide formation is enhanced instead. 
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I 

APPENDIX 

Flow chart showing how particle dissolution contours are computed. 

The variables used are 

Xj : The molar fraction of element I in the matrix of as-received 

material. 

Xj : The molar fraction of element I during welding. 

po p' 

X I C ' X I C : m e m o l a r fac t ion of the ImCn-component in the precipitate 

phase in as-received material and during welding. 

ß°: The molar fraction of precipitate in the as-received condition. 

8 1 : The molar fraction of element I that has gone back into solution 

during welding. 

T° ,T ' : The temperature of particle formation during manufacturing 

and during welding respectively. 

A t : The time constant of a welding process. 

T p : The peak temperature reached during welding. 

A t j * : Characteristic time for diffusion of element I in a given par

t ic le dispersion. 

(Tp , A t d , X ^ ) : Data for an experimentally determined calibration 

point. 

In the flow chart the equations used are indicated within brackets. 



II 

INPUT 

* steel composition, X A Q , X ß O , 

* particle composition, as-received, X 

* datapoint (T d ,A t d ,X^ ) 

Po 
AC 

Guess 8 

Calculate 

T A ° = T° (7.8) 

Tg° = T° (7.9) 

no 0 
adjust p 

yes 

Stor 

T° = 
T °+T 0 

'A 'B 
2 

Chose dissolution 
rat io, e.g. x = 0.25 

F A = F B = f C = 1 

I 
I 



I l l 

guess ß 

Calculate 

6 B(7.20), xj£(7.19), xjp(7.13) 

Xj'{7.16), X^'(7.17), X^'(7.18) 

Calculate 

TA' = T" (7.14) 

T ' = T' (7.15) 

guess A t A * and A t ß * 

Calculate 
f A (7.2) and f B (7.3) 

using At=At d, T =Td 

P P 
and a*=a 



IV 

guess ß 

Calculate 

ßB(7.20), x^(7.19), xjp(7.13) 

Xj'{7.16), X^'(7.17), x£{7.18) 

Calculate 

TA' = T' (7.14) 

T ' = T' (7.15) 

yes 



v 

Store 
A t A * and A t g * 

Counter 

1=0 

N=4 

1=1+1 

N=N-0.5 

At=10 

guess T 

Calculate 
-*1 f A (7 .2 ) , f B (7 .3 ) 

guess e 

Calculate 

ß B (7.20) , X^(7.19) , X^(7.13) 

X^'(7.16), X^'(7.17), X^'(7.18) 

1 
I 



VI 

I  

Calculate 

TA'=T' (7.14) 

V - r (7.15) 

PLOT 


