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ABSTRACT 
 
Additive manufacturing (AM) is a relatively new technology that is labelled to be 
innovative, disruptive, near-net shaping, enabling manufacturing of complex and 
customised products, for limitless number of applications, directly from the CAD 
model into real physical parts. For titanium alloys in aerospace applications, AM 
moreover stands for a reduced material cost, but also for large challenges when 
considering consistency and qualification of material properties and components in 
serial production.  
 
In the AM process the feedstock material is melted by a heat source that moves 
according to a building sequence defined by the CAD model. Layer-by-layer the 
material solidifies into the wanted shape and accordingly the microstructure forms, 
which determines the average mechanical properties of the manufactured component. 
However, even if the AM process seems to be very straight forward, the prediction of 
mechanical and metallurgical properties is complex, partly because of its building in 
layer nature which generates a complex thermal history dictating the mechanical 
properties, and partly because of the number of parameters involved during the AM 
process itself. The objective of the present work was to increase the fundamental 
understanding of the relationship between microstructure, defects and mechanical 
properties of AM:ed Ti-6Al-4V. Three AM techniques were investigated, namely 
laser metal-wire deposition (LMwD), electron beam melting (EBM), and gas tungsten 
arc welding (GTAW) wire feed AM, with the main focus on LMwD. The different 
techniques were evaluated with regard to microstructure and tensile and fatigue 
properties. In addition, the EBM Ti-6Al-4V was tested in a hydrogen atmosphere to 
simulate the working environment for a certain engine application.  
 
One of the core findings in the present work was that AM:ed Ti-6Al-4V exhibited a 
columnar microstructure with elongated prior beta grains growing through several 
layers following the temperature gradient direction in the built material. To cover the 
different characteristics of the columnar microstructure, the mechanical properties 
were evaluated in two orientations of the built Ti-6Al-4V. The mechanical properties, 
both static and dynamic, were found to be anisotropic, which was further evaluated in 
detail with respect to the microstructure evolution and defects generated by the AM 
process. Among the results, when different process conditions were tested, it was 
concluded that the thickness of the grain boundary alpha along the prior beta grain 
boundary did not influence the level of anisotropy. However, the prior beta grain 
boundary was observed to be the weakest microconstituent when the load was applied 
perpendicular to its prevalence in both tensile and LCF testing. In order to get a better 
understanding of how the columnar microstructure influences the fatigue properties, 
the fatigue crack propagation characteristics were investigated with respect to the 
columnar prior beta grains and crystal orientation. 
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An extensive fractographic study was carried out on all tested specimens. Lack of 
fusion (LoF) defects were concluded to be the individually most detrimental type of 
defect to the material properties. The influence of the LoF defects was further 
concluded to be very dependent on its prevalence in relation to the loading direction; 
the largest impact on the fatigue life was observed when the LoF defect was 
perpendicular to the loading direction.  
 
Finally, a part of the aim of the present work was to support the development of a 
microstructure model that will be implemented in a thermo-mechanical model when 
simulating AM of Ti-6Al-4V. In order to validate the material model developed, the 
alpha lath thickness and the fraction of grain boundary alpha were quantified at 
specific locations in single and multiple bead walls of GTAW wire feed AM:ed Ti-
6Al-4V and compared with the results of the simulated AM process of Ti-6Al-4V.  
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1  INTRODUCTION 
 
Titanium was discovered in 1790. It is the ninth most abundant element and the 
fourth most abundant metal in the Earth’s crust. Even though titanium is plentiful, the 
use of titanium alloys is limited by its relatively complex and thus expensive 
production route, which also partly explains why titanium alloys were not widely used 
until the 1950s. Titanium alloys are known not only for their high strength-to-weight 
ratio, but also for their excellent corrosion resistance and biocompatibility. These 
properties make titanium alloys particularly attractive for medical devices such as 
implants, and for aerospace components, and also for more exclusive sports goods such 
as golf clubs, climbing gear etc.  
 
Of all the titanium produced in the late 1980s, 70-80% was used in the aerospace 
industry [1]. In 2009 its use in aerospace was estimated by MetalMiner™ to have 
fallen to around 50% [2] due to of increasing demand from other industries. In 
commercial aircrafts, titanium alloys are found primarily in the jet engine, but also in 
the airframe.  Figure 1 shows a comparison with other commonly used materials in 
aircrafts.  
 

 
The trend in the aerospace industry is that many traditional metals are being replaced 
with CFRP (carbon fibre reinforced polymers). The main reason for this is weight 
reduction and thereby decreased fuel consumption. The use of traditional structural 
metals is limited by their poor strength-to-weight ratio. Titanium alloys on the other 
hand, which have about half the density of steel and exhibit high strength and 

 
 

Figure 1. Distribution of aluminium, titanium, steel, nickel-based superalloys and CFRP 
(carbon fibre reinforced polymers) by weight in the airframe and jet engine of a large commercial 
aircraft [3]. 

costs for the finished component. Therefore, besides the mechanical properties re-
quired for component integrity, a material’s producibility measured by its castabil-
ity, machinability, (plastic) formability, and weldability represents an important
factor impacting cost. Particularly imperative in the aerospace industry is to adopt
a life cycle approach to material selection by considering the cost implications of
maintenance and repair over the expected lifetime of a component. The aircraft
manufacturers, as well as producers and manufacturers of titanium alloys, are
subject to the airlines’ demands to maximize component performance while si-
multaneously reducing overall costs.

Applications of titanium alloys in the aerospace sector will be highlighted in the
following sections. First, fixed-wing aircraft will be addressed, then the use of tita-
nium in jet engines will be highlighted, and finally examples for helicopter and
space applications will be given.

13.2.1
Airframe

Oftentimes, saving weight is the major reason for choosing titanium alloys in fu-
selage applications, thus making use of the high specific strength of the metal.
Frequently, the substitution for high-strength steels is worthwhile even if steel’s
strength is higher, or for aluminum-based alloys even if aluminum’s density is
lower. This has led to increased use of titanium alloys in fuselages over the past
four decades. Fig. 13.2 charts the steady growth of titanium use in Boeing com-
mercial aircraft since titanium’s introduction to fuselages in the 1950s. Today, it
accounts for approximately 9% of the structural weight of the Boeing 777. Similar
numbers are found for Airbus aircraft. In the following, typical fuselage applica-
tions for titanium alloys are highlighted.

Titanium alloys are used to stop fatigue crack growth in aircraft fuselages. They
are applied as thin, narrow rings placed around the aluminum aircraft fuselage

13.2 Titanium Alloys in Aircraft 335

Fig. 13.1 Percentage of aluminum, titanium, and steel alloys and FRP
of the structural weight of modern large commercial aircraft and gas
turbine engines.
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toughness, overcome this limitation and are often used as substitutes for steels and Ni-
based super-alloys (lower density) and for aluminium (higher strength). Over the past 
50 years the use of titanium alloys in Boeing’s aircraft has increased by 15% [4].  
 
Thus the properties of titanium and its alloys are attractive for current and future 
applications within the aerospace industry. However, because of the relatively high 
initial cost for titanium alloys the continuing growth of utilization is somewhat 
restricted. The total cost of titanium stems from high extraction cost from ore to metal 
as well as high processing costs. Therefore, much effort is spent on decreasing the buy-
to-fly ratio for titanium alloys within the aerospace industry, which today could 
exceed 90 % [5]. The buy-to-fly ratio refers to the weight ratio between the raw 
material purchased for a component and the weight of the final (flying) component 
after processing and manufacturing. One technology that has achieved large attention 
within the aerospace industry is additive manufacturing (AM), which could reduce the 
buy-to-fly ratio significantly. In AM the wanted shape is deposited in a layer-by-layer 
fashion as a heat source melts a feedstock material. AM is considered to be a 
innovative technology that enables near-net shape production of customised 
components, which can be applied both to build components and to restore damaged 
parts. However, applications within the aerospace industry demand reliable 
component functionality. Therefore, it is of utmost importance to understand the 
relationship between the process parameters, the microstructure, and the mechanical 
properties, so that quality and consistency of the manufacturing of components can be 
achieved repetitively for various geometries during AM.  
 
The aerospace industry initiated this project work in order to increase the 
understanding and knowledge of additive manufacturing of Ti-6Al-4V. The main 
focus has been on the relationship between the microstructure and the mechanical 
properties, but also the influence from defects generated in the AM process itself has 
been evaluated.  
 

1.1 Scope and aim 
The scope of the present work is to investigate the titanium alloy Ti-6Al-4V 
manufactured by selected additive manufacturing methods with regard to 
microstructure and defects.  
 
The nature of additive manufacturing is such that directional solidification occurs. 
Therefore, the aim is to investigate how the mechanical properties vary with direction 
in built material and with regard to defects. Investigating the influence of process 
parameters rendering in different microstructures and mechanical properties is also 
involved in this study. Furthermore, post-mechanical test evaluation such as 
fractography and crystallographic characterisation aim at increasing the understanding 
of mechanisms involved in tensile plastic deformation, fatigue initiation, and crack 
growth. 
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1.2 Appended papers 
This thesis comprises an introduction to and a review of the research field of additive 
manufacturing of Ti-6Al-4V, and the following appended papers: 
 
Paper A: Microstructure and mechanical properties of laser metal 

deposited Ti-6Al-4V 
   

Pia Åkerfeldt, Robert Pederson and Marta-Lena Antti 
 
Proceedings of The 12th World Conference on Titanium (Ti2011), Beijing, 
China, 19-24 June 2011, vol. III, pp. 1730-1734, 2012.  

 
 
Paper B: Influence of microstructure on mechanical properties of laser 

metal wire-deposited Ti-6Al-4V  
 
 Pia Åkerfeldt, Marta-Lena Antti, Robert Pederson 
 
 Submitted for publication 
 
 
Paper C: A fractographic study exploring the relationship between the 

low cycle fatigue and metallurgical properties of laser metal wire 
deposited Ti-6Al-4V 

 
 Pia Åkerfeldt, Robert Pederson and Marta-Lena Antti 
 
 Published in International Journal of Fatigue, vol. 87, pp. 245-256, 2016 

 
Paper D: Electron backscatter diffraction characterisation of fatigue crack 

growth in laser metal wire deposited Ti-6Al-4V  
 
 Pia Åkerfeldt, Magnus Colliander Hörnqvist, Robert Pederson, Marta-

Lena Antti 
 
 To be submitted for publication 
 
Paper E: Temperature and microstructure evolution in GTAW wire feed 

additive manufacturing of Ti-6Al-4V  
 
 Corinne Charles Murgau, Andreas Lundbäck, Pia Åkerfeldt, Robert 

Pederson	 
 
 To be submitted for publication 
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Paper F: Influence of hydrogen environment on the mechanical 
properties of cast and electron beam melted Ti-6Al-4V 

   
Raghuveer Gaddam, Pia Åkerfeldt, Robert Pederson and Marta-Lena 
Antti 
 
Proceedings of The 12th World Conference on Titanium (Ti2011), Beijing, 
China, 19-24 June 2011, vol. III, pp. 1885-1888, 2012. 
 

1.3 Papers not appended  
 
 

Solid metal induced embrittlement of titanium alloys in contact 
with copper 

   
Pia Åkerfeldt, Robert Pederson and Marta-Lena Antti 
 
Proceedings of The 12th World Conference on Titanium (Ti2011), Beijing, 
China, 19-24 June 2011, vol. III, pp. 1868-1871, 2012. 

 
Investigation of the influence of copper welding electrode on 
Ti-8Al-1Mo-1V and Ti-6Al-2Sn-4Zr-2Mo with respect to solid 
metal induced embrittlement 

 
 Pia Åkerfeldt, Robert Pederson and Marta-Lena Antti 
  
 Proceeding of the 6th EEIGM International Conference on Advanced Materials 

Research, IOP Conference Series: Material Science and Engineering (MSE) 31, 
2012. 

 
The effect of crystallographic orientation on solid metal induced 
embrittlement of Ti-8Al-1Mo-1V in contact with copper  

 
 Pia Åkerfeldt, Robert Pederson, Marta-Lena Antti, Yiming Yao and Uta 

Klement 
 
 Proceedings of the 7th EEIGM International Conference on Advanced Materials 

Research, IOP Conference Series: Material Science and Engineering (MSE) 48, 
2013. 
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2    BACKGROUND 
 
In this chapter background information and the theory underlying the current work 
are presented. A short introduction to titanium manufacturing and the alloy Ti-6Al-
4V is given, as well as a literature review with main focus on additive manufacturing 
of Ti-6Al-4V. 
 

2.1 Titanium alloys 
Among all metals, titanium exhibits the highest strength-to-weight ratio at 
temperatures up to 550°C. Titanium alloys are distinguished by their low weight 
(density): about 45% and 50% of the density of iron and nickel, respectively. The only 
engineering metals that are lighter than titanium are aluminium, magnesium and 
beryllium, but because of limitations in different properties these metals can rarely 
replace titanium alloys [7]. On the other hand, titanium alloys are expensive; titanium 
is about 30 times more expensive than steels and about 6 times more expensive than 
aluminium [6]. The high price can be explained by the complex manufacturing route 
and the high reactivity of titanium with oxygen, which means that the production of 
titanium must be carried out in vacuum or under inert gas. However, the high 
reactivity with oxygen underlies a beneficial property of titanium, namely its corrosion 
resistance. A thin protective oxide film will instantly form on a titanium surface when 
exposed to air, which gives titanium its high corrosion resistance [8]. A comparison 
between the properties of titanium alloys and the properties of iron, nickel and 
aluminium alloys is given in Table 1.  
 
Table 1. Basic properties of titanium alloys compared with iron, nickel and aluminium alloys [8].  

 

 Ti Fe Ni Al 
     

Melting temperature [°C] 1670 1538 1455 660 
Density [g/cm3] 4.5 7.9 8.9 2.7 
Yield stress level [MPa] 1000 1000 1000 500 
Relative corrosion resistance Very high Low Medium High 
Relative reactivity with oxygen Very high Low Low High 
Relative price of metal Very high Low High Medium 
     

 

2.1.1 Manufacturing process  
The properties of titanium are strongly influenced by the microstructure, which 
depends on the manufacturing process and several factors that affect the final product, 
such as alloying additions, impurities, mechanical working and melting processes, heat 
treatments and final fabrication. As a consequence, the condition of each process step 
must be carefully adjusted and controlled to achieve the required properties and 
quality of the final product. The manufacturing process can roughly be divided into 
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the following steps: production of titanium sponge, purification of sponge, melting of 
sponge together with alloying additions (if required) to an ingot, primary fabrication 
from ingot to mill products (bar, plate, sheet, strip, wire etc.), see Figure 2. 
 

 
 

 
 

Figure 2. Overview of the titanium manufacturing process [1]. 
 
The raw material is produced from rutile ore (TiO2) or ilmenite (FeTiO3) that are 
chlorinated into titanium tetrachloride (TiCl4) and then reduced into elemental 
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titanium by magnesium (Kroll’s process) or by sodium (Hunter’s process) [1]. Today 
Kroll’s process is the most frequently used, mainly because magnesium as reducing 
agent is more economical [8]. There are several elements that even in small amounts 
can affect the properties of a titanium alloy and hence it is important to control the 
types and amount of impurities in the raw material. The presence of brittle titanium 
oxide could for instance, if retained through the melting processes, promote crack 
initiation in the final component. The most common residual elements in titanium 
sponge are nitrogen, oxygen, silicon, carbon and iron. Available melting techniques 
today remove detrimental residuals efficiently and regardless of the sponge production 
method used, ingots of high quality can be produced. 
 
Vacuum Arc Remelting (VAR) has been the standard method for ingot production 
since the commercial introduction of titanium alloys; see “double melting” in Figure 
2. The melting process is suitable for environmentally sensitive alloys in which melting 
and solidification can be carefully controlled and reproduced. In VAR a cylindrical 
electrode of appropriate composition is melted by an arc in vacuum and subsequently 
solidified in a water-cooled crucible. The electrodes are compacted aggregates, i.e. 
briquettes of sponge and alloying elements. In alloy production small pieces of sponge 
are mixed and blended with alloying material and then pressed into a briquette. The 
briquettes (which could also be made of carefully chosen reclaimed titanium scrap 
material) are welded together into a long electrode (up to 4.5 m), which is lowered 
into the VAR crucible. Traditionally a double consumable-electrode VAR process is 
used, in which the electrode is melted twice to ensure homogeneity in the resulting 
ingot. The ingot from the first sequence is used as the electrode in the second melting 
stage [1].  
 
Another newer melting method is Cold Hearth Melting (CHM), which has 
advantages over the VAR process when producing high quality titanium. CHM is 
accomplished by using a water-cooled copper vessel containing molten titanium and a 
heat source (plasma arc or electron beam) the energy of which is balanced against the 
heat extracted from the water-cooled copper hearth. Thus a skull (a thin layer of solid 
titanium) is in contact with the copper hearth, whilst the molten titanium is in contact 
with the solid titanium alloy, preventing contamination by the hearth. Moreover it 
allows direct casting to slabs and bars, which are more suitable (cost competitive) than 
round ingots for conversion into flat mill products.  
 
Primary fabrication from ingot to mill products starts with an initial working operation 
in which the round ingot is converted to a square or a round cornered square piece in 
a forging press, as so called “bloom” in Figure 2. The subsequent fabrication steps 
depend principally on the shape of the product to be formed, e.g. billet, plate, sheet or 
bar. The billet is usually used as input material in forging and for ring rolling. Plate 
and sheet are flat rolled to a thickness greater than or less than 25 mm, respectively. 
The bar can be shaped into various forms, e.g. round, square or other desired shapes. 
Electrodes for subsequent casting processes are cut to required lengths and diameters 
and remelted by a casting producer [8]. 
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2.1.2 Microstructure formation 
Titanium is an allotropic element, which means that it can exist in more than one 
crystallographic form, i.e. hexagonal close-packed (hcp) and body centred cubic crystal 
structure, see Figure 3. At room temperature, commercially pure (CP) titanium has an 
hcp crystal structure, also referred to as the “alpha” phase of titanium, but at 882°C 
the alpha phase transforms into “beta” phase having a bcc crystal structure. The alpha 
to beta transition temperature is dependent on the alloying elements and the purity of 
the metal.  
 

 
Figure 3. The crystal structure of hexagonal close packed (hcp, right) and body centred cubic (bcc, 
left) titanium [9]. 
 
Furthermore the beta to alpha transformation is very important since it influence the 
microstructure formation in the alloy. The transformation from beta to alpha obeys 
the Burgers orientation relationship (OR) [10] : 
 

(0001)! (110)! and 1120 ! 111 ! 
 
It means that the (110) planes in the bcc unit cell can transform into a (0001) hcp basal 
plane during the beta to alpha transformation, see Figure 4. The reason why the 
transformation follows the Burgers OR is explained by that the lowest energy of the 
interface is achieved when the lattice spacing misfit is minimum between the alpha 
and beta phase, which occurs when the Burgers OR is fulfilled [11].  
 

1.2
The Metallurgy of Titanium

1.2.1
Crystal Structure

Like a number of other metals – e.g. Ca, Fe, Co, Zr, Sn, Ce, and Hf – titanium
can crystallize in various crystal structures. However, each modification is only
stable within particular temperature ranges. The complete transformation from
one into another crystal structure is called allotropic transformation; the respective
transformation temperature is called the transus temperature.

Pure titanium, as well as the majority of titanium alloys, crystallizes at low tem-
peratures in a modified ideally hexagonal close packed structure, called ! tita-
nium. At high temperatures, however, the body-centered cubic structure is stable
and is referred to as " titanium. The "-transus temperature for pure titanium is
882±2 !C. The atomic unit cells of the hexagonal close packed (hcp) ! titanium
and the body-centered cubic (bcc) " titanium are schematically shown in Fig. 1.3
with their most densely packed planes and directions highlighted.

The existence of the two different crystal structures and the corresponding allo-
tropic transformation temperature is of central importance since they are the ba-
sis for the large variety of properties achieved by titanium alloys.

Both plastic deformation and diffusion rate are closely connected with the re-
spective crystal structure. In addition, the hexagonal crystal lattice causes a distinc-
tive anisotropy of mechanical behavior for the ! titanium. The elastic anisotropy
is particularly pronounced. The Young’s modulus of titanium single crystals con-
sistently varies between 145 GPa for a load vertical to the basal plane and only
100 GPa parallel to this plane.

1 Structure and Properties of Titanium and Titanium Alloys4

Fig. 1.3 Crystal structure of hcp ! and bcc " phase.
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Figure 4. A schematic representation of the Burgers orientation relationship showing the 
relationship between the beta (bcc) and the alpha (hcp) phase [12]. 
 
Depending on the cooling rate from beta to alpha, the transformation can either be 
diffusionless (martensitic) or nucleation- and diffusion controlled. For high cooling 
rates the transformation will be diffusionless forming martensite. The diffusionless 
transformation is not well understood, but it is stated that the atoms will undergo a 
cooperative shear movement. For titanium alloys two martensite morphologies are 
observed, massive and acicular martensite. The massive martensite is generally 
observed for pure titanium and for titanium alloys with a high martensitic 
transformation temperature, i.e. normally alloys with low amounts of alloying 
elements. The massive martensite is observed as large irregular areas (50-100 µm) that 
are hard to dissolve in light optical microscope. These areas consist of very thin laths 
(0.1-1 µm), which all have similar crystal orientation. The acicular martensite is 
observed for titanium alloys with a low martensitic transformation temperature, i.e. 
with higher amount of alloying elements. In contrast to the massive martensite, the 
acicular martensite consists of individual alpha laths, each with different crystal 
orientation [8].  
 
Slower cooling rates lead to a transformation that is nucleation- and diffusion 
controlled. In such cases the alpha phase nucleates at the beta grain boundary forming 
a continuous layer along the beta grain boundary (i.e. grain boundary alpha), see 
Figure 5a. Thereafter alpha laths nucleate either at the grain boundary alpha or at the 
beta grain boundary. The alpha laths grow parallel to each other into the beta grain, 
and together these parallel alpha laths constitute an alpha colony, see Figure 5b. Each 
alpha colony has its individual crystal orientation, according to the Burgers OR. The 
alpha colonies continue to grow in the beta grain until they meet another alpha 
colony. The alpha colony size and the thickness of the alpha laths are strongly 
dependent on the cooling rate. At higher cooling rates the alpha colonies start to 
nucleate also on alpha colony boundaries. In addition, at a certain higher cooling rate 
alpha laths start to nucleate nearly perpendicular, on the long side, on the alpha laths, 
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forming basket weave alpha, see Figure 5c. A thin layer of retained beta separates the 
alpha laths from each other [8].  
 

  
 

 
 

Figure 5. Nucleation- and diffusion controlled transformation resulting in grain boundary alpha 
and colony alpha nucleating at the beta grain boundary (a), colony alpha (b) and basket weave 
alpha (c).  
 

2.1.3 Alloy classification 
With respect to the alpha and the beta phases, titanium alloys can be grouped into 
different categories depending on the crystal structure of the alloy composition 
favoured at room temperature: alpha alloys, near-alpha alloys, alpha-beta alloys and 
beta alloys. Depending on alloy composition, the alpha and the beta phases can be 
stabilised at high and low temperatures, respectively. The most common alloying 
elements and their stabilising effects on the alpha and beta phases are shown in Figure 
6. 
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Figure 6. Alloying elements and their stabilising effects on the alpha and beta phase [8]. 
 
Commercially pure (CP) titanium alloys are the weakest titanium alloys but they exhibit 
the best general corrosion resistance and are also the most weldable. With small 
additions of alloying elements, notably interstitial elements such as oxygen and 
nitrogen, CP titanium alloys can be strengthened by heat-treatment and processing at 
temperatures at which the alloy exists in two phases (alpha and beta).  
 
Alpha and near-alpha alloys have relatively high amounts of alpha stabilisers, usually 
aluminium, and only small amounts of beta stabilisers. Their high creep resistance in 
comparison with other titanium alloys characterise alpha and near-alpha alloys, and 
consequently they are preferred for use in high-temperature applications. Since alpha 
alloys contain only one single phase (all alpha or almost all alpha), irrespective of 
temperature, they cannot be heat-treated to improve mechanical properties and 
consequently near-alpha alloys were developed. In near-alpha alloys small amounts of 
beta stabilising elements are therefore added to make the alloy heat-treatable to some 
extent. However, small amounts of the beta phase present in the microstructure 
during processing are retained after heating and cooling, leading to properties similar 
to those of alpha alloys. As with CP alloys, alpha alloys also possess exceptional 
weldability, which is explained by their insensitivity to heat-treatment. Their 
forgeability on the other hand is poor, mainly because of the narrow temperature 
range that exists for forging below the beta transition temperature, which leads to a 
higher tendency for surface cracks and centre bursts. Consequently, the forging 
process involves several reheating steps to avoid such cracking phenomena [1]. 
Another disadvantage with alpha alloys is their poor resistance to stress-corrosion 
cracking. It has been shown that alpha stabilisers such as aluminium and oxygen 
increase susceptibility to stress-corrosion cracking [13]. 
 
The alpha-beta alloys contain both alpha and beta stabilizing elements. They are 
distinguished by their superior combination of strength and ductility. As the alpha-
beta alloys are heated, a significant amount of beta phase is formed; the specific 
amount depending on the amount of beta stabilisers and the processing conditions. A 
number of different microstructures can be generated for alpha-beta alloys by adjusting 
the thermo-mechanical processing parameters. Alpha-beta alloys are often solid 
solution strengthened: the resulting strength depends on alloy composition, 

ered as an alloying element in titanium in those cases where the oxygen content is
used to obtain the desired strength level. This is especially true for the different
grades of CP titanium. Other a stabilizers include B, Ga, Ge, and the rare earth
elements but their solid solubilities are much lower as compared to aluminum or
oxygen and none of these elements is used commonly as an alloying element.

The P stabilizing elements are divided into p isomorphous elements and P eu-
tectoid forming elements, depending on the details of the resulting binary phase
diagrams. Both types of phase diagrams are shown schematically in Fig. 2.10. The
most frequently used p isomorphous elements in titanium alloys are V, Mo, and
Nb. Sufficient concentrations of these elements make it possible to stabilize the p
phase to room temperature. Other elements belonging to this group that are rarely
used or not used at all because of density considerations, are Ta and Re. From the
P eutectoid forming elements, Cr, Fe, and Si are used in many titanium alloys,
whereas Ni, Cu, Mn, W, Pd, and Bi have only very limited usage. These elements
are used only in one or two special purpose alloys. Other p eutectoid forming
elements, such as Co, Ag, Au, Pt, Be, Pb, and U, are not used at all in titanium
alloys. It should be mentioned, that hydrogen belongs to these P eutectoid forming
elements and that the low eutectoid temperature of 3000C in combination with the
high diffusivity of hydrogen led to a special process of microstructure refinement,
the so-called hydrogenation/dehydrogenation (HDH) process. HDH uses hydrogen
as a temporary alloying element, see Sect. 3.5.2. Generally, the maximum hydro-
gen content in CP titanium and titanium alloys is strictly limited to about 125-
150 ppm because of hydrogen embrittlement.

Fig. 2.10. Effect of alloying elements on phase diagrams of titanium alloys (schematically)

In addition, there exist some elements (Zr, Hf and Sn) which behave more or
less neutrally (Fig. 2.10), because they lower the a/p transformation temperature
only slightly and then increase the transformation temperature again at higher
concentrations. Zr and Hf are isomorphous with titanium and, therefore, both
exhibit the same p to a allotropic phase transformation. These elements have
complete solubilities in the a and P phases of titanium. In contrast, Sn belongs to
the P eutectoid forming elements, but has essentially no effect on the a/p trans-
formation temperature. Many commercial multicomponent alloys contain Zr and
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temperature, cooling rate and on the subsequent ageing process. Consequently the 
conditions and process parameters must be selected carefully to produce the 
microstructure and thus mechanical properties desired. In order to improve creep 
properties, certain alpha-beta alloys have been precipitation hardened by adding silica, 
which precipitates and creates deformation barriers in the structure [1]. The stress-
corrosion cracking susceptibility of alpha-beta alloys is dependent on the structure of 
the alloy (the amount of alpha phase) but is in general lower than that for alpha alloys. 
This is explained by the presence of the beta phase, which has been shown to increase 
stress-corrosion cracking resistance [13].  
 
Beta alloys are metastable, which means that they transform into a pseudo equilibrium 
structure, which has higher free energy than the true equilibrium state. Beta alloys 
contain a relatively high amount of beta stabilisers and less alpha stabilisers than alpha-
beta alloys. Beta alloys are characterised by their hardenability; the major advantages 
with beta alloys are their forgeability and cold-workability in solid solution treated 
conditions [1]. Another characteristic of beta alloys is that they do not form martensite 
upon rapid cooling from the beta phase [8]. The strength of beta alloys comes from 
the strength of the beta structure itself and from precipitation of alpha or other phases 
after processing and heat-treatment. The disadvantages with beta alloys are their 
higher density and lower creep resistance [1]. However, in contrast to alpha alloys, 
beta alloys are considered to be highly resistant to stress-corrosion cracking. It has 
been observed that the beta stabilisers reduce or eliminate susceptibility to stress-
corrosion cracking, but how is not clear [13]. 
 

2.1.4 Deformation characteristics 
When metals are subjected to either static or dynamic load, the metal deforms. 
Depending on the level of load, the deformation is elastic or elastic and plastic. Plastic 
deformation occurs when the metal is subjected to a load higher than the yield 
strength of the metal. For titanium alloys, plastic deformation primarily occurs by slip 
of the alpha phase. Generally slip occurs in the most densely packed crystallographic 
planes, hence the most common are the basal, the three prismatic and the six 
pyramidal planes in the hcp structure, see Figure 7. All of these planes slip in the same 
direction, in <1120 > . The planes and the direction together form 12 possible slip 
systems, which can be reduced to 8 individual slip systems. This because the slip 
accomplished by the pyramidal plane can be generated by a combined slip in the basal 
and prismatic planes. Furthermore, the number of slip systems can be reduced to 4 
because of the symmetry of the hcp crystal [8, 14]. According to the von Mises 
criterion five slip systems are needed for homogenous plastic deformation of 
polycrystals. Therefore, also 1122( )  in <1123>  is also regarded to be a possible slip 

system, see Figure 7.  
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Figure 7. The slip planes of the alpha phase (hcp) of titanium alloys, partly adapted from [14]. 
 
Which slip plane that is activated during loading depends on the loading direction in 
relation to the orientation of the planes, but also on the c/a ratio. The ideal packing of 
hcp crystals is when the c/a ratio is 1.633. However, the hcp crystal of titanium alloys 
is a bit squeezed leading to a smaller c/a ratio. Normally the preferred slip system for 
hcp is the basal plane, since it is the densest plane, but when the c/a ratio is less than 
1.633 the prismatic planes become denser than the basal and hence the prismatic 
planes will act as the preferred slip planes. To activate slip, the critical shear force of 
the specific plane in the specific orientation in relation to the loading direction needs 
to be exceeded [14, 15]. To summarize, it can be hard to predict the slip systems 
activated during loading but it is nevertheless very important to consider, especially for 
highly textured materials. Several authors [16-23] have investigated the influence of 
the texture and local crystal orientation on the tensile and fatigue properties. For 
instance, in low cycle fatigue testing it was observed that loading perpendicular to the 
c-axis results in better fatigue life than loading parallel to the c-axis [18-20]. Pilchak et 
al. have studied the facets on fatigue fracture surfaces in detail and observed that facets 
in dwell fatigue are parallel or nearly parallel to the basal plane, but in fatigue tests 
with continuous cycling the basal planes in the facets are more inclined to the loading 
direction [17]. 
 
The different microstructural features also impact the deformation characteristics of 
titanium alloys. In Figure 8 (left) from [24], the most important microstructural 
features of fully lamellar microstructures are listed and correlated to the process 
parameters impacting their size and fraction. The resulting influence on the 
mechanical properties is also shown. It can be seen that the most important feature to 
consider is the alpha colony size. Because of the Burgers OR between the alpha and 
the beta phase, slip is facilitated across and parallel to the alpha and beta interface and 
consequently the alpha colony decides the effective slip length [11]. The alpha colony 
size influences the yield strength (σ0.2), the ductility (εF), high cycle fatigue (HCF), the 
fatigue crack growth (da/dN) properties, and the critical stress intensity factor (KIC). 
Detailed influence of the alpha colony size (effective slip length) on the mechanical 
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properties is shown in Figure 8 (right). An increasing slip length (larger alpha colony 
size) lowers the yield stress, the ductility, and the LCF properties. It is also shown that 
the grain boundary alpha (GB α-layer) along the prior beta grain boundary influences 
the ductility. The grain boundary alpha is known to lower the ductility [1, 24, 25], 
but its influence is more significant for beta alloys since it then is a larger difference in 
strength between the matrix and the grain boundary alpha layer [24].  
 

 

 
Figure 8. The process parameters influencing the different microstructural features and the 
microstructural influence on the mechanical properties indicated by arrows (left). The influence of 
effective slip length (alpha colony size) on the mechanical properties (right) [24]. 
 
In addition to the alpha colony size, the size of each individual alpha lath also 
influences the mechanical properties. Alpha laths with low aspect ratio (the length of 
the alpha lath divided by the thickness) have been reported to increase the ductility at 
low temperatures and to increase the fatigue crack initiation resistance [26]. However, 
since the different microstructural features are related to each other, even more 
features indirect influence the mechanical properties. For instance, the prior beta grain 
size affects the laths and the alpha colonies since they grow from the prior beta grain 
boundaries [25].  
 

2.2  Ti-6Al-4V 
Ti-6Al-4V is the most widely used titanium alloy and accounts for more than 45% of 
the total titanium production [1] and 80% of the titanium used in the aerospace 
industry. In addition to aerospace applications, Ti-6Al-4V is used in medical implants 
and can be found in automotive, marine and chemical industries in relatively small 
amounts [27]. Ti-6Al-4V is an alpha-beta alloy with an attractive combination of 
properties and can be manufactured in all types of mill products. Application of Ti-
6Al-4V is limited to about 350°C and consequently it is used in low to moderate 
temperature applications. In the aerospace industry, Ti-6Al-4V is extensively used in 
the jet engine (in the cold section, i.e. fan and compressor sections), as blade, discs and 
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Fig. 6. Recrystallization to a bi-modal structure (950°C) and to a
globular structure (800°C), TEM, Ti–6Al–4V: (a) 950°C; (b) 800°C.

Fig. 7. Processing route for fully lamellar microstructure, (schemati-
cally).

In step IV the temperature is more important than
the time (Fig. 2) because the temperature being either
below or above the Ti3Al solvus temperature deter-
mines whether age-hardening by Ti3Al particles occurs
in the ! phase or not. For example, for the Ti–6Al–4V
alloy the Ti3Al solvus temperature is about 550°C, that
means aging at 500°C will precipitate Ti3Al particles
whereas a heat treatment at 600°C or above will be
only a stress relieving treatment. For Ti-6242 (Ti3Al
solvus about 650°C) and IMI 834 (Ti3Al solvus about
750°C) the recommended final heat treatment tempera-
tures (590 and 700°C, respectively) will cause age-hard-
ening by Ti3Al particles. In addition, depending on the
details of step III (recrystallization temperature and
cooling rate), fine secondary ! can be precipitated in the
" phase during the heat treatment in step IV.

2.2. Fully lamellar microstructures

For some applications a so-called fully lamellar mi-
crostructure is produced. The processing route for ob-
taining these fully lamellar microstructures is shown in
Fig. 7 and the important parameters are listed in Fig. 8
together with the resulting microstructural features. In

Fig. 5(b) and (c), the only difference in the processing
route being the cooling rate after the " homogenization
heat treatment (step I) during a compressor disk fabri-
cation process. Fig. 5(a) shows for comparison the
microstructure of a fully lamellar compressor disk
which will be discussed later on.

It should be pointed out that the recrystallization
time during step III is not very critical (Fig. 2), as long
as the time is sufficient for the generation of equiaxed
and isolated !p grains, because grain growth is very
sluggish in these two-phase mixtures of ! and " grains.

The combination of !p volume fraction (recrystalliza-
tion temperature) and !p size (cooling rate after "
homogenization) determines an important parameter,
namely the " grain size (distance between !p grains),
limiting the maximum ! colony size.

Upon separation into !p and " those alloy elements
which are either strong !-stabilizer (for example Al,
oxygen) or strong "-stabilizer (for example Mo, V) will
partition respectively into the two phases. This alloy
element partitioning effect has the consequence that the
! lamellae formed from the " phase upon cooling, have
a lower concentration of elements (especially oxygen)
which are promoting age-hardening by formation of
coherent Ti3Al particles in step IV as compared with !p.

Fig. 8. Important processing parameters, resulting microstructural
features, and major influences on mechanical properties (arrows) for
fully lamellar microstructures.
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Fig. 9. Influence of slip length (! colony size) on mechanical proper-
ties, (schematically).

length) and the yield stress "0.2 is increasing (Fig. 10)
[2]. A drastic increase in yield stress is observed when
the colony structure is changed to a martensitic type of
microstructure (slip length and ‘colony’ size equal to
the width of individual ! plates). The ductility, showing
with increasing cooling rate first also a normal increas-
ing behavior (decrease in slip length, see Fig. 9), passes
through a maximum and is then declining drastically at
high cooling rates (Fig. 10). In the maximum, the
fracture mechanism is changing from a ductile trans-
crystalline dimple type of fracture mode to a ductile
intercrystalline dimple type of fracture mode along the
continuous !-layers at # grain boundaries (Fig. 11) [2].
The magnitude of the effect of these continuous !-lay-
ers, namely the preferential plastic deformation in these
areas, depends primarily on the strength difference
between these areas and the matrix and on the grain
boundary length (# grain size). Although not covered in
this article, it should be mentioned, that for high
strength # alloys the effect of continuous !-layers on
ductility is much more pronounced because of the
higher strength difference between matrix and !-layers
as compared with (!+#) alloys.

The HCF strength (resistance to crack nucleation),
which depends primarily on the first dislocation motion
and therefore in most cases on the yield stress (Fig. 9),
shows as a function of cooling rate a drastic increase in
the fast cooling regime (Fig. 12) [2] like the yield stress
in Fig. 10. For the LCF strength, both the resistance to

this case, a homogenization treatment in the # phase
field (step I in Fig. 7) is applied after deformation either
in the !+# phase field or in the # phase field. The
cooling rate from the homogenization temperature is
now extremely important because it determines the final
lamellar structure (! lamellae size; ! colony size) and
the extent of !-layers at # grain boundaries (Fig. 3).
After step I only step IV, the aging treatment or the
stress relieving treatment, is normally applied. Since no
alloy element partitioning effect is present for the fully
lamellar structure, the degree of age-hardening by Ti3Al
particles is usually higher than for the lamellar portion
of the bi-modal microstructure.

3. Mechanical properties

3.1. Fully lamellar microstructures

For an easier description of the mechanical proper-
ties of the bi-modal microstructure it is better to discuss
the fully lamellar microstructure first. Furthermore,
from all possible correlations only those which have a
major influence on the mechanical properties are dis-
cussed (arrows in Figs. 2 and 8).

The most influential microstructural parameter on
the mechanical properties of fully lamellar structures is
the ! colony size resulting from the cooling rate after
the # heat treatment but limited by the size of the beta
grains, because it determines the effective slip length.
The general effect of slip length on mechanical proper-
ties is shown schematically in Fig. 9. With increasing
cooling rate the colony size is decreased (decreasing slip

Fig. 10. Effect of cooling rate from the # phase field on yield stress
and ductility of fully lamellar structures.
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wheels. Although corrosion resistance is not as good as for pure titanium, Ti-6Al-4V 
has excellent corrosion resistance compared with other titanium alloys, which is 
explained by its ability to form protective oxide layer. The oxidation behaviour of Ti-
6Al-4V is similar to that of pure titanium [1]. 
 

2.3 Additive manufacturing 
Additive manufacturing (AM) is a relatively novel manufacturing method in which a 
feedstock material is melted into near-net shape. In AM the wanted product is built 
layer-by-layer to its final shape. The heat source melts the feedstock material, which 
can be in the form of a wire or powder. The idea with AM is that it transforms the 
wanted component from a 3D CAD model to final product basically in one step. The 
heat source melts the feedstock material according to the build sequence that is related 
to the CAD file. In that way, the wanted product can be tailored in detail for a certain 
application and prototypes can be built on demand very quickly. Today the AM 
technology is extensively being developed for both metals and polymers and in Figure 
9 some examples of materials and products are shown. However, the succeeding part 
of this section will focus only on the selected AM techniques developed and 
investigated for titanium alloys within the aerospace industry. The AM technology for 
metals comprises several techniques that are defined by the type of heat source and 
feedstock material. The three main heat sources utilised are laser and electron beam, 
and TIG arc, which will be discussed in detail below.  
 

   
   
Figure 9. Outside the aerospace industry additive manufacturing is used for various materials and 
applications, from left: AM:ed sole of a football shoe, tailor made implant, and bike frame [28-
30]. 
 

2.3.1 Laser beam heat source 
There are three types of feedstock material for laser beam AM; wire, powder feed and 
powder bed, which will be presented in more detail below.  

Wire 
In laser metal-wire deposition (LMwD) a wire is fed into the melt pool by a wire 
feeder. There is no commercial laser metal-wire deposition system available on the 
market today. The existing LMwD equipment are “in-house” built and consists of a 
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6-axis robot, laser beam, wire feeder and an operator observes the deposition through 
a process camera, see schematic representation in Figure 10 (left). The deposition is 
carried out in a protected atmosphere, commonly a box is flooded by argon gas or a 
sealed “skirt” is used as shown in Figure 10 (right) [31-33]. The main advantage with 
wire deposition compared to the powder-based deposition is the much higher 
deposition rate [34, 35]. Furthermore, the material usage efficiency is higher since all 
material fed into the melt pool solidifies into the final product; there is no waste 
material. By using wire there is also no health risk like there is with handling powder 
thus it can also be considered as a more operator and process environmentally friendly 
process [32].  
 

  
Figure 10. A schematic representation of laser metal-wire deposition (left) and a typical 
deposition cell (right) [33]. 
 

Powder feed 
The powder feed process has several acronyms and designations because of the 
number of commercial systems available; the most common are LENSTM (“Laser-
engineering net shaping”, trademark of Sandia National Laboratory), LAM (“Laser 
additive manufacturing”, trademark of AeroMet Corporation), DLF (“Direct laser 
fabrication”, trademark of Los Alamos National Laboratory), DMD (“Direct Melting 
Deposition”) [36, 37], and DED (Directed Energy Deposition) [38]. Common for all 
powder feed processes is that the powder is delivered by a carrier gas through nozzles 
located around the laser beam, as seen in Figure 11 (left), to the melt pool. If the 
system supports complex movement, very complicated shapes can be built, such as 
unsupported features with overhang [39, 40]. Compared to the wire based AM 
process, the heat input to the substrate is much less, which makes powder feed very 
suitable for repair of components. For instance, this process is and can be used when 
repairing compressors and turbine blades [41]. In addition, successful deposition of a 
graded titanium-vanadium alloy, with varying V content (0-25% V) has been reported 
in [42] and other authors [43, 44] have reported on the possibility of using this process 
for alloy development as well. However, there are two drawbacks with this process, 
namely the material usage efficiency, where only 10-30% of the powder fed ends up 
in the solidified part, and the surface finish, which is dependent on the size of the 

and powder feeding has also been reported [21–23]. A conclusion
can be drawn that a wire-based deposition process is sensitive to
wire position and orientation relative to the melt pool and the
deposition direction. Careful tuning of the wire feed rate, the heat
input, and the travel speed are also important in order to obtain
defect-free beads. Moreover, in [24] it is further argued that in
order to achieve good process stability for multi layered deposi-
tion, continuous process monitoring and control of, e.g. the wire
feed rate, is also necessary. In [25] a camera-based monitoring
system is developed for closed loop control of straight-bead deposi-
tion and in [18] a temperature monitoring system is investigated for a
laser metal-wire deposition process. However, apart from the men-
tioned references this subject has not yet been investigated to any
great extent in the literature. By contrast, there are several publica-
tions on this subject for powder-based systems, e.g. monitoring and
process control using cameras [26–28], closed-loop height control
using photo diodes [29–32], powder flow control based on motion
system speed profile [33], temperature measurements using pyrom-
eters [34–36]. However, transferring these results to wire-based
deposition systems is not a straightforward task since the two
processes are dissimilar in many ways.

A robotized laser metal-wire deposition system has been
developed at University West, Sweden, in close cooperation with
Swedish industry. For this process a camera-based monitoring
system and closed loop control of bead width and height has been
developed and demonstrated for straight bead deposition [25].
The work presented in this paper is a continuation of that work.
The main contribution is a generalized height controller based on
iterative learning [37] that can cope with arbitrary deposition
patterns. It uses height information from preceding layers,
obtained by means of 3D scanning, and prevents the deterministic
disturbances (which the controller learns during the deposition),
and compensates for non-deterministic temporary disturbances.
The result is a stable deposition process with small errors and low
control activity. The material considered in this paper is Ti–6Al–
4V deposited on plates of same material.

2. System hardware

The deposition system is a modified laser welding system
consisting of a high power laser, a deposition tool, an industrial
robot arm, an inert gas tent, a data acquisition system, an
operator interface, and a control system.

The laser heat source is an IPG Photonics fiber laser with a
maximum power of 6 kW. The use of a laser as a heat source is
grateful since it gives low heat input into the substrate (com-
pared, e.g. to a TIG heat source) leading to less residual stress and
less deformation. The robot, which generates the movement of
the tool relative to the substrate, is an ABB 4400 industrial robot
arm with six degrees of freedom. The use of a robot enables high

flexibility in terms of feasible geometries and objects that can be
modified or repaired.

2.1. Deposition tool

The deposition tool consists of an optical system, which focuses
the laser beam, a wire feeder, a laser scanner, and a camera. The
optical system consists of a collimator and a focusing lens, which
together generate a 1.5 mm wide spot in focus. However, since the
chosen wire diameter is 1.2 mm the laser beam is defocused into a
larger spot (roughly 3.6 mm on the deposition surface) in order to
allow for a more flexible interaction between the wire tip and the
melt pool. The focus point is placed below the surface in order to
avoid plasma generation. Here, the choice of wire diameter is a
matter of convenience. Other wire diameters are equally possible
with proper choice of laser spot diameter. The wire feeder is a self-
regulated push/pull feeding system from Fronius. A push mechanism
is mounted at the wire spool and a smaller pull mechanism is
mounted at the nozzle. This setup has a fast response and ensures
good compliance with the desired wire feed rate at the nozzle. The
tool is illustrated in Fig. 1.

2.1.1. Laser scanner
A laser scanner is utilized for the purpose of obtaining a 3D

height profile of the manufactured part after each deposited layer.
In this work a laser scanner from Micro-Epsilon (scanControl
2810-25) is used that operates according to the principle of
optical triangulation. That is, a laser line is projected onto the
target surface and the reflected light is captured by a two
dimensional sensor from which a single-line height profile is
calculated. Resolution of the scanner in the z-axis is specified to
10 mm. A 3D height profile is obtained by a relative movement
between the scanner and the part in the x-direction (for coordi-
nates see Fig. 1), generated by the robot, during which the scanner
is triggered by an in-house developed software to perform
measurements. The part is scanned with a speed of 5 mm/s, and
each 50 ms a new profile is extracted. This results in 250 mm
spatial resolution along the x-axis. At the currently chosen
measurement distance (between the scanner and the part) the
length of the laser line is around 35 mm. The maximum number
of measurement points per scanned line is 1024, however, in
order to limit the amount of information generated for each
scanning, 256 points/line are used. A 35 mm wide laser line gives
a spatial resolution of 140 mm along the y-axis.

During deposition it is important to protect the scanner from
the high power laser reflections and the heat radiation from the
built part. For this purpose, a linear drive unit, on which the
scanner is mounted, is utilized such that it lifts the scanner away
from the melt pool during the actual deposition, and lowers it

Fig. 1. Deposition tool with the laser scanner. Left, deposition mode; middle, scanning mode; right, coordinate axes during scanning.
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down at the time of scanning, see Fig. 1. The repeatability of the
linear drive unit in the z-direction is measured to r30 mm.

2.1.2. Process camera
A CMOS camera is mounted on the deposition tool in order for

an operator to monitor the interaction between the wire tip and
the melt pool during the deposition process. The visual feedback
is meant to help the operator to evaluate the controller and to
spot any disturbances that are not taken care of by the controller.
The field of view is concentrated on a small area surrounding the
melt pool. The high power laser is blocked by a filter placed in
front of the camera’s lens. Furthermore, due to the high bright-
ness of the process, a small aperture and a short shutter time are
chosen. This gives a good contrast of the details in the melt pool,
but it also means that the surrounding is underexposed and thus
black, see the left part of Fig. 2. Hence, for better results
illumination is required, preferably by using well defined light
sources such as xenon light sources or lasers, although not yet
implemented in this work.

2.2. Oxygen sensor

During deposition of Ti alloys it is crucial to maintain the oxygen
content below a certain threshold to minimize the oxidation of the
built part. The deposition is therefore performed in a protective tent
filled with inert gas. In order to monitor the oxygen content a thin
tube is inserted inside the tent from which a small quantity of air is
continuously pumped into an oxygen sensor for measurement. In this
work argon is used as the inert gas.

2.3. User interface

The user interface is designed to provide an operator with all the
necessary information needed to run the process remotely from
outside the laser room. This is an important feature due to the
potential risks associated with the use of high power lasers in general,
and mounted on robots in particular. If necessary, the interface allows
the user to make on-line changes of the laser power, the deposition
speed, the wire feed rate, and the robot’s height.

Two additional cameras are installed in order to give an
overview of the process and the laser room. The scanned surface
is also clearly displayed as well as the details of the height
deviations for the last deposited layer.

2.4. Data acquisition

All data that is presented to the operator is also stored in a MySQL
database with a timestamp. This enables easy access to the stored
data and hence it allows for easy analysis of the experiments. Several
flags are used, such as layer number, laser on/off, etc. which further

simplifies the extraction of the data of interest for post analysis. The
sampling frequency in this work is 33 Hz.

3. Deposition procedure

The on-line controller is evaluated through deposition of
bosses, i.e. knob-like parts with a size in the range of some cm
in all directions. The target part is a 25 mm high circular cylinder
with 30 mm diameter. The part is produced in the following way:
The robot moves the deposition tool according to a pattern while
the high power laser beam generates a melt pool on the substrate
into which the wire is fed continuously. The wire is melted
partially by the laser beam and partially by the heat from the
melt pool, and upon solidification a bead is created. The beads are
deposited side by side, according to the pattern, forming a layer
with a desired contour. The deposition is then repeated for a
sufficient number of layers until the desired height is obtained.
Here, the part is generated by depositing 35 layers. The deposition
pattern is an arithmetic spiral, i.e. the successive turnings of the
spiral have a constant separation distance, see Fig. 3. This distance
is chosen so that adjacent beads are overlapping in a way that the
intermediate area gets as flat as possible.

In the open-loop case, for each new layer, the robot’s tool
center point (TCP) is offset by an estimated layer height in the
z-direction, according to (1), where T z

jþ1 is the tool’s position on
the z-axis at layer jþ1, and ĥl is the estimated layer height. The
estimate ĥl is based on practical experience and here chosen as
constant over layers:

T z
jþ1 ¼ T

z
j þ ĥl ð1Þ

In this work Ti–6Al–4V wire is deposited onto 3 mm plates of
same material. The plates are mounted on a clamping fixture
placed inside an inert gas tent. The oxygen level inside the tent is
maintained below 100 ppm (parts per million) at all times during
deposition. Between each layer the top surface of the part is
scanned with the laser scanner described in Section 2.1.1. Since
the chosen scanner is not intended for hot surfaces a pause of one
minute is made after each deposited layer in order to minimize
the scanning errors caused by the hot top surface of the part.

4. Control methodology

Multi-bead multi-layered deposition is a complex process that
depends on several parameters such as the shape of the part, the
choice of the deposition pattern, the heat input, the deposition
speed, and the wire position- and orientation relative to the melt
pool. These parameters affect the stability of the deposition
process, the geometry of the final part, and its metallurgical
properties. In this work the aim is to develop a controller that

Fig. 2. Left, close-up image of the deposition process as seen by the process camera. Right, the deposition cell with the ABB robot and the protective inert gas tent.

A. Heralić et al. / Optics and Lasers in Engineering 50 (2012) 1230–12411232
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powder [39]. When considering the material usage efficiency in general, one could 
reuse the powder, but for titanium alloys this is complicated because it easily becomes 
contaminated by oxygen.  
 

  
Figure 11. Powder spray (left) and powder bed (right) laser beam AM [45, 46]. 
 

Powder bed 
In the powder bed process or selective laser melting (SLM), powder is spread out 
across a bed and thereafter a stationary laser beam melts the powder according to the 
predefined building sequence, see melting of one layer in Figure 11 (right). After each 
melted layer the whole bed is lowered a distance corresponding to the layer thickness 
(approximate 20 µm) and a new layer of powder is spread out across the bed and 
subsequently the laser beam melts the next layer. Compared to the powder feed 
process, better surface finish can be achieved by the powder bed process. This is 
mainly due to that a finer powder is used in the powder bed process. However, finer 
powder also leads to thinner layers and further to a lower deposition rate [39]. As for 
the powder feed technique, extensive research is carried out in the area of powder bed 
technique for titanium alloys [47-50].  
 

2.3.2 Electron beam heat source 
There are two types of feedstock material used for electron beam AM; wire and 
powder bed. In contrast to the laser beam based techniques carried out in a protective 
atmosphere, the electron beam based processes must be carried out in vacuum.   

Wire 
The electron beam AM process with wire was developed by NASA Langley research 
centre as Electron Beam Freeform Fabrication (EBFFF [26, 65] or EBF3 [64]) together 
with Sciaky Incorporation that today has commercialised the process as EBAM 
(electron beam additive manufacturing). The EBFFF process resembles the electron 
beam welding process to a large extent but as for other AM processes, the electron 
beam here moves according to a sequence building 3D structures. The process must 
be carried out in vacuum and consequently the size of the vacuum chamber also limits 
the size of the component to be built. However, in EBFFF large chambers are used, 
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see Figure 12, and since the process is wire-based high deposition rates can be 
achieved [51].  
 

 
Figure 12. The electron beam freeform fabrication system from Sciaky: the large vacuum 
chamber (left), and close up image on the actual AM system (right) [52]. 
 

Powder bed 
The powder bed electron beam process is commercialised as electron beam melting 
(EBM) by Arcam AB, but is also known as selective electron beam melting (SEBM) or 
powder-based electron beam additive manufacturing (EBAM) in literature [53, 54]. 
The process is in general quite similar to the laser powder bed process, but in EBM 
the process is carried out in vacuum and a stationary electron beam melts the powder 
[53, 55, 56]. The electron beam is controlled by two magnetic coils, which adjust the 
focus and movement of the electron beam. The EBM has challenges with the surface 
finish, as the other powder-based AM processes. However, one advantage with the 
EBM compared to the laser powder bed process is the higher deposition rate [54]. 
Like for the other processes listed here, EBM is also considered as a manufacturing 
process for aerospace components. For instance, in [57] it has been reported that EBM 
fabricated aerospace Ti-6Al-4V brackets met the ASTM requirements of wrought 
material.  
 

2.3.3 Arc beam heat source 
In arc beam additive manufacturing a TIG (tungsten inert gas) arc is utilised to melt 
wire feedstock material. In literature the technique is called shaped metal deposition 
(SMD) [35, 58-63], wire and arc additive manufacturing (WAAM) [64], and gas 
tungsten arc welding (GTAW) wire feed AM (Paper E). The process is 
commercialised as rapid plasma deposition (RPD) by Norsk Titanium [65]. The 
process is very similar to the laser metal wire-deposition, i.e. a robot moves the arc 
beam according to a building sequence defined by a CAD model. The wanted shape is 
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built layer by layer in an argon-protected atmosphere. Since wire is used as feedstock 
material, the process offers very high deposition rates.  
 

2.4  Additive manufacturing of Ti-6Al-4V 
Because of the high material cost of titanium and its alloys, the interest of AM of Ti-
6Al-4V has increased rapidly during the past 20 years. Within the aerospace industry 
the accumulated waste material during manufacturing is measured by the buy-to-fly 
ratio. A normal buy-to-fly ratio for titanium alloys is around 15:1, but can exceed 
100:1 [40]. Others [5, 66] report the material waste to be in between 80-90 % for 
conventional manufacturing methods. Thus, by AM of Ti-6Al-4V the buy-to-fly ratio 
can be reduced considerably. 
 

2.4.1 Microstructure 
The characteristic microstructure of AM:ed Ti-6Al-4V consists of large columnar 
prior beta grains that grow in the temperature gradient direction [35, 39, 47, 53, 54, 
67]. Depending on type of AM process the size of the microstructural features vary, 
processes enabling higher cooling rates render a finer microstructure. For instance, the 
width of the columnar prior beta in EBM:ed Ti-6Al-4V is reported to be about 25-30 
µm [54] whilst for LMwD it is 220-2450 µm (Paper B). Within the prior beta grains 
the microstructure consists of Widmanstätten structure with alpha laths separated by 
retained beta. The alpha laths are generally in the form or colony alpha or 
basketweave alpha structure. Several authors report grain boundary alpha along the 
prior beta grain boundary [36, 58, 64, 67]. Furthermore, Bermingham et al. [68] 
report that the grain boundary alpha was eliminated and the prior beta grain size 
decreased by trace boron additions to the Ti-6Al-4V feedstock material.  
 
Frequently, parallel bands are reported for AM processes using wire as feedstock 
material [36, 51, 60, 67, 69, 70], but parallel bands have also been reported for powder 
fed processes [71]. The parallel bands are observed in the polished and etched cross 
section of the deposited material. Normally they are clearly distinguishable through 
the whole built, except for the top region of the built. It is clearly stated that the 
parallel bands are not related to the deposition layers [60]. Several authors have 
characterised the microstructure at the parallel band to be colony alpha structure and 
the microstructure in between the bands to be basketweave alpha [36, 61, 62, 72]. In 
[74] the formation of the parallel bands is explained by the reheating of the previously 
deposited layer, thus a new heat affected zone is formed for each layer. Moreover, 
Baufeld et al. [67] and Kelly et al. [36] state that the formation of the parallel bands are 
connected to reheating of the previously deposited layer to the beta transus 
temperature, which is partly motivated by the observation that the parallel bands are 
not affected by heat treatments conducted below beta transus. Kelly et al. [36]  have 
characterised the microstructure formation in detail during LMwD of Ti-6Al-4V. A 
schematic representation of the microstructure is shown in Figure 13. Thus, as the first 
layer “n” is deposited it solidifies very quickly forming fine colony alpha. During the 
next layer “n+1”, the previous layer is partly remelted and partly reheated to 
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temperatures in the beta phase field, followed by a rapid cooling, which renders a fine 
basketweave alpha structure mixed with a fine alpha colony structure. When the next 
layer “n+2” is deposited, layer “n” will be reheated to the beta phase field but for a 
lower peak temperature, shorter time and slower cooling rate than during layer 
“n+1”, resulting in fine basketweave alpha structure. Finally, as layer “n+3” is 
deposited, only a small part of layer “n” will be reheated into the beta phase field and 
the cooling rate will be even slower, forming colony alpha, which corresponds to the 
parallel bands (layer band).  
 

 
Figure 13. A schematic representation of the microstructure evolution during LMwD of Ti-6Al-
4V [36].  
 

2.4.2 Solidification behaviour and texture formation 
During solidification it is known that the favoured growth direction for the dendrites 
in cubic bcc metals is in the <100> direction. Thus, the nucleation sites with the 
<100> direction aligned with temperature gradient will outgrow the less favourably 
oriented sites [73-75]. As the growth continues, columnar grains are formed, because 
of the favourable orientation in <100>, see schematic representation of columnar 
growth during the casting process in Figure 14. The favourable growth during 
solidification of Ti-6Al-4V has been confirmed to be in <100> by Glavicic et al. in 
[78].  
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Figure 14. Preferential dendritic growth resulting in formation of columnar grain as the less 
favourable nucleation sites are outgrown [73]. 
 
For AM:ed Ti-6Al-4V, a strong fibre texture in the <100> direction has been 
reported for the beta phase, which was reconstructed from the EBSD data of the alpha 
phase [53, 55, 76]. In addition, Kobryn and Semiatin [71] evaluated the texture of the 
alpha phase, which supports the results of the strong texture of the reconstructed 
texture in beta phase. Strong fibre texture in the <100> direction has been reported 
for another AM:ed material (Waspaloy) [77]  as well, which system does not need to 
be reconstructed. Bermingham et al. in Figure 15 schematically illustrate the formation 
of the columnar grain growth during an AM process using wire as feedstock material. 
In the AM process the preferential dendrite growth occurs in a narrow freezing zone. 
Nucleation sites with the favourable orientation aligned with the temperature gradient 
will out-grow less favourable, explaining why the columnar beta grains cross several 
layers of deposited material.  

 
Figure 15. A schematic representation of the solidification process during AM, illustrating the 
columnar grain growth [68]. 
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Studies have also been carried out to understand the crystallographic relationship along 
the grain boundary alpha. The crystallographic orientation of the grain boundary alpha 
is decided through the Burgers OR by one of the adjacent prior beta grains. 
Furthermore, it has been observed that the alpha colonies, within the same prior beta 
grain, and the alpha colonies growing on either side of the grain boundary, share 
common crystallographic relationship. This is further explained by the interfacial 
energy, which may be minimised if the grain boundary alpha selects an orientation 
that is common to both prior beta grains [11]. 

2.4.3 Mechanical properties 
The tensile properties for AM:ed Ti-6Al-4V is anisotropic when comparing the results 
achieved from specimens parallel to the deposition direction with the results from 
specimens perpendicular to the deposition direction (i.e. specimens are aligned with 
the columnar beta grains). The tensile properties for different AM techniques have 
been compiled in Table 2. It is clearly seen that the elongation properties are better in 
the perpendicular specimen orientation whilst the parallel specimens exhibit higher 
yield strength and ultimate tensile strength. The tensile properties are dependent on 
the type of AM process but also on the process parameters and condition used. 
Remarkable is that the anisotropy is less pronounced for the powder based processes. 
In general, the powder-based processes exhibit finer microstructure than the wire-
based AM processes, because of the less heat input during manufacturing and thus 
higher cooling rate. Furthermore, it has been reported in [59] for SMD that the 
mechanical properties vary in the built material when for instance comparing the 
properties along the height in the wall. A higher hardness has been measured in the 
top and bottom of the built material, which is explained by different temperature 
gradients and therefore cooling rates depending on location in the built material [78]. 
The tensile and the creep properties have been tested at elevated temperatures for 
electron beam with wire (EBFFF) in [79], the properties were reported to be 
comparable to those of wrought Ti-6Al-4V. In Table 2, the typical tensile properties 
of cast, wrought, and forged Ti-6Al-4V is added for comparison. 
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Table 2. Tensile properties of AM:ed Ti-6Al-4V. 1Stress relieved condition (700-730°C 
for 2 hours).  

Heat 
source 

Feedstock 
material 

Orientation YS 
(MPa) 

UTS 
(MPa) 

Elongation 
(%) 

Ref 

Laser Wire  Para. ~985 ~1050 ~2 [80] 
  Perp. ~860 ~930 ~8 [80] 
       
 Powder feed Para.1 1066 1112 5.5 [81] 
  Perp.1 832 832 0.8 [81] 
       
 Powder bed N/a 1110 1267 7.28 [82] 
  N/a 990 1095 8.1 [48] 
  Para. 1195 1269 5 [83] 
  Perp. 1143 1219 4.9 [83] 
       
Electron Wire Perp. 848 924 13 [51] 
       
 Powder bed Para. ~900 ~970 ~12.2 [80] 
  Perp. ~880 ~950 ~13.8 [80] 
  N/a 830 915 N/a [84] 
  Para. 899 978 9.5 [83] 
  Perp. 869 928 9.9 [83] 
       
Arc  Wire Para. 950 1033 8.7 [64] 
  Perp. 803 918 11.7 [64] 
  Para. N/a 983 ~8.5 [59] 
  Perp. N/a 953 ~14.8 [59] 
Ti-6Al-4V Cast   896 1000 8 [1] 
Ti-6Al-4V Wrought bar, annealed 925 1000 16 [1] 
Ti-6Al-4V Forged, mill annealed 827-862 896-931 10 [1] 
 
The fatigue properties of AM:ed Ti-6Al-4V have been investigated in several studies 
[35, 64, 81, 83-89]. A better fatigue performance than cast Ti-6Al-4V has been 
reported for the SLM [83] process, but also fatigue properties better than wrought Ti-
6Al-4V have been reported for both the LENSTM [85] and the EBM [84] process after 
hot isostatic pressing (HIP). In [86] and [89] the fatigue performance of SLM and 
EBM has been evaluated, respectively, with respect to different thermomechanical 
treatment including annealing and HIP. It was then concluded that the annealing did 
not influence the fatigue properties [86], but by subsequent HIP the fatigue properties 
were improved significantly [86, 89] and were comparable to those of wrought Ti-
6Al-4V [86]. Noteworthy is that almost all studies on the fatigue behaviour of AM:ed 
Ti-6Al-4V have been carried out in one orientation only; even if the anisotropic 
microstructure is well known. There are three studies, on LMwD [35, 87] and DLF 
[81], that report a tendency of anisotropic fatigue performance when comparing the 
orientation perpendicular to the deposited layers with the orientation parallel to the 
deposited layers. A slightly higher fatigue life is reported for the parallel orientation. 
However, the anisotropy was absent for the SMD material tested simultaneously in 
one of the three studies [87]. The above work on fatigue properties of Ti-6Al-4V 
accounts for high cycle fatigue properties only. To the author’s knowledge, just one 
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study is available on low cycle fatigue properties, namely of EBM:ed Ti-6Al-4V in 
which different process parameters were used to enhance the fatigue life [90]. Li et al. 
address the lack of knowledge in the area in a recent review paper [91] and stress that 
more work is needed to evaluate the behaviour at a higher level of plastic 
deformation. In [92] the LCF properties was evaluated for AM:ed Ti-5Al-5Mo-5V-
1Cr-1Fe and it was then observed that the crack propagation mainly occurred along 
the grain boundary alpha and thus it was suggested that a discontinuous grain 
boundary alpha would improve the LCF properties. The fatigue crack initiation sites 
of AM:ed Ti-6Al-4V are not well characterised in literature, but defects related to the 
AM process (which will be discussed in the next section) is frequently reported as 
initiation sites, examples of such cases are for instance found in [35, 64, 83, 86, 93, 
94]. Fatigue crack initiation at the subsurface is commonly reported for titanium alloys 
[95], and the AM Ti-6Al-4V is no exception, for instance in [88], crack initiation at 
the subsurface is observed for AM:ed Ti-6Al-4V. However, the crack initiation occurs 
through slip, either at locations accompanying inclusions, pores or weak points in the 
microstructure, or generated by the cyclic loading itself, at the surface [15]. For 
electron beam welded investment castings of Ti-6Al-4V, the location of fatigue crack 
initiation is observed to be mainly at the prior beta grain boundary [96]. 
 
The fracture toughness and fatigue crack growth (FCG) behaviour of AM:ed Ti-6Al-
4V have been studied for the powder based AM processes, i.e. SLM [93, 97, 98], the 
LENSTM process [81, 99], and EBM [99, 100]. The fracture toughness of as-built 
EBM:ed Ti-6Al-4V was similar to the value of cast and wrought Ti-6Al-4V [100], 
whilst as-built SLM:ed and the LENSTM produced Ti-6Al-4V exhibited lower fracture 
toughness than the conventionally processed Ti-6Al-4V [81, 98]. However, HIP:ed 
Ti-6Al-4V produced by the LENSTM process exhibited toughness values comparable 
to those of cast and wrought Ti-6Al-4V [81]. The impact of post-processing on the 
FCG properties has been investigated for SLM:ed Ti-6Al-4V and one of the main 
conclusions is that the residual stresses influence the FCG properties significantly. 
Several studies report a large difference between as-built and heat treated or HIP:ed 
material. If the SLM material is heat treated or HIP:ed, improved FCG properties are 
achieved [93, 97, 98],  resembling the FCG properties of conventionally processed Ti-
6Al-4V [93]. In addition, the scatter in the FCG rate was less after heat treatment at 
temperatures up to 800°C, however, at higher temperatures (above 1050°C) the 
scatter increased [93]. Considering the anisotropy of AM:ed Ti-6Al-4V, the EBM 
specimens oriented perpendicular to the deposited layers exhibited the lowest fracture 
toughness values [100]. No such correlation was observed for the SLM:ed Ti-6Al-4V, 
but it is argued that the influence of the microstructure is less prominent because of 
the impact from the residual stresses [94].  

2.4.4 Defects 
One important challenge, especially for qualification and acceptance of AM parts for 
aerospace applications, is to fully understand the formation of different defects during 
the AM processing. Defects could have a detrimental effect on several vital mechanical 
properties. There are two types of defects frequently observed, and these are pores and 
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lack of fusion (LoF). The formation of pores is complex and can be connected to 
several events and parameters. For the wire-based AM techniques the formation of 
defects resembles that of welding. The pore formation can be divided into two types, 
i.e. mechanical and metallurgical pore formation. In mechanical pore formation, gases 
and gas developers such as air, water, grease residuals etc. are regarded that are 
attributed to contaminations of different kind. Moreover, the metallurgical pore 
formation is mainly related to the presence of oxygen, hydrogen and nitrogen in the 
melt pool nucleating gas bubbles that later on are trapped in the melt pool, forming 
pores. Insufficient or incorrect setting of shielding is then the reason for gas bubble 
formation. The definition of LoF is when the previous layer is not completely 
remelted. LoF forms if the heat input is too low (or if too high welding speed was 
used), i.e. the heat input will not be enough for complete melting. In contrast, LoF 
may also form if the heat input is too high. Then the melt pool gets too large and the 
previous layer may not be completely remelted. This is explained by that a large melt 
pool tends to flow in front of the heat source, covering and preventing the previous 
layer to be completely melted [101]. In addition the formation of LoF could be due to 
incorrect position of the heat source or the wire feeder. For powder-based techniques, 
the formation of defects could be attributed to non-optimal process parameters causing 
instability of the melt pool. For instance, as for wire-feed processes, a moderate 
scanning speed is recommended and a larger spot size is also observed to reduce the 
fraction of porosity [86].  
 
LoF defects have the largest impact on the mechanical properties [49, 86, 102]. The 
mechanical properties, especially the fatigue performance, are difficult to accurately 
predict because of these defects [103]. The key parameters of pores that directly 
influence mechanical properties are the pore size and position. A significant decrease 
of the fatigue performance is noticed when the pore size increases and the pore is 
located closer to the surface of the specimen [104], similar behaviour is reported for 
welds in [105]. 

2.4.5 Residual stresses 
The residual stresses in AM:ed Ti-6Al-4V can be significant. Several studies report 
about the residual stresses and their influence on the fatigue crack growth properties 
(discussed more in section 2.4.2). Limited work has been carried out on Ti-6Al-4V, 
investigating the residual stresses in detail in the as-built material. However, for 
LMwD:ed Ti-6Al-4V the residual stresses were measured in three directions by 
synchrotron radiation, with result revealing higher residual stresses parallel to the 
deposited layers than perpendicular to the deposited layers [106]. Also, for Ti-6Al-4V 
it is reported that preheating of the substrate and the previous deposited layers prior to 
depositing next layer reduces the residual stresses [78]. This explains why there is 
almost no residual stresses in EBM Ti-6Al-4V material compared to SLM built Ti-
6Al-4V material (building is performed at room temperature), in which significant 
amount of residual stresses is found. A preheating to 600~700 °C is carried out of the 
powder bed for the EBM process, which reduces the thermal gradients i.e. the residual 
stresses [84].  
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2.5 Hydrogen embrittlement 
Hydrogen embrittlement was first reported in 1875 by Johnson [107] and since then 
large effort has been made on understanding the phenomena and surveying its 
influence on different metallic materials. For titanium alloys, the influence of 
hydrogen on the mechanical properties has been investigated extensively. For instance, 
it is reported that the interaction with hydrogen for titanium alloys results in a 
degradation of the tensile elongation [108-112], but also the fatigue properties are 
affected [113, 114]. In addition, several studies report on increased the fatigue crack 
growth rate [115-118] and less fracture toughness [116] in the presence of hydrogen. 
The influence of hydrogen is dependent on several factors, such as alloy composition 
[119], microstructure i.e. heat treatment [120, 121], and exposure temperature [108, 
115, 117]. When testing the effect of hydrogen, either the material is pre-charged 
with a specific amount of hydrogen prior to testing or the test itself is carried out in a 
gaseous hydrogen atmosphere.  
 
There are in principal four mechanisms discussed for hydrogen embrittlement that 
have theoretical and experimental support. The first mechanism is stress-induced 
hydride formation, which is a repetitive process of (I) hydrogen diffusing in front of 
the crack tip, (II) nucleation and growth of the new hydride phase, (III) cleavage 
fracture of the hydride phase and finally (IV) crack arrest at the interface of the hydride 
phase [122]. Several authors explain their observations by and support the mechanism 
of stress-induced hydride formation [112, 114, 121]. When hydrides do not form 
there are three other mechanisms discussed; hydrogen enhanced decohesion (HEDE), 
hydrogen enhanced local plasticity (HELP), and adsorption induced dislocation 
emission (AIDE). In HEDE the hydrogen atoms at the crack tip lower the free surface 
energy leading to decohesion of atomic bonds and thus promoting crack propagation. 
In HELP the hydrogen is believed to diffuse in front of the crack tip forming a 
hydrogen atmosphere around dislocations and/or solute atoms. Consequently, the 
stress in front of the crack increases and the resistance to dislocation motion, i.e. plastic 
deformation, reduces in that area, which promotes crack propagation. Finally, the 
mechanism of AIDE resembles the HEDE, but instead of decohesion, the adsorption 
of hydrogen at the crack tip is believed to weaken the atomic bonds and thus 
facilitating dislocations to form at the crack tip, leading to local plastic deformation 
and crack propagation. However, the mechanism most likely of HEDE, HELP, and 
AIDE for certain test conditions is widely debated, but there is a general believe that 
several mechanisms are behind the phenomena of hydrogen embrittlement [122].   
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3 MATERIALS AND METHODS 
 
In this chapter the materials investigated and the experimental testing and procedures 
used in the current work are presented and additional details can be found in Paper A-
F.  
 

3.1 Material 
In the present work material manufactured with three different additive manufacturing 
processes have been investigated; LMwD, GTAW wire feed AM, and EBM. In Paper 
A-E, where LMwD:ed and GTAW wire feed AM:ed material are evaluated, the 
feedstock material has been in the form of wire Ti-6Al-4V. The composition and 
condition of the Ti-6Al-4V wire was in accordance with the aerospace material 
specification of AMS 4954H [123]. The Ti-6Al-4V powder used as feedstock material 
in the EBM process in Paper F was in accordance with the aerospace material 
specification AMS 4998C [124]. The LMwD and the GTAW wire feed AM process 
were carried out at PTC Innovatum, Trollhättan in Sweden and the EBM material 
was manufactured using the ARCAM-A2 machine by ARCAM AB in Mölndal in 
Sweden.  
 
In Paper A-D for LMwD, “walls” were built having a thickness of seven beads and 
the width and height varied depending on number of specimen and specimen 
orientation in the walls; see schematic representation in Figure 16 a). The walls were 
heat treated and annealed at 704 °C for 2 hours before the specimens where machined 
out. The EBM specimens in Paper F were machined from cylinders that were HIP:ed 
at 954 °C, see cylinders prior to machining in Figure 16 b). The GTAW wire feed 
AM material used for validation in Paper E was built according to a predefined 
sequence forming single and multiple bead deposited material, see Figure 16 c).  
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Figure 16. Schematic representation of the LMwD:ed walls (a), typical appearance of the EBM 
cylinders from which the specimens were machined (b), and the GTAW wire feed AM material 
used for validation. 
 

3.2 Mechanical testing 
The tensile testing and the low cycle fatigue testing were carried out by an ISO 17025 
certified commercial mechanical testing laboratory. The fatigue crack growth testing 
was carried out at former Volvo Aero Corporation (today GKN Aerospace Engine 
Systems) in Trollhättan in Sweden. Below follows the main details for the performed 
mechanical testing. 
 

3.2.1 Tensile testing 
The strain controlled tensile testing in Papers A, B, and F was performed according to 
the ASTM E8 at room temperature. The testing carried out at elevated temperatures 
in Paper A (at 200°C) and Paper B (at 250°C) was performed according to ASTM 
E21. Both in Paper A and B two specimen orientations were tested - perpendicular 
and parallel to the deposition direction. In addition to the testing in air, in Paper F 
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specimens were tested in a hydrogen atmosphere in a sealed chamber, two hours 
pressurising time was used to reach a hydrogen pressure of 150 bar.   

3.2.2 Low cycle fatigue testing 
The strain controlled low cycle fatigue testing in Paper A, C, and F was performed 
according to ASTM E606, with R=0. In Paper C two specimen orientations were 
tested, perpendicular and parallel to the deposition direction, whilst in Paper A and F 
only one orientation (perpendicular) was tested. The testing was also performed at 
elevated temperatures in Paper A (200 °C) and Paper C (250 °C). As for the tensile 
testing in hydrogen atmosphere, a two hour pressurising time was used to reach a 
hydrogen pressure of 150 bar. 
 

3.2.3 Fatigue crack growth testing 
Fatigue crack growth (FCG) testing was performed in Paper D according to applicable 
parts of ASTM E647-08 and ASTM E740-03 under linear elastic fracture mechanics 
conditions, using a Kb specimen geometry [125] exhibiting a rectangular cross section. 
A notch was generated in the middle of the gauge section in the centre of the wide 
side of the rectangular cross section by electric discharge machining (EDM). First, a 
semi-circular pre-crack was created from the notch by cyclic loading at the stress ratio 
R=0, at room temperature. Then the fatigue crack growth test started, which was 
performed at room temperature or at 250°C depending on specimen. A triangular 
waveform was used of 0.5 Hz and R=0. The crack propagation, i.e. the crack length, 
was monitored using the direct current potential drop (PD) technique. PD probes are 
attached across the crack and reference probes are attached to the back face of the 
specimen. By measuring the electric resistance i.e. the PD signal, and dividing the 
signal by the reference signal the PD value can be translated to a crack length. The 
FCG rate per cycle, da/dN, is calculated according to the secant method in ASTM 
E647, the stress intensity factor range ΔK, was calculated at the deepest point of the 
crack according to ASTM E740 assuming a semi-circular shape of the crack. The 
FCG tests were stopped at a crack length of approximately 2.5 mm and thereafter the 
specimens were fractured in tension at room temperature.  
 

3.2.4 Hardness measurement 
The microhardness measurements performed in Paper A and Paper B was performed 
in a Matsuzawa MXT- microhardness tester. A load of 500g was used and a distance 
of minimum five indentation diameters was used between each measurement. 
 

3.3 Microstructural characterisation 

3.3.1 Specimen preparation 
The metallographic specimen preparation for microstructural characterisation in Paper 
A-F, all include conventional preparation techniques used for titanium alloys. Careful 
cutting of the specimens was performed with cutting wheels developed for non-
ferrous materials by Struers®. The main part of the specimens was prepared without 
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being mounted. However, when the cross-sections were mounted, the mounting 
procedure was carried out using a Buehler® SimpliMet3 hot mounting press machine 
at 150°C for 6 min with phenolic mounting powder. Cold mounting was carried out 
using epoxy followed by 12 hours of curing time. The subsequent planar grinding was 
carried out manually to avoid smearing and to keep edge sharpness, using P120, P240, 
P600, P1200, P2400, and P4000 SiC papers. The planar grinding was carried out with 
a rotational speed of approximate 200 rpm, for very small specimens the speed was 
deceased to better control the grinding. The final polish was performed using 
Mastermet® polishing solution on a Chemomet® cloth at 150 rpm for 2-10 minutes 
depending on specimen size. The microstructure was revealed using Kroll’s etchant (1 
ml HF, 2 ml HNO3, and 100 ml distilled H2O). 
 

3.3.2 Microscopy 
The main microstructural evaluation and characterisation was carried out in light 
optical microscope (Olympus Vanox-T AH-2 or Nikon eclipse MA200) and in 
Stereomicroscope (Nikon SMZ1270). Large mosaic images were captured with the 
NIS element software of the optical microscope in Papers B, C, and F. These images 
were post-treated in Adobe Photoshop to highlight the prior beta grain boundaries in 
Papers B and C and to colour the grain boundary alpha in Paper E prior to fraction 
estimation. The stereomicroscope was used when studying the microstructure in low 
magnification, for instance to evaluate the parallel bands. In addition, the 
stereomicroscope was used when measuring the length of the pre-crack in the fatigue 
crack growth specimens and it was also frequently used when grinding the crack 
profiles, to confirm the location of the crack profiles.  
 

3.4 Fractography 
The fatigue failure can be divided into different stages, i.e. crack initiation or 
nucleation, crack propagation and the final failure. By characterising the topography 
(fractography) of the fracture surface information about the cause of crack initiation 
and fracture mechanisms can be revealed. In Papers A, B, C, D, and F fractographic 
characterisation have been carried out on the fracture surfaces. Initially, one of the two 
fractured halves was evaluated and if found necessary the second half was evaluated. 
Prior to characterisation in the SEM, the fractured specimens were immersed in 
acetone and cleaned in an ultra-sonic cleaner for approximate 10 minutes. In Papers 
A, B, C and F the fractographic evaluation was carried out in a JEOL JSM 6064LV 
SEM, but in Papers B and C additional characterisation were carried out in a Zeiss 
Merlin FEG SEM. The fractography in Paper D was carried out in a JEOL IT300LV 
SEM and in a JEOL JSM 6064LV SEM.  
 

3.5 Electron backscatter diffraction (EBSD) 
Further analysis was carried out using electron backscatter diffraction (EBSD). In 
Papers B and C the EBSD characterisation was performed in a Zeiss Merlin FEG-
SEM using an Oxford NordlysNano EBSD system. In Paper D, the EBSD 
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characterisation was performed in a JEOL IT300LV SEM equipped with an Oxford 
NordlysMax3 EBSD system. EBSD is an additional characterisation technique used in 
the SEM to obtain crystallographic information from a material. A high-energy 
electron beam scans the area of interest and simultaneously backscattered electrons 
generate an EBSD (Kikuchi) pattern on a fluorescent screen. The pattern generated is 
characteristic of the orientation and crystal structure, and can be used to determine 
individual grain orientations, local texture and phases present. 
 
EBSD equipment comprises three parts: the SEM, a pattern acquisition device, and 
software. The resolution depends on the interaction volume of the primary electrons 
in the material and the projected area of the electron beam. The sample is tilted 
approximately 70° relative to the incident beam to increase the fraction of 
backscattered electrons and thereby the contrast in the EBSD pattern, as shown in 
Figure 17. The phosphor screen connected to the acquisition device is usually located 
about 2 cm from the specimen, perpendicular to the pole-piece. EBSD software 
controls the raster grid of the area of interest, pausing the electron beam at each point 
just long enough to gather the EBSD pattern and to index the orientation. The output 
of EBSD is normally presented as an image in which different colours correspond to 
different crystallographic orientations [126].  
 

 
 
Figure 17. EBSD setup in the SEM vacuum chamber showing pole-piece emitting electrons, 
sample and detector [56]. 
 
In Papers B and C the results are presented in the inverse pole figure (IPF) colour 
code in the normal direction to the analysed cross sections and in Paper D the IPF 
colour code is in the loading direction of the specimens. The IPF shows the (hkil) 
perpendicular to a particular direction in the sample reference plane (in the normal 
direction for Paper B and C). This means that a certain colour corresponds to the 
same perpendicular planes, but the planes with the same colour can still be rotated 
relative to each other, see typical appearance of an IPF map in Figure 18a. 
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a) b) 
 

  
Figure 18. The EBSD result in the (a) inverse pole figure colour code along the normal 
direction, and (b) local misorientation map showing degree of deformation. 
 
As the material is deformed, dislocations form in the material, which will cause local 
variations of the lattice orientation. These misorientations can through EBSD analysis 
be used to study the strain distribution in the material. In Paper D, local 
misorientation mapping has been used to show the degree of deformation occurring 
along a propagating crack, see Figure 18b. Local misoriention mapping can be carried 
out in several ways; the mapping used in the present work defines the local 
misorientation in a specific point by calculating the average misorientation with 
respect to neighbouring pixels. However, since grain boundaries are misorientations as 
well, a maximum value of the allowed misorientation must be decided so that the 
grain boundaries can be excluded in the misorientation mapping [127]. In the present 
study the maximum misorientation was set to 5°. Normally high angle grain 
boundaries are defined as misorientations larger than 10° and low angle or subgrain 
boundaries are considered to be in between 2-10° [128]. 
 
Another type of mapping that has been used in Paper D is Schmid factor mapping, 
which maps the Schmid factor for a certain slip system and loading direction. The 
Schmid factor (m) is written [15]: 
 
  𝑚 = cos 𝜙 cos (𝜆) 
 
where φ is the cosine of the angle of the slip plane and λ is the cosine of the slip 
direction. The Schmid factor is used when calculating the critical resolved shear stress 
(τ) for a specific system by the Schmid’s law [15]:  
 
  𝜏 = 𝜎! ∗𝑚 
 
where σY is the yield stress. Thus, by mapping the Schmid factor for a specific slip 
system and loading direction, an idea of which slip system most likely activated during 
loading is obtained. A typical example of Schmid mapping is shown in Figures 19a 
and 19b in which the Schmid factors of two commonly active slip planes are mapped.  
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Figure 19. The EBSD result of the Schmid factor calculated in the loading direction of the 
specimen for the basal slip system (left) and pyramidal slip system (right). 
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4 SUMMARY OF APPENDED PAPERS 
 

4.1 Paper A 
 
Microstructure and Mechanical Properties of Laser Metal Deposited Ti-6Al-
4V 
 
Pia Åkerfeldt, Robert Pederson and Marta-Lena Antti 
 
In Paper A the tensile properties and low cycle fatigue properties of LMwD:ed Ti-
6Al-4V were evaluated. The specimens were machined from two types of deposited 
walls: one with deposited material only (bulk specimens), and one that included both 
substrate material and the additive layered material. Thus, in these second type of 
specimens the interface between the deposited material and the substrate was tested. In 
addition, for the tensile testing, specimens were cut out in two orientations from the 
walls, vertically and horizontally, in relation to the deposition direction.  
 
The tensile properties were found to vary for the different types of specimens and 
specimen orientations. For the bulk specimens, the ultimate tensile strength was 
higher for horizontally orientated specimens compared with vertical specimens. In 
contrast, a higher ductility was observed for the vertical specimens. The bulk with 
substrate specimens exhibited the highest ductility, which was equal to or higher than 
for conventionally cast Ti-6Al-4V. Of the bulk specimens only the vertical specimens 
tested at 200°C exhibited higher ductility than cast Ti-6Al-4V. However, all 
deposited specimens showed higher ultimate tensile strength than cast Ti-6Al-4V, 
both at room temperature and at 200°C. Interesting to note was that all bulk with 
substrate tensile specimens fractured in the vicinity of the same layer. Hardness 
measurements furthermore indicated lower hardness towards the fracture surface, 
which could be explained by a macroscopic uneven heat conductivity occurring 
within the wall. Concerning the low cycle fatigue properties, the bulk and the bulk 
with substrate specimens showed similar fatigue life. The fractographic evaluation 
confirmed that the fatigue crack initiation was within the deposited material for all 
specimens, which could explain the similar fatigue behaviour. Noteworthy in the 
present study was that some deposited material showed very good fatigue properties, 
which indicate the potential of LMwD:ed Ti-6Al-4V.  
 
In the microstructural characterisation, layered bands were observed, which are 
believed to be corresponding to a heat affected zone generated by the subsequent 
repeated heat treatment of the previous layers during the deposition process. 
Moreover, large prior beta grains crossing several deposited layers were observed, 
which is characteristic microstructural feature for this kind of additive manufacturing 
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processes. The columnar prior beta grains were in the present study believed to be the 
main explanation to the anisotropic tensile properties.    
 
Contribution of author:  
The author planned and performed the microstructure characterisation and the 
fractographic study, evaluated the tensile and low cycle fatigue results and wrote the 
paper after suggestions from the co-authors. 

4.2 Paper B 
 
Influence of Microstructure on Mechanical Properties of Laser Metal Wire-
Deposited Ti-6Al-4V 
 
Pia Åkerfeldt, Marta-Lena Antti and Robert Pederson 
 
In Paper B the tensile properties of LMwD:ed Ti-6Al-4V were evaluated in detail and 
compared to the results presented in Paper A. In contrast to Paper A with a 2-3 min 
break in between each layer, the deposition process in Paper B was continuous, so the 
influence of the building sequence could be evaluated as well. The tensile properties 
were tested at two temperatures, room temperature and 250°C, and in two 
orientations; perpendicular and parallel to the deposited layers.  
 
The tensile properties were found to be anisotropic with regard to the two specimen 
orientations tested. The parallel specimens exhibited 2-5% higher yield strength and 
4% higher ultimate tensile strength at room temperature, whilst the perpendicular 
specimens exhibited 25-33% higher tensile elongation. Moreover, the microstructure 
was characterised and as in Paper A. Large columnar grains crossing several deposited 
layers were observed, but in contrast to the findings in Paper A, the parallel bands 
were absent. In addition, a continuous layer of grain boundary alpha was observed 
along the prior beta grain boundary. The thickness of the grain boundary alpha was 
approximately 8 µm, which is much thicker than the about 1 µm discontinuous grain 
boundary alpha of the specimens in Paper A. Hardness measurements were also carried 
out, but no variation in hardness explaining the anisotropy was observed.  
 
In the fractographic study, a pure ductile fracture surface was observed for the 
perpendicular specimens whilst a quasi-brittle appearance was observed for the parallel 
specimen. Cross sections of the fracture surfaces furthermore indicated fracture along 
the prior beta grain boundaries for the parallel specimens. However, because of the 
variation in thickness of the grain boundary and the anisotropic properties observed 
for Paper A and B, it was concluded that the thickness of grain boundary alpha did not 
influence the degree of anisotropy.   
 
Contribution of author: 
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The author planned and performed the microstructure characterisation and the 
fractographic study, evaluated the tensile results and wrote the paper after suggestions 
from the co-authors. 

4.3 Paper C 
 
A Fractographic Study Exploring the Relationship between the Low Cycle 
Fatigue and Metallurgical Properties of Laser Metal Wire Deposited Ti-6Al-
4V 
 
Pia Åkerfeldt, Robert Pederson and Marta-Lena Antti 
 
In Paper C the low cycle fatigue behaviour of LMwD:ed Ti-6Al-4V was evaluated. 
Two specimen orientations were tested, perpendicular and parallel to the deposited 
layers and the tests were performed at room temperature and at 250°C. The main aim 
of the work was to explain the scatter in fatigue life at different strain ranges with 
regard to different types of defects generated by the LMwD process. A detailed 
fractographic study was carried out to characterise the fracture surface and to find 
location of crack initiation of all tested specimens. 
 
The scatter in the low cycle fatigue result increased with decreasing strain range. From 
the fractographic study it was observed that the LoF defects have the largest impact on 
the fatigue properties, followed by the pores. When the LoF defects were 
characterised in detail, three characteristic features were found within the defect, partly 
attributed to the dendrite formation. In addition, it was observed that the LoF defect 
has larger impact on the properties of specimens oriented perpendicular to the 
deposited layers, whilst pores were more frequently seen as the initiation site for the 
parallel specimens, especially at room temperature. This difference was explained by 
the prevalence of the LoF defects in the deposited material, which leads to different 
loading condition of the defect dependent on specimen orientation. The fatigue crack 
profile was evaluated for selected specimens free from defects. For the parallel 
specimens, fatigue crack propagation along the prior beta grain boundary was 
observed.   
 
Contribution of author: 
The author planned and performed the microstructure characterisation and the 
fractographic study, evaluated the results and wrote the paper after suggestions from 
the co-authors. 
 

4.4 Paper D 
 

Electron backscatter diffraction characterisation of fatigue crack growth in 
laser metal wire deposited Ti-6Al-4V 
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Pia Åkerfeldt, Magnus Colliander Hörnqvist, Robert Pederson and Marta-Lena Antti 
 

In Paper D the fatigue crack growth properties and the crack path characteristics of 
LMwD:ed Ti-6Al-4V were studied. Two specimen orientations, perpendicular and 
parallel to the deposition direction, were evaluated at room temperature and at 250°C. 
 
To begin with, from the FCG rate test, no clear difference in fatigue crack growth 
rate was observed for the two orientations. In the fractographic study, features on the 
fracture surface resembling the prior beta grains were observed. The features were 
confirmed by succeeding microstructural characterisation to be related to the prior 
beta grains. In addition, regions with different tortuosity were observed on the 
fracture surface indicating different crack path characteristics. Selected crack profiles of 
the fracture surfaces were characterised in detail by electron backscatter diffraction. 
One smooth and one more serrated crack profile were evaluated that indicated the 
different crack path characteristics to be related to the alpha colony size and/or the 
crystal orientation. Moreover, regions along the prior beta grain boundary exhibiting 
similar crystallographic orientation were observed, which were attributed to the large 
and wide areas of colony alpha present along the prior beta grain boundary.  
 
Contribution of author: 
The author planned and performed the microstructure characterisation and the 
fractographic study, evaluated the results and wrote the paper after suggestions from 
the co-authors. 
 

4.5 Paper E 
 
Temperature and microstructure evolution in GTAW wire feed additive 
manufacturing of Ti-6Al-4V  
 
Corinne Charles Murgau, Andreas Lundbäck, Pia Åkerfeldt and Robert Pederson 
 
In Paper E, finite element method is used to solve the temperature and microstructure 
evolution during GTAW wire feed additive manufacturing of Ti-6Al-4V. The result 
of the simulation was validated by microstructural characterisation.   
 
The microstructure is modelled in a point wise logic coupled to a finite element 
thermal simulation. The microstructural evolution in the material model is dependent 
on the temperature changes occurring during the deposition process i.e. mainly 
heating and cooling. The material model is based on diffusional theory, which is used 
to describe the phase changes during the deposition process. A predefined sequence 
was deposited by GTAW wire feed additive manufacturing and simulated by the finite 
element method. The microstructure at cross sections of different welding bead 
thicknesses was characterised and compared to the result of the microstructure model. 
In general the model fits well with the results obtained by the microstructural 
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characterisation. A very good agreement was observed for the alpha lath thickness and 
the fraction of martensitic structure. However, the fraction of grain boundary alpha 
needs to be further validated. The measured fraction of grain boundary alpha varies 
with the number of prior beta grain boundaries available in the characterised area.  
 
Contribution of author: 
The author planned and performed the microstructure characterisation and wrote the 
corresponding part of the paper. The author evaluated the results together with the 
co-authors. 
 

4.6 Paper F 
 
Influence of Hydrogen Environment on the Mechanical Properties of Cast 
and Electron Beam Melted Ti-6Al-4V 
 
Raghuveer Gaddam, Pia Åkerfeldt, Robert Pederson and Marta-Lena Antti 

 
In Paper F the tensile and low cycle fatigue (LCF) properties of cast and electron 
melted (EBM:ed) Ti-6Al-4V were evaluated in two test environments; high-pressure 
(150 bar) gaseous hydrogen and air. The aim of the work was to evaluate the effect of 
hydrogen and to compare the mechanical properties of cast and EBM:ed Ti-6Al-4V. 
It was concluded that the EBM:ed Ti-6Al-4V exhibited much higher LCF life and 
tensile strength than cast Ti-6Al-4V. The difference in mechanical properties was 
attributed to the finer microstructure of the EBM:ed material and more specific to the 
alpha colony size since that governs the effective slip length in lamellar titanium alloys. 
The EBM:ed Ti-6Al-4V also exhibited better tensile properties than cast Ti-6Al-4V 
in hydrogen environment.  
 
The LCF test of cast Ti-6Al-4V was carried out in hydrogen environment and in air, 
whilst the EBM:ed Ti-6Al-4V was only tested in the hydrogen environment. A 
decrease in the fatigue life was clearly seen when comparing the LCF life of cast Ti-
6Al-4V in hydrogen environment to the LCF life in air. The effect of the hydrogen 
atmosphere was more pronounced at higher strain ranges (at 2%). In comparison to 
cast Ti-6Al-4V, the EBM:ed Ti-6Al-4V showed promising result in the hydrogen 
environment, i.e. the LCF life was better than that of cast Ti-6Al-4V in both 
hydrogen and air. Moreover, crack profiles of LCF specimens tested at 2% strain range 
in hydrogen and air were evaluated. It was clearly shown that the EBM:ed material 
exhibited a more serrated crack path whilst the cast material exhibited a more smooth 
crack profile following the interface of the alpha colonies or the prior beta grain 
boundary. Again, the different characteristics of the two materials were attributed to 
the finer microstructure of the EBM:ed Ti-6Al-4V. 
 
In this paper it was concluded that the hydrogen influenced the ultimate tensile 
strength and the yield strength as well, which was reconsidered later. The reason is 
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that the tensile testing in hydrogen and air were not performed at the same strain rate 
and consequently the influence from the strain rate cannot be separated from the 
influence of the hydrogen environment.  

 
Contribution of author: 
The author planned and performed the microstructure characterisation and the 
fractographic study of the EBM:ed Ti-6Al-4V, evaluated the results and contributed 
to the discussion part of the paper. 
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6 CONCLUSIONS 
 
Based on the observations presented in Papers A, B, C, D, E and F the following 
conclusions can be drawn with regard to the microstructure, the defects, and the 
mechanical properties of additively manufactured Ti-6Al-4V: 
 
Microstructure 

• The microstructure of LMwD:ed Ti-6Al-4V consists of columnar prior beta 
grains growing across several deposited layers. The prior beta grains orient 
themselves in the direction of the temperature gradient. 

• The thickness of the grain boundary alpha does not influence the degree of 
anisotropy in the mechanical properties. 

• Fatigue cracks propagate mainly along the alpha-beta interface, but can also 
sometimes cut across the alpha laths. 

• In LCF testing of LMwD:ed Ti-6Al-4V the preferable fatigue crack initiation 
sites are at the prior beta grain boundaries for specimens parallel to the 
deposited layer when no detrimental defects exist. The prior beta grain 
boundaries are decorated with grain boundary alpha. 

• The wide alpha lamellae colonies frequently observed along the grain boundary 
of LMwD:ed Ti-6Al-4V imply large regions of similar crystallographic 
orientation along the prior beta grain boundaries.  

• The alpha colony size is the single most important microstructural feature 
affecting the tensile and fatigue properties in hydrogen environment. 

 
Defects 

• Large LoF defects are detrimental to the ductile properties of LMwD:ed Ti-
6Al-4V. 

• For fatigue life, the LoF defects are found to be the most detrimental among the 
defects.  

• The impact of LoF defects on the fatigue properties is dependent on the 
orientation and prevalence in the built material and consequently on the 
loading condition during testing. 

 
Mechanical Properties 

• The tensile properties of LMwD:ed Ti-6Al-4V is anisotropic; the ultimate 
tensile strength and the yield strength being higher for specimens oriented 
parallel to the deposition direction, whilst the ductility is higher for the 
perpendicular specimens. 

• Faster cooling rate during building of LMwD:ed Ti-6Al-4V renders in smaller 
microstructural features, such as smaller prior beta grain size as well as smaller 
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alpha colony size, which increase the yield strength and the ultimate tensile 
strength, but decrease the ductility. 

• By careful selection of building sequence, the ultimate tensile strength, yield 
strength and low cycle fatigue properties of LMwD:ed Ti-6Al-4V can become 
better than those of cast Ti-6Al-4V.  

• For LMwD Ti-6Al-4V the interface between the substrate and the deposited 
material is stronger than the bulk deposited material. At low strain ranges the 
low cycle fatigue properties of LMwD:ed Ti-6Al-4V is anisotropic. The 
specimens oriented parallel to the deposited layers exhibit longer fatigue life 
than the specimens in the perpendicular orientation, which is mainly attributed 
to the prevalence of LoF defects.  

• Fatigue crack growth rates of the LMwD:ed Ti-6Al-4V material are similar 
regardless of sample orientation in relation to building direction.  

• The tensile ductility of EBM:ed Ti-6Al-4V is not affected by the hydrogen 
environment in the present study. 

• The EBM:ed Ti-6Al-4V exhibits higher tensile strength as well as better low 
cycle fatigue properties in both air and hydrogen atmosphere, compared to cast 
Ti-6Al-4V. 
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7 CONCLUDING REMARKS 
 

The AM techniques will change the way of thinking when it comes to design, 
construction and properties of products. Furthermore, the feasibility of AM is almost 
endless and today AM techniques are considered both in serial production as well as 
for production of customised and low-volume components and also for repair of 
broken parts. However, if the AM is going to be used in all ways where it has 
potential, rigorous work is still needed, especially for applications with strong 
requirements of robustness and repeatability within narrow tolerances with regard to 
properties as well as geometry. For instance, the complexity of the qualification 
process remains [129].  
 
Defects are one of the most important challenges of AM and defects are partly the 
reason why the usage of AM:ed material in fracture-critical components is restricted. 
First of all the origin of the defects must be understood, but also the influence on 
mechanical properties must be surveyed in detail. Concerning the formation of 
defects, one interesting study was carried out within the frame of this project. By 
comparing the location of the defects in the built material to the stored process 
parameters during manufacturing, it was possible to identify changes of certain process 
parameters and relate these changes to specific defects. In future work it would be 
interesting to continue that work by promoting the formation of defects to learn more 
about the defect formation but also to receive knowledge and information that can be 
used to tune the process window and process control in such a way that defects are 
minimised or completely avoided. When it comes to the influence of defects on the 
mechanical properties it is not always straightforward. In contrast to the lack of fusion 
defects that almost always have a detrimental effect on the mechanical properties, the 
influence of pores is not as easy to predict. Therefore, it would be interesting to study 
the influence form certain defects by for instance carry out micro tomography before 
and after testing or in situ during mechanical testing to survey the location and 
distribution of defects and how the defects interact with fatigue crack propagation for 
instance.  
 
To be able to design AM products for optimum performance the anisotropic 
behaviour should be investigated further. In the current work the anisotropic tensile 
properties have received much attention. However, work is still needed in this area to 
reach further understanding. For instance, it would be interesting to evaluate the 
influence of the wide alpha colonies present along the prior beta grain boundary since 
the size of the colony alpha and thereby the effective slip length will vary with 
specimen orientation because of these areas. In addition, it would be of interest to 
continue studying the effect of crystallographic orientation on fatigue crack 
propagation characteristics. One suggestion is to study non fractured specimens, so 
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that both sides of the fatigue cracks can be included in the evaluation and thus the 
evaluation will become more comprehensive.  
 
Finally, the development of valid material models and work associated with simulation 
of AM processes are likely to play an important role in the development and 
qualification work for AM, not only for academia but also for the industry. With 
increased understanding and knowledge of the relationship between microstructures – 
defects - mechanical properties of AM materials, more advanced and detailed material 
models will be possible to develop. 
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Microstructure and Mechanical Properties of Laser Metal Deposited Ti-6Al-4V 
 
Pia Åkerfeldt1, Robert Pederson1,2, Marta-Lena Antti1 
 
1Division of Engineering Materials, Luleå University of Technology, S-97181 Luleå, Sweden 
2Department of Materials Technology, Volvo Aero Corporation, S-46181 Trollhättan, Sweden 
 
Laser metal deposition (LMD) is a near net shape manufacturing process in which the final shape of a part or component is built layer-by-layer. The energy 
of a laser beam is used to melt a wire of the selected pre-alloyed material onto a substrate or work piece. In the present study, the mechanical properties of 
laser metal deposited Ti-6Al-4V have been evaluated with respect to the yield strength, ultimate tensile strength, ductility and low cycle fatigue at room 
temperature and at 200°C. In addition, fractographic and metallographic studies were carried out in order to correlate the mechanical behaviour with grain 
morphology and microstructure. The yield strength, ultimate tensile strength, ductility and the low cycle fatigue properties of LMD material were all better 
than or equal to the corresponding mechanical properties of standard cast Ti-6Al-4V material. It was also found that defects, such as pores and surface 
irregularities, significantly reduce the fatigue life of LMD Ti-6Al-4V material, leading to premature fracture when present. 
 
Keyword: Laser metal deposition (LMD), free form fabrication (FFF), mechanical properties, low cycle fatigue, Ti-6Al-4V 
 
 
1. Introduction 

Because of its high strength-to-weight ratio Ti-6Al-4V 
(Ti-64) is often used for applications in the aerospace 
industry such as structural components and highly stressed 
rotating parts in aeroengines. Traditional and common 
manufacturing processes for titanium alloys in aerospace 
applications involve casting and forging processes1). New 
manufacturing technologies are however emerging, and 
Laser Metal Deposition (LMD) is a relatively novel 
technique that offers several opportunities particularly for 
fabrication of low volume components and restoration of 
damaged surfaces. A high power laser melts a pre-alloyed 
metal powder or wire in a layer-by-layer fashion, and the 
near net shape solidifies gradually2-6).  

Among investigated LMD materials, Ti-64 has shown 
promising mechanical properties that are comparable with 
cast and wrought material2-4). For Ti-64 it is well known 
that the microstructure determines the mechanical 
properties1), and therefore several studies2-6) have been 
made in order to increase the understanding of the 
evolution of microstructure during processing and its 
relationship with the mechanical properties. The periodic 
heating and cooling in the building process of LMD 
generates a microstructure that is formed by a rather 
complex thermal history.  
  In the present study the microstructures and selected 
mechanical properties of LMD Ti-64 have been 
investigated and compared with the average properties of 
cast and forged form of the same alloy.  
 
2. Experimental Procedure 
 
2.1 Laser metal deposition 

The LMD equipment used for manufacturing was a 
process controlled fibre laser cell with a maximum power 
of 6 kW, located at PTC Innovatum, Sweden. Ti-64 with a 
composition according to the material specification AMS 
4954G was wire fed onto a Ti-64 substrate. The power to 
manufacture the LMD material was 2-3 kW, the thickness 
of the substrate 5.5 mm and the argon processing 
atmosphere was kept at less then 20 ppm oxygen. 

In total four walls were laser metal deposited; two walls 
consisted of deposited material only, hereafter entitled bulk 
walls, see Figure 1A; and two walls included the interface 
between substrate and deposited material, hereafter entitled 
bulk with substrate walls, see Figure 1B. All walls were 
built with two beads per layer and between each layer the 
wall was left to cool for 2-3 minutes before the subsequent 
pass was started. After completed deposition, the walls 
were post weld heat treated at 704°C for 2 hours.  
 
2.1 Tensile testing 

Strain controlled tensile testing was performed according 
to ASTM E8 and ASTM E21 at room temperature (RT) 
and 200°C in air. The strain rate was set to 1.27 
mm/mm/minute.  
 The tensile specimens of the bulk wall were collected 
from two orientations: horizontally aligned with the x-axis 
and vertically aligned with the z-axis, see Figure 1A. The 
bulk with substrate specimens were tested in the vertical 
orientation only. 
 
2.2 Low cycle fatigue testing 

Strain controlled low cycle fatigue (LCF) testing was 
performed according to ASTM E606 at RT and 200°C in 
air. A strain ratio of R=0 and a frequency of 0.5 Hz was 
used with 80% load drop as the failure criterion. The LCF 
testing was carried out on vertically oriented specimens in 
three strain ranges: 0.75, 0.90 and 1.20%.  
 
2.3 Hardness measurements 

Vickers microhardness measurements were carried out to 
investigate if there were any variations within the tensile 
tested bulk with substrate wall. Two hardness indentations 
were made at each chosen area using a load of 500g.  

 
2.4 Metallographic and fractographic investigation 
 The specimens were evaluated by using a 
stereomicroscope (SM), a light optical microscope (LOM) 
and a scanning electron microscope (SEM).  
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Of the two halves of the ruptured bulk with substrate 
tensile specimen, the one including the substrate was 
chosen for further metallurgical examination. Specimens 
were ground and polished by conventional methods for 
titanium alloys and etched with Kroll´s etchant. Texture 
and microstructure were evaluated using SM, LOM and 
SEM. Additionally a cross section was made in the x-y 
plane in order to compare its texture with the vertical 
orientation, see Figure 1B. 

The fracture surfaces of the LCF specimens were 
evaluated in SEM. The main purpose of the evaluation was 
to locate the crack initiation site to determine the cause of 
the initiation, i.e. surface defects, pores, lack of fusion etc.  
 
3. Results and Discussion 
 
3.1 Tensile test 

The yield strength (YS) of the horizontal bulk material 
was slightly higher than the vertical bulk material. At 
200°C all LMD material showed a similar YS to forged Ti-
64; the same observation was made for the horizontal bulk 
material at RT. The other tested LMD materials showed 
slightly lower YS than forged Ti-64 at RT, but better than 
cast Ti-64, see Figure 2. 

The ultimate tensile strength (UTS) was somewhat 
higher for the horizontal bulk specimens compared with the 
vertical bulk specimens, but the ductility (%EL) was 
slightly higher for the vertical bulk specimens. The bulk 
with substrate specimens showed higher ductility than all 
the bulk specimens. All bulk specimens showed higher 
UTS than cast Ti-64, both at RT and at 200°C. The 
ductility on the other hand seems to depend on the 
orientation. The vertical bulk specimens have equal to (at 
RT) or better (at 200°C) ductility than cast Ti-64. The 
horizontal specimens however, show slightly lower 
ductility. The UTS and ductility of the bulk with substrate 
specimens were better than cast Ti-64. Compared with 
forged Ti-64 the LMD material showed lower UTS and 
ductility see Figure 3. The orientation dependence of UTS 
and ductility are in agreement with the mechanical 
properties reported for LMD6) and shaped metal 
deposition7,8). 

It is interesting to note that all bulk with substrate tensile 
specimens fractured at or just in the vicinity of the 9th 
band, see Figure 4. 

 
Figure 2. Yield strength and temperature of LMD Ti-6Al-4V at RT and 
200°C.  
 

 
Figure 3. UTS and elongation to fracture of LMD Ti-6Al-4V at RT and 
200°C. 
 
 
3.2 Low cycle fatigue 

The bulk and the bulk with substrate specimens showed 
similar fatigue life, see Figures 5 and 6. This could be 
explained by the fracture location, which for all bulk with 
substrate specimens was located within the deposited bulk 
material, i.e. the same as for the bulk specimens.  

A tendency towards higher fatigue life at 200°C for the 
lower strain ranges (0.75 and 0.90) was observed for the 
bulk specimens.  

The fatigue life of the bulk and the bulk with substrate 
specimens at RT and 200°C was higher than that of cast Ti-
64 at RT and 250°C (no average LCF data for cast and 
forged Ti-64 at 200°C were available). However, compared 
with forged Ti-64 the fatigue life was equal to or slightly 
lower for the LMD material, see Figures 5 and 6.  

  
 Figure 1.  Laser metal deposited walls,  A:  a deposit consisting of deposited (bulk) material only and  B:  a deposit including the substrate located in the  
 centre of the wall. Specimens T1-T8 are shown in the etched condition in Figure 4. 
 
 



 3 

Among the evaluated LCF specimens, one exhibited lack 
of fusion and was therefore not included in the results. 

 
Figure 5. Low cycle fatigue properties of LMD material compared with 
average data for forged and cast Ti-64 at room temperature.  

 
Figure 6. Low cycle fatigue properties of LMD material at 200°C 
compared with average data for forged and cast Ti-64 at 250°C. 
 
 
3.3 Hardness 

 Hardness measurements were carried out from the 
fracture surface to the substrate and onwards approximately 
10 bands to the side of the substrate that was not fractured. 
The locations of the indentations were decided by the 
bands, which were visible after metallographic preparation 
and etching with Kroll´s etchant, see bands in Figure 4. 
The indentations were made between bands, in the bands, 
and in the substrate. 

The microhardness varied between 340-370HV 
throughout the built walls, see Figure 7. The hardness was 
found to vary even on a very local scale, i.e. one indent 
could indicate hardness in the lower regime whereas the 
next indent about one hundred micrometres away showed a 
hardness value several tens of HV units higher.  

In several of the fractured tensile specimens there was a 
tendency for decreasing hardness closer to the fracture 
surface, see Figure 7. This could explain why the tensile 
specimens fractured at or in the vicinity of the 9th band.  
 

 
Figure 7. Microhardness measurements on T6 (see Figure 4). Note: the 
background image is only for schematic presentation of the indentation 
locations. 
 
 
3.4 Microstructure 
The microstructure closest to the interface of the substrate, 
in the first few layers of deposited material, consists of 
small equiaxed prior beta grains with a fine transformed 
beta microstructure. 

The microstructure of the bulk material consists of large 
columnar prior beta grains oriented in the z-direction (see 
for example the region above the substrate of sample T8 
shown in Figure 4). In the prior beta grains the 
transformed beta consists of fine alpha plates, single or 
sometimes aligned in packets of a few parallel alpha plates 
forming a colony. 

The higher ductility and lower UTS of the vertical bulk 
specimens as compared with the horizontal bulk specimens 
are a result of the orientation of the elongated prior beta 
grains which are aligned in the z-direction, compare 
Figures 8A and 8B with 8C and 8D. This agrees with the 
findings of others2-3,6-8). 

After etching of the ground and polished tensile 
specimens, parallel bands are clearly visible with the naked 
eye. These bands are related to the deposited layers and 
correspond to the heat affected zone that is formed in a 
previously deposited layer because of the heat from 

 
Figure 4. The fractured bulk with substrate tensile specimens. Specimens T1-T4 were tested at RT and T5-T8 at 200°C.  The substrate, onto which the walls 
are built, is seen in the middle of the specimens. The indents from the hardness measurements can be seen in specimens T1, T3, T6 and T8. 
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subsequent deposited layers. During the LMD process, 
each deposited layer is heated up and cooled down several 
times. Thus the temperature history within one single band 
will be different in different areas, i.e. the upper part of a 
deposited layer will be re-heated to a higher temperature 
than the lower part of the same layer when new layers are 
deposited. The heat input to the already deposited material 
is mainly transported away through heat conductivity. Heat 
transport will consequently be different in the beginning of 
building a wall compared with the last layers of that wall, 
as well as at the edge of the wall compared with the centre 
of the wall. This, the conductivity, and the repetitive 
heating and cooling cycles, results in a rather complex 
thermal history at each specific location in the build. 
Furthermore will phase transformations occur during 
repetitive heating and cooling, which affect the 
microstructure and thus the mechanical properties of the 
built material. 

The trend of lower hardness at the fractured side of the 
bulk with substrate wall, see Figure 7, and the fracture at 
or in the vicinity of the 9th band, see Figure 4, could be a 
result of a macroscopic uneven heat conductivity within the 
wall.  In addition, the wide spread in hardness locally in 
these walls could be explained by the alternating heating 
and cooling cycles during building. The LMD process 
however can be considered as a relatively robust process 
and as one set of parameters are optimized, the building of 
the final wall is expected to be quite homogenous in terms 
of quality as well as in physical properties.  
 

 
Figure 8. SEM images showing the typical appearance of the texture and 
microstructure of x-y plane (A and B) and the vertical direction (C and D). 
 
 
3.5 Fractography 

The fractographic investigation revealed that the crack 
initiation sites were located at either the surface of the LCF 
specimens or at pores, see Figures 9A and 9B. In the bulk 
specimen with the highest LCF life at low strain and 
200°C, the crack initiation site was actually located at the 
point where the thermocouple was attached to the 
specimen, outside the gauge section of the LCF specimen, 
see Figure 9C. This is interesting since it indicates that 
good fatigue properties can be achieved in LMD Ti-64 
material if no pores or other defects are apparent. 
 

 
Figure 9. The crack initiation sites of LCF specimen were located either 
at a pore (A) or at a surface defect (B). The initiation site of the specimen 
with the highest fatigue life was located at the point where the 
thermocouple was attached to the surface, outside the gauge section (C).  
 
 
4. Conclusion 

Based on the results found in the current work the 
following conclusions can be drawn: 
• In all tensile tests and LCF tests the bulk with interface 
specimens fractured in the bulk material, indicating that the 
interface between the substrate and the built LMD material 
is stronger than the bulk material. 
• The bulk with substrate showed the highest ductility of 
all tested materials. 
• For bulk material the vertical specimens showed higher 
ductility than the horizontal specimens. 
• For LMD material the YS, UTS and LCF properties are 
equal to or better than those for cast Ti-64. 
• The ductility of LMD material is equal to or slightly 
lower than that of cast Ti-64. 
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Abstract 
In the present paper laser metal wire deposition of Ti-6Al-4V has been studied and 
the mechanical properties evaluated. The yield strength, ultimate tensile strength and 
tensile elongation were all found to depend on the orientation of the specimens with 
respect to the deposition direction. The specimens in the perpendicular orientation 
showed 25-33% higher elongation than the specimens parallel to the deposition 
direction. The parallel specimens on the other hand showed both higher (4%) ultimate 
tensile strength and higher (2-5%) yield strength. Furthermore, the anisotropic 
mechanical properties were correlated to the microstructural constituents of the 
specimens.  
 
1. Introduction 
Titanium and its alloys are used to a large extent within the aerospace industry 
because of the high specific strength and creep resistance. The material cost of 
titanium alloys [1] is relatively high and when components in titanium are 
manufactured by conventional methods the amount of scrap material could exceed 
80% [2-4]. Therefore, there is a large interest in the emerging additive manufacturing 
(AM) techniques for titanium alloys, which could enable near net shaping of titanium 
components and thereby reducing the scrap generation and material cost. By AM 
there is also a possibility to tailor the design [4,5] and the material composition [6] of 
the product to a large extent without additional cost since the production can be 
carried out in the same equipment, allowing for instance low volume production. 
Hence, the AM covers a wide range of applications and is attractive for production of 
prototypes, repairing components, as well as for fabrication of fully dense parts and 
for building complex features onto e.g. castings. During the last decade several 
different AM techniques have been developed and investigated for titanium alloys.  
 
In AM the wanted part is built up layer by layer as the heat source melts the material 
onto a substrate. The material feedstock can be either in the form of powder or wire 
and the heat source used could either be an electron beam, a laser beam or a plasma 
arc. The wire is fed continuously into the melt pool while the powder can be either fed 
into the melt pool or spread out forming a powder fusion bed. The different AM 
techniques offer different characteristics when it comes to deposition rate, material 
purity and surface finish [7-10]. However, to incorporate the AM techniques in the 
aerospace industry, quality and robustness comparable with those for conventional 
manufacturing methods must be achieved. 
 
The present paper focuses on laser metal wire-deposition (LMwD), which is a 
promising technique for larger structures with less complexity. The LMwD process 
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exhibits good material quality with low impurity levels [11,12] and it also exhibits a 
relatively high deposition rate i.e. production speed [12] as compared with powder. 
The titanium alloy evaluated in the present study is Ti-6Al-4V, which is the most 
commonly used titanium alloy within the aerospace industry. The as-fabricated 
AM:ed Ti-6Al-4V typically exhibit a fully lamellar microstructure [13-15] and the 
microstructural features known to influence the mechanical properties of Ti-6Al-4V 
are the prior beta grain size, the alpha colony size, the length and width of the 
individual alpha laths and presence of grain boundary alpha [16]. These 
microstructural features are in turn influenced by the cooling rate and thermal history, 
which for AM:ed Ti-6Al-4V are complex. Each location in the AM:ed material will 
have a unique thermal history based on the geometry of the part, number of 
succeeding layers, build plan and more variables. In addition, the process control and 
optimised process parameters are important to eliminate the risk of generating defects, 
such as pores and lack of fusion. Therefore, the understanding of the relationship 
between the process parameters, the microstructure and the material properties is 
crucial in order to make the AM technique not only competitive to the conventional 
manufacturing and processing techniques, but also to qualify this technique for 
manufacturing of real parts. The aim of the present study has been to explore the 
relationship between the mechanical and microstructural characteristics of LMwD:ed 
Ti-6Al-4V. Additionally, the influence of the microstructure constituents on the result 
has been discussed by comparing the result of the present study (batch 1) to the result 
of a previous study (batch 2), for which the mechanical properties have been reported 
elsewhere [17].  
 
2. Materials and Methods 
 
2.1 Material 
In LMwD a controlled fibre laser cell melts a welding wire forming the wanted shape 
in a layer-by-layer fashion. The specimens were cut out from deposited “walls”, 
which size varied depending on number of specimens within a wall and the specimen 
orientation, see typical layout in Figure 1. The composition of the welding wire used 
in the current study was according to the aerospace material specification AMS 4954. 
During manufacturing the power was kept to a value in between 2-3 kW and the 
processing atmosphere contained less than 20 ppm oxygen. The summarised 
manufacturing details for the present batch (batch 1) and the previous batch (batch 2) 
are shown in Table 1. The major difference between batch 1 and batch 2 is the 
manufacturing sequence; for batch 1 the manufacturing process was continuous whilst 
for batch 2 a 2-3 minutes stop was carried out in between each layer.  
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Figure 1. Orientation of specimens in relation to deposition direction. Two kinds 
of specimens have been evaluated - perpendicular and parallel orientation to 
deposition direction, respectively. 
 
Table 1. Manufacturing details of the batches manufactured by LMwD.  
 Batch 1 Batch 2 [17] 
Power 2-3 kW 2-3 kW 

 
Oxygen level Less than 20 ppm Less than 20 ppm 

 
Stop between layers No 2-3 minutes 

 
Materials specification AMS 4954 AMS 4954 

 
Heat treatment 704°C for 2 hours 704°C for 2 hours 
 
The microstructure of the as-fabricated LMwD:ed Ti-6Al-4V consists of large 
columnar prior beta grains, which grow towards the heat source during manufacturing, 
i.e. in the z-direction in Figure 1. This typically oriented microstructure is shown in 
Figure 2a and 2b for the two orientations in the cross-section of the tensile specimens, 
in which dashed lines highlight the prior beta grain boundaries. Thus, the 
perpendicular specimens were aligned along with the prior beta grains whilst the 
parallel specimens were aligned across the prior beta grains. Interesting to note was 
the large variation in the size of the prior beta grains in the as-fabricated 
microstructure. The widths of the prior beta grains vary between 220-2450 µm in 
Figure 2a and 2b.  
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Figure 2. Etched cross section along a perpendicular (a) and a parallel (b) tensile 
tested specimen. The top end of the samples in the figure is the fracture surface. 
Prior beta grain boundaries are highlighted with dashed lines. The dotted line in 
a) indicates where micro hardness measurements were performed. 
 
The transformed beta within the prior beta grains of the as-fabricated Ti-6Al-4V 
consists of fine alpha laths, which are in the form of colony or basketweave alpha 
structure, see Figure 3a and 3b, respectively. The average width of the alpha laths is 
2.6 ± 0.6 µm. The alpha lath size varies randomly within the specimen, so a 
correlation between the lath thickness and location in the wall could not be 
established. Grain boundary alpha is present at the prior beta grain boundaries and the 
typical appearance is shown in Figure 3c. The average thickness of the grain 
boundary alpha is 8 µm. 
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Figure 3. Typical appearance of a) alpha colony microstructure, b) basketweave 
microstructure, and c) grain boundary alpha along the prior beta grain 
boundary. 
 
2.2 Tensile testing 
The strain controlled tensile testing was performed according to ASTM E8M and 
ASTM E21 at room temperature and at 250°C, in air. The strain rate was 
0.5 %/minute up to the yield stress and then 0.05 mm/mm gage length/minute using 
stroke control. In total 38 specimens were tested, 20 parallel and 18 perpendicular to 
the deposition direction.  
 
2.3 Fractographic analysis 
Fractographic analysis was carried out in scanning electron microscopes (JEOL JSM 
6064LV and Zeiss Merlin FEG-SEM) on selected tensile specimens. Prior to 
fractographic evaluation the specimens were immersed in acetone and cleaned in an 
ultrasonic cleaner. Two specimens were further characterised by electron backscatter 
diffraction (EBSD) to evaluate the size and orientation of the microstructural 
constituents. The mapping was carried out in an Oxford NordlysNano system at 20 
kV and 1.0 nA. An area of 2 x 1.5 mm was analysed with a step size of 3 µm unless 
otherwise stated.  
 
2.4 Microstructure analysis 
To get a better understanding of the mechanical properties, the microstructure was 
evaluated in the tensile specimens exhibiting high or low tensile properties at room 
temperature and at 250°C. The cross-sections of the fractured tensile specimens were 
carefully characterised and compared to each other. 
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2.5 Hardness measurements 
Vickers microhardness tests were performed by a Matsuzawa MXT-α microhardness 
tester using a weight of 500 g. Four tensile specimens were evaluated, one parallel 
and one perpendicular, tested at room temperature and at 250°C, respectively. The 
hardness was measured in the cross-section along one line from the fracture surface 
towards the bottom of the specimen. The first indentation was done approximately 
200 µm from the fracture surface; thereafter indentations were made every 500 µm as 
shown in Figure 2a. In total 20 indentations were carried out on each investigated 
specimen.  
 
3. Results and discussion 
 
3.1 Tensile properties 
The result of the tensile testing is presented in Figure 4 and 5; the average properties 
for batch 2 (calculated from two specimens in ref. [17]) are added for comparison. 
The yield strength (YS) of the LMwD:ed Ti-6Al-4V in batch 1 tested at room 
temperature was slightly lower than the typical YS of cast Ti-6Al-4V. For specimens 
in batch 2, however, the YS was significantly higher than cast material, and the 
specimens in the parallel orientation was similar to the YS of forged Ti-6Al-4V, see 
Figure 4. When comparing the two orientations, parallel with perpendicular 
orientations, only a small difference could be seen for batch 1 whilst for batch 2 a 
more pronounced difference could be observed; the YS for the specimens parallel to 
the build direction was higher than for the perpendicular orientation.  
 

 
Figure 4. Average yield strengths at room temperature and 250°C for LMwD Ti-
6Al-4V. For comparison typical average yield strengths for cast and forged Ti-
6Al-4V are also included. 
 
In Figure 5a and 5b the ultimate tensile strength (UTS) versus tensile elongation at 
room temperature and at 250°C are shown, respectively. The LMwD:ed Ti-6Al-4V of 
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batch 1 exhibited higher UTS and elongation than typical properties for cast Ti-6Al-
4V. The average elongation of the batch 1 specimens was in between the typical 
properties of cast and forged Ti-6Al-4V, and several perpendicular specimens showed 
higher tensile elongation than forged Ti-6Al-4V. However, one perpendicular 
specimen exhibited lower elongation than cast (denoted “X” in Figure 5a), which will 
be discussed further below. Specimen “X” was not included in the average and 
standard deviation calculations. When comparing parallel with perpendicular 
orientations, the specimens parallel with the building direction exhibit higher UTS 
than the perpendicular specimens. The specimens perpendicular to the building 
direction however exhibited higher elongation than the parallel specimens. These 
findings corresponds well with others also working with wire and a laser heat source 
which have reported similar anisotropic mechanical properties [7,18,19]. The material 
manufactured in batch 2 exhibited higher UTS and YS, but lower elongation than the 
material manufactured in batch 1, and interesting to note is that the mechanical 
properties of batch 2 were also anisotropic. The level of anisotropy, i.e. the difference 
in mechanical properties in percent between the two orientations, for the two batches 
at room temperature was calculated and the tensile elongation properties for the 
perpendicular specimens was 25% higher in batch 1 and 33% higher in batch 2. The 
average YS of the parallel specimens in batch 2 was 5% higher than in perpendicular 
orientation, whilst for batch 1 it was only 2% higher. The average UTS was 4% 
higher for the specimens parallel to the building direction in both batch 1 and 2. In 
summary, the degree of anisotropy is somewhat higher for specimens built in batch 2 
compared to material built in batch 1. Anisotropic mechanical properties was also 
observed at 250°C and 200°C for both batch 1 and 2, respectively, see Figure 5b. 
 

 
Figure 5a. Ultimate tensile strength and elongation to fracture for LMwD:ed Ti-
6Al-4V compared with cast and forged Ti-6Al-4V at room temperature. “X” 
indicates the properties of one specimen having much lower elongation. 
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Figure 5b. Ultimate tensile strength and elongation to fracture of batch 1 at 
250°C compared with cast and forged Ti-6Al-4V at 250°C. The result of batch 2 
tested at 200°C is added for comparison. 
 
3.2 Fractography and microstructure 
The fracture surface of specimens from the two orientations exhibited different 
characteristic features, which could be associated with the elongation properties. In 
general the perpendicular specimens showed smoother cup-and-cone fracture surfaces 
covered by dimples, see Figure 6a and 6b, whilst the fracture surfaces of the parallel 
specimens exhibited dimples and quasi-brittle areas, see Figure 6c and 6d. The pure 
dimple characteristics of the fracture surface of the perpendicular specimens support 
the higher values of elongation. 
 

  
Figure 6a. Typical appearance of 
tensile fracture surface in 
perpendicular orientation of LMwD:ed 
Ti-6Al-4V.  

Figure 6b. Dimples on the fracture 
surface in perpendicular orientation of 
LMwD:ed Ti-6Al-4V. Centre of 
fracture surface in Figure 6a at high 
magnification. 
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Figure 6c. Typical appearance of 
tensile fracture surface in parallel 
orientation of LMwD:ed Ti-6Al-4V. 

Figure 6d. High-magnification SEM 
fractograph of the area in the rectangle 
in Figure 6b showing dimples and a 
quasi-brittle area.  

 
In addition, the fracture surface of the parallel specimens exhibited elongated features 
resembling the shape of the columnar prior beta grains; see centre and right on the 
fracture surface in Figure 6c. The width of these features, 260-420 µm, corresponds 
well to the width of the prior beta grains in Figure 2. Moreover, a fracture surface 
profile of the parallel specimen, see Figure 7a-c, indicated that the tensile fracture 
followed the prior beta grain boundary. Internal cracks along the prior beta grain 
boundary were also observed, see arrows to the right and left in Figure 7c. The grain 
boundary alpha is a soft, thin continuous layer that grows along the prior beta grain 
boundary during slow and intermediate cooling rates. It is well known that the alpha 
phase at the prior beta grain boundary could have significant effect on the tensile 
elongation of Ti-6Al-4V manufactured by conventional methods [16,20,21]. The 
elongated features on the fracture surface in Figure 6c are believed to be traces of the 
prior beta grain boundaries, which would also be the natural crack path as the material 
fractures as reported in [21]. Accordingly, because of the orientation, the cross-
section of the fracture surface of the perpendicular specimens did not show any cracks 
along the prior beta grains. The perpendicular fracture surface profile was very flat 
and smooth (Figure 7d) compared to the parallel fracture surface profile (Figure 7a). 
The observation in the present study of the fracture and cracks along the prior beta 
grain boundary in the parallel specimens supports the detrimental influence of grain 
boundary alpha on tensile elongation. Recently, others [22,23] suggested the grain 
boundary alpha to influence the anisotropic behaviour of AM:ed Ti-6Al-4V and its 
possible influence has also been discussed for AM:ed Ti-6Al-2Sn-4Zr-6Mo [24]. As 
schematically explained by Carroll et al. [22], the grain boundary alpha should be 
more detrimental to properties for the parallel specimens. This is because the tensile 
stress in the parallel specimens is normal to the prior beta grain boundaries and hence 
should be considered as the opening or tensile mode type of separating force on the 
grain boundary alpha. Whilst for the perpendicular specimens, the tensile stress is 
parallel along the grain boundary alpha leading to a different loading condition, which 
can be regarded as less detrimental to the mechanical properties.  
 
The anisotropy could also be attributed to the columnar shape of the prior beta grains. 
For titanium alloys with lamellar microstructure, the most important individual 
feature is the alpha colony size, which determines the effective slip length [16]. The 
colony size is limited by the prior beta grain size because it is from the beta grain 
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boundaries that the parallel alpha laths nucleate and grow in colonies, until they meet 
other alpha colonies or a prior beta grain boundary. With increasing cooling rates, the 
growth of colony alpha from the prior beta grain boundaries is not fast enough and 
therefore alpha laths start to nucleate at other colony boundaries, thereby forming new 
alpha colonies (Figure 3a) or basketweave alpha structure (Figure 3b) [1]. However, 
the alpha colony size is similar for the two specimen orientations in the LMwD:ed Ti-
6Al-4V and therefore the anisotropic mechanical properties cannot be attributed to the 
alpha colony size. The standard deviation on the other hand, could be related to the 
alpha colonies and their crystal orientation. The difference in mechanical properties 
for the two orientations is relatively small and it is therefore hypothesized that the 
large columnar prior beta grains in a macroscopic perspective are one reason for the 
anisotropic mechanical properties. Because of the large columnar prior beta grains, 
the number of grain boundaries in a cross-section of the specimen will differ with 
orientation. There will be more prior beta grains in the fracture surface of the 
perpendicular specimens than for the parallel specimens; see Figure 2a and 2b. The 
columnar beta grains could be the explanation to the higher level of anisotropy for 
batch 2, i.e. the higher cooling rate leads to smaller but more columnar prior beta 
grains. The influence of grain boundary alpha could also be related to the prior beta 
grain size, since the maximum slip length in the grain boundary alpha layer is 
governed by the prior beta grain size, which furthermore influences the ductility [21]. 
 
 
 

  
Figure 7a. Fracture surface profile of 
tensile specimen in the parallel 
orientation, low magnification. 
Location of Figure 7b and c are 
highlighted by dashed squares. 

Figure 7b. Etched cross-section of 
fracture surface area “A” of parallel 
oriented tensile tested specimen 
showing how the fracture surface 
“follows” prior beta. 

  

 
Figure 7c. Etched cross-section of fracture surface area “B” of parallel oriented 
tensile tested specimen showing cracks along the prior beta grain boundary. 
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Figure 7d. Fracture surface profile of the tensile specimen in the perpendicular 
orientation. 
 
With the effect of grain boundary alpha taken into consideration, a complementary 
study of the microstructure of the specimens in batch 2 was carried out. In the 
specimens of batch 2, grain boundary alpha was rarely observed in the light optical 
microscope, and if present the thickness was approximately 1 µm and discontinuous, 
see Figure 8a. This could be compared to the average grain boundary alpha thickness 
of 8 µm previously measured in batch 1, see Figure 3c. The typical appearance of the 
prior beta grain boundary of batch 2 is shown in Figure 8b. The grain boundary alpha 
has been suggested by others [24] to be involved in the reduced ductility, partly 
because the fracture was observed to follow the prior beta grain boundary, and 
thereby the grain boundary alpha. However, results from different set of parameters 
(i.e. cooling rate) were not evaluated. Dinda et al.  [23] studied the influence of the 
thickness of grain boundary alpha on the mechanical properties. Two annealing 
temperatures and air cooling and furnace cooling of direct metal deposited Ti-6Al-4V 
were compared to each other. Only a small difference in grain boundary alpha was 
observed for the different cooling rates. At 950°C the thickness of the grain boundary 
alpha was about 2.5 µm and 2.7 µm for both air and furnace cooling, and at 1050°C 
the difference in grain boundary alpha was about 3.8 µm and 4.7 µm for air and 
furnace cooling, respectively. The main influence on the mechanical properties was 
suggested to be related to the annealing temperatures, but a small decrease in 
elongation and increase in UTS were observed for the air cooled specimens. However, 
a larger influence of the cooling rate could be expected during the beta to alpha 
transformation since the amount of beta is restricted at the annealing temperatures 
above. In the present study, the thickness of the grain boundary alpha is not believed 
to be the main contributing factor to the anisotropic mechanical properties because of 
the higher degree of anisotropy for batch 2. The grain boundary alpha is nevertheless 
still regarded as an important microstructural feature that influences the mechanical 
properties, but to what extent it influences the anisotropic behavior of the currently 
investigated batch 1 and batch 2 could not be ascertained.  
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Figure 8a. Prior beta grain boundary 
in LMwD:ed Ti-6Al-4V (batch 2), 
showing grain boundary alpha of 
approximately 1 µm in thickness. 

Figure 8b. Prior beta grain boundary 
in LMwD:ed Ti-6Al-4V (batch 2), 
showing no grain grain boundary 
alpha. 

 
In batch 2 (Figure 9) and in studies made by others [14,19,28,29], parallel bands have 
been observed in the cross section of AM:ed specimens. The parallel bands are 
believed to be related to the beta transus and appear after two layers; when the 
subsequent layer reheat the previous layer to the beta transus again. The suggested 
relation to beta transus is based on the observations that no parallel bands are present 
at the top of the wall, i.e. because that last layer is not reheated to beta transus [14,19]. 
In the current study (batch 1) parallel bands were absent or very indistinct, suggesting 
that the manufacturing parameters in this case did not allow the parallel bands to be 
generated to the same extent. The lack of parallel bands in batch 1 is therefore 
attributed to the more continuous building process, compared to batch 2 in which each 
layer was left to air cool for 2-3 minutes before the succeeding layer was deposited. 
 

 

  
Figure 9. Stereo micrographs showing the characteristic appearance of the 
parallel bands in batch 2, a) etched cross section of tensile specimen and b) 
parallel band at higher magnification. Area “A” and “B” in b) correspond to the 
locations of the EBSD mappings presented in Figure 10a and 12b. 
 
For the completeness of this work and to make the characterization of the 
microstructure more comprehensive the parallel bands of batch 2 were also 
characterized by EBSD. In Figure 10a the inverse color mapping in the normal 
direction of area “A” in Figure 9b is shown, which clearly indicates a relationship 
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between the crystal orientation and the parallel bands. At higher magnification 
(Figure 10b), only small variations of the crystal orientation are observed along the 
parallel band.  
 

  
Figure 10a: Inverse pole figure 
mapping of area “B” in Figure 9b 
indicating a correlation between the 
parallel band and crystal orientation. 
The arrow to the right indicates the 
location of the parallel band. 

Figure 10b: Higher magnification of 
the highlighted area in Figure 10a. 

 
Defects should also be considered when evaluating the mechanical properties because 
defects could influence properties such as for example elongation. In tensile testing a 
large volume of material responds to the load and deforms plastically. The tensile 
stress in the material is related to the cross-sectional area of the specimen and if a 
significant number of defects are present within the specimen, then the cross-sectional 
area that transfers the applied load will be less and the specimen thus subjected to a 
higher stress and hence the ductility will be lower. Additionally, large defects can act 
as initiation sites for the tensile fracture. Only one tensile specimen had a defect on 
the fracture surface. In Figure 5a the specimen is denoted “X” and it exhibited very 
low elongation (7%), which is less than the average reference value for cast Ti-6Al-
4V. The poor elongation is explained by a large lack of fusion (LoF) defect, see 
Figure 11, which nucleated the fracture. LoF is caused by incomplete melting [13,25] 
and is known to be detrimental to mechanical properties [26,27]. 
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Figure 11. Lack of fusion defect in the fracture 
surface leading to poor elongation.  

 
3.3 Hardness 
The average microhardness values of the two specimen orientations are summarised 
in Table 2. The result of the microhardness is in the same range for the two 
orientations and hence the anisotropic mechanical properties cannot be correlated 
with the microhardness result. The slightly lower standard deviation for the 
perpendicular specimens is attributed to the location of the hardness measurements in 
relation to the columnar prior beta grains (see Figure 2a). Less prior beta grains will 
be involved in the hardness measurement in the perpendicular specimens.  
 

Table 2. Microhardness of LMwD Ti-6Al-4V. 

Orientation 
Tensile test temperature 
(°C) HV0.5 

Perpendicular 25 342±12 

 
250 342±11 

Parallel 25 345±16 

 
250 330±14 

 
3.4 Size and crystallographic orientation of microstructure constituents 
In Figure 12 the orientation maps in the inverse pole figure color of the specimen’s 
normal direction are shown for two perpendicular specimens belonging to batch 1 and 
batch 2. Because of slower cooling rate during manufacturing, batch 1 exhibits 
coarser alpha colonies than batch 2. Both batches exhibit columnar prior beta grains, 
but the prior beta grains in batch 1 are in general wider than those in batch 2. As the 
walls are built the prior beta grains grow epitaxially, preferably in the <100> [30] 
direction, leading to texture directionality in the solidified material. Several authors 
[31-33] studying the texture by reconstructing the prior beta grains report a fiber 
texture of the prior beta grains. The alpha colonies are influenced by the columnar 
prior beta grains and obey the Burger relationship [34], which explains the 
crystallographic relationship between the beta (BCC) and alpha (HCP) titanium 
phases. Alpha colonies nucleating at the same prior beta grain boundary will therefore 
have similar crystallographic orientation as shown in Figure 12a. Within the prior beta 
grain enclosed by the prior beta grain boundaries “PB”, the alpha colonies exhibit the 
orientation close to [0110]. Similar observation can be made for batch 2 in Figure 
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12b. Based on the current observations and theory it could be presumed that the 
number of variants of orientation of the alpha colonies within prior beta grains are 
limited in thinner elongated prior beta grains since the majority of the alpha laths 
nucleate and grow from the prior beta grain boundary. Further, because of the 
prevalence of the prior beta grains, it can be hypothesized that in response to the 
applied load during tensile testing there will be more variants of crystallographic 
orientation i.e. more slip systems available in the perpendicular specimens, which 
could explain the higher ductility in that orientation.  
 

  
Figure 12. The inverse pole figure mapping showing size and crystallographic 
orientation of the alpha colonies in perpendicular specimens of batch 1 (a) and 
batch 2 (b), which corresponds to area “B” in Figure 9b. One alpha colony and 
prior beta grain boundaries (PB) are marked in the figures for clarification.  
 
Conclusions 
 
From the current investigation the following conclusions can be made: 
 

• Specimens oriented parallel to the deposition direction showed 2-5% higher 
yield strength and 4% higher ultimate tensile strength at room temperature, 
than specimens oriented perpendicular to the deposition direction.  
 

• Specimens perpendicular to the deposition direction showed 25-33% higher 
tensile elongation, than specimens parallel to the deposition direction. 

 
• The degree of anisotropy was not influenced by the thickness of the grain 

boundary alpha. 
 

• Yield strengths close to that of typical forged Ti-6Al-4V were achieved in fast 
cooled LMwD Ti-6Al-4V material when mechanically tested parallel to the 
deposition direction.  

 
• The microstructure of the LMwD:ed Ti-6Al-4V consists of columnar prior 

beta grains that grow towards the heat source.  
 

• Faster cooling rate during building renders in smaller microstructural features, 
such as smaller prior beta grain size as well as smaller alpha colony size, 
which improves the yield strength and the ultimate tensile strength, but lower 
tensile elongation properties. 
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a b s t r a c t

Additive manufacturing (AM) has achieved large attention within the aerospace industry mainly because
of the possibility to lower the material and the manufacturing cost. For titanium alloys several AM tech-
niques are available today. In the present paper, the focus has been on laser metal wire-deposition of Ti–
6Al–4V. Walls were built and low cycle fatigue specimens were cut out in two orientations with respect
to the deposition direction. An extensive fractographic evaluation was carried out after testing and the
results indicated anisotropic behaviour at low strain ranges. Defects such as pores and lack of fusion
(LoF) were observed and related to the fatigue life and specimen orientation. The LoF defects are regarded
to have the most detrimental influence on the fatigue life, whilst the effect of pores was not as straight-
forward. Noteworthy in present study is that one large LoF defect did not influence the fatigue life, which
is explained by the prevalence of the LoF defect in relation to the loading direction.

� 2016 Elsevier Ltd. All rights reserved.

1. Introduction

For the past decade, several additive manufacturing (AM) pro-
cesses have been developed and investigated within the aerospace
industry. One of the main targets is to lower the buy-to-fly ratio,
i.e. to lower the material and manufacturing cost. By conventional
processes like forging, required mechanical properties are achieved
but the amount of chip material, from the successive machining,
could be as high as 80% or more [1,2]. By using AM, the material
utilization increases and the manufacturing process itself can be
considered as near-net shape, i.e. limited post built processing is
needed to achieve the final product. Several techniques of additive
manufacturing exist. The heat sources used are laser beam, elec-
tron beam, or a tungsten inert gas welding heat source, and the
material is provided either by powder or wire. Depending on the
technique there will be possibilities or restrictions concerning sur-
face finish, production speed, production atmosphere, material
purity, and mechanical properties [3–6]. The current study focuses
on laser metal wire-deposition (LMwD), in which a robotised laser
beam melts the metal wire. The LMwD process has shown good
material quality with low impurity levels [7] and a comparably
high deposition rate, which is suitable for larger structures with

limited complexity. For instance, LMwD could be used either to
repair parts, restore surface conditions or to manufacture features
on a surface facilitating more complex components to be manufac-
tured at a lower cost.

In the aerospace industry, much attention has been given to AM
of Ti–6Al–4V. This alloy is frequently used in the aerospace indus-
try because of its high specific strength but the cost of refining tita-
nium is high and hence Ti–6Al–4V is expensive. The use of AM for
Ti–6Al–4V is therefore highly motivated, since AM has the poten-
tial to reduce the amount of scrap material. The microstructure
and moreover the mechanical properties of Ti–6Al–4V are depen-
dent on the thermal history, which for AM techniques is complex
because of the layer-by-layer fashion that renders in several heat-
ing–cooling cycles of built material. Besides the unique microstruc-
ture generated, residual stresses and defects also influence the
quality and properties of the final component. If AM, or more speci-
fic LMwD, is going to be able to compete against conventional
manufacturing methods used in aerospace industry, the process
must be completely understood and controlled so that consistency
of the material properties and quality of built material can be
achieved repetitively for components with different geometries.
Accordingly, the relationship between process parameters and
material integrity with regard to microstructural defects and fati-
gue properties should be investigated. The main objective of the
current work is to explain the measured scatter in fatigue life at
different strain ranges with regard to different types of defects that
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occur in AM:ed Ti–6Al–4V. This is carried out by an extensive frac-
tographic study of low cycle fatigue tested LMwD:ed Ti–6Al–4V
specimens in two orientations at two temperatures. In general
low cycle fatigue data of LMwD:ed Ti–6Al–4V is limited in the lit-
erature, especially testing performed in two orientations of the
LMwD:ed material.

2. Materials and methods

2.1. Material

In LMwD, a robotised fibre laser cell melts the Ti–6Al–4V wire,
see schematic setup in Fig. 1. The manufacturing was carried out in
a sealed atmosphere with argon where the oxygen level was kept
below 20 ppm. The laser power during manufacturing was 2–
3 kW and the wire was 1.14 mm in diameter and its Ti–6Al–4V
composition in accordance with the aerospace material specifica-
tion AMS 4954. All LMwD:ed walls were built with the same pro-
cess parameters. The LMwD walls had geometries varying from
110 � 37 � 22 mm to 110 � 106 � 22 mm depending on the num-
ber of specimens and the specimen orientations. However, the
thickness of the walls was always kept constant to five beads i.e.
approximate 22 mm. After manufacturing the walls were post
weld heat treated and annealed at 704 �C for 2 h and cooled in
the furnace to below 538 �C (1000 F). The fatigue test specimens
were machined from the LMwD manufactured walls as shown in
Fig. 1 and thereafter ground and polished to a surface roughness
of 0.2 lm.

2.2. Low cycle fatigue testing

Strain controlled low cycle fatigue (LCF) testing was performed
according to ASTM E606 at both room temperature and 250 �C in
air. Four strain ranges were tested. The strain frequency was
0.5 Hz and the strain ratio R = 0. If the measured plastic strain
was less than 0.01% after 43,200 cycles, the testing was switched
to load control (9 Hz). As a failure criterion, 50% load drop from
the stable hysteresis loop was used. In total 51 specimens were
tested, 25 parallel and 26 perpendicular to the deposition direc-
tion, see description and dimension of the test specimens in

Fig. 1. The LCF testing was carried out at an external certified
(ISO17025) material testing laboratory.

2.3. Microstructure analysis

The microstructural analysis was performed in a light optical
microscope (Nikon eclipse MA200) on specimens prepared by con-
ventional methods for titanium alloys. Before analysis the speci-
mens were etched with a 100 ml H2O, 2 ml HNO3, and 1 ml HF
solution (Kroll’s etchant). For overview images, several images
were stitched together in the software of the microscope (NIS Ele-
ments Basic Research).

2.4. Fractographic analysis

Fractographic analysis was carried out in two SEMs (JEOL JSM
6064LV and Zeiss Merlin FEG-SEM) on all the LCF specimens to
get a better understanding of the fatigue results, and also to survey
which fracture surfaces having defects such as pores and lack of
fusion (LoF). Prior to fractographic evaluation the specimens were
immersed in acetone and cleaned in an ultrasonic cleaner. Selected
defects were further analysed by using the EDS (Oxford X-Max
50 mm2) in the SEM at 5 kV. Electron backscattered diffraction
(EBSD) characterisation was carried out on selected specimens
along the fracture surface to determine the relationship with crys-
tallographic orientation. An Oxford NordlysNano system was used
and the mapping was carried out at 20 kV and 1.0 nA, with step
size 0.8 lm to get information about the crystallographic orienta-
tion along the fracture surface.

3. Results and discussion

3.1. Low cycle fatigue

The results of the low cycle fatigue testing at room temperature
and 250 �C are shown in Fig. 2a and b, respectively. The strain
range values have been normalised with regard to the highest
strain range applied during testing. Both specimen orientations
have been plotted and it is seen that the parallel specimens (circles
in Fig. 2) seems to exhibit better LCF properties than the perpen-
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Fig. 1. Orientation of specimens in a wall in relation to deposition direction (left). Two types of specimens have been tested, perpendicular and parallel orientation to the
deposition direction, respectively. Schematic drawing of a fatigue specimen (right).
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dicular specimens (squares in Fig. 2), especially at the lowest strain
range. Similar anisotropic result has been reported by Baufeld et al.
[8], which performed high cycle fatigue testing of Ti–6Al–4V man-
ufactured by a comparable AM technique (wire based laser beam
additive layer manufacturing). The fatigue performance of other
AM techniques is compared and further discussed by Li et al. in [9].

As expected, the fatigue life decreases with increasing strain
range and the scatter increases with decreasing strain range. In
addition, the cause of crack initiation is also included in Fig. 2. At
lower strain ranges the fatigue results can be divided into two
groups, with or without defects (LoF defects or pores). Hence, the
scatter would be less if the AM:ed material were free from defects.
Furthermore, at lower strain ranges it can be seen that the samples
with the lowest LCF life have cracks mainly initiated at LoF defects,
and that crack initiation at pores allows longer LCF life. At higher
strain ranges the influence from defects is less pronounced. The
scatter and the influence of defects will be discussed further in
Section 3.3.

At 250 �C the fatigue properties were similar to the properties at
room temperature, but the influence from the different defects is
not as distinct as at room temperature, the scatter is slightly smal-
ler. The fatigue life at lower strain ranges of the specimens tested
at room temperature tends to be a bit higher than that at 250 �C.

3.2. Microstructure

The microstructure of the LMwD:ed Ti–6Al–4V is shown in
Fig. 3. In Fig. 3a and b, a cross section of a perpendicular and par-
allel oriented fatigue specimen is shown, respectively. The cross
section and its crack profile through the area of initiation (indi-
cated by white arrows) will be discussed further in Section 3.3.3.
The microstructure of LMwD:ed Ti–6Al–4V consists of large colum-
nar prior beta grains (see Fig. 3a and b) that are oriented vertically
along the height of the wall, perpendicular to the deposition direc-
tion in Fig. 1.

Fig. 2. Low cycle fatigue properties of LMwD Ti–6Al–4V (a) at room temperature and (b) at 250 �C. The probable cause for crack initiation is indicated by corresponding
symbols.
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Within the prior beta grains fine alpha laths form alpha colonies
(Fig. 3c), and basket weave alpha microstructures (Fig. 3d). How-
ever, closest to the prior beta grain boundaries it seem to be more
common with wide alpha colonies, consisting of parallel oriented
alpha laths (as seen in Fig. 3e). Some distance away from the prior
beta grain boundaries the amount of basket weave platelet
microstructure increase. Because of the local variations in each
built layer, and because of the limited number of specimens avail-
able, no quantitative analysis between the position in the wall or
specimen with the two microconstituents was performed. Due to

the columnar shape of the prior beta grains, the perpendicular
specimens will have these grains oriented along the loading direc-
tion whilst for the parallel specimens the prior beta grains will be
oriented across the loading direction during fatigue testing, see
Fig. 3a and b.

A continuous layer of grain boundary alpha was found along the
prior beta grain boundaries, see Fig. 3e. The grain boundary alpha
thickness varies between 4 and 10 lm. For conventionally manu-
factured titanium alloys, the grain boundary alpha is known to
have a negative effect on the tensile elongation properties

Fig. 3. Orientation of the prior beta grains (marked with dashed lines) in (a) the perpendicular and (b) the parallel LCF specimen. The observed microstructure within the
prior beta grains were (c) colony alpha in a Widmanstätten microstructure and (d) basket weave microstructure. The prior beta grain boundary was decorated with grain
boundary alpha as shown in (e). In (a) and (b) the approximate location of crack initiation is indicated by white arrows.
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Fig. 4a. Fatigue crack initiation ‘‘i” at a pore. The crack propagates across two
smaller pores (see arrows).

Fig. 4b. Fatigue crack initiation at a LoF defect. The area of LoF is marked with a
dashed line.

Fig. 4c. Fatigue crack initiation at the surface of the specimen, no specific defect
was observed at the site of initiation (i).

Fig. 4d. Fatigue crack initiation at a LoF defect and a pore, suggesting several
initiation sites. The area of LoF is marked with a dashed line.

Fig. 4e. Fatigue crack initiation at surface of parallel specimen at lowmagnification.
A large LoF defect was observed along the fatigue crack path.

Fig. 4f. LoF defect in parallel specimen at higher magnification.
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[10,11]. For AM:ed Ti–6Al–4V [12,13] and Ti–6Al–2Sn–4Zr–2Mo
[14], it has been suggested to be one explanation for anisotropic
elongation properties. However, no influence of grain boundary
alpha has been reported on the low cycle fatigue properties of
AM:ed Ti–6Al–4V.

3.3. Fractography

The causes to failure were during fractographic evaluation
divided into different categories. The different observed fatigue
crack initiations are listed below and their typical appearances
are shown in Figs. 4a–4f:

� Initiation at a pore: the fatigue crack is initiated at one or several
pores, located close to or at the surface of the specimen, see
Fig. 4a.

� Initiation at a LoF defect: the fatigue crack initiated at an area
with lack of fusion (LoF), see Fig. 4b.

� Initiation at surface: striations indicate that the fatigue crack was
initiated at a specific location at the surface or subsurface of the
specimen; no manufacturing related defect was identified in the
area of initiation, see Fig. 4c.

� Initiation at LoF and pores: the fracture surface has LoF and pores
located close to or at the surface of the specimen. It was not
possible to distinguish which defect initiated the main fatigue
crack, several crack initiations are therefore suggested, see
Fig. 4d.

� Initiation at surface and LoF: accounts for one specimen only.
Striations indicate that the fatigue crack was initiated at the
surface of the specimen. In the middle a relatively large area
of LoF is found, see Figs. 4e and 4f.

The fatigue life in Fig. 2 is correlated to the cause of crack initi-
ation. It was observed that the influence of defects, such as pores
and LoF, was less significant at higher strain ranges. At a lower
loading amplitude (strain range) the stress concentration gener-

Fig. 5. Perpendicular specimens next to each other indicating related cause in the manufacturing process, creating LoF in wall ‘‘A” and pores in wall ‘‘B”.

Fig. 6a. LoF defect (I) covering a larger depth at low magnification. Area indicated
by arrow at higher magnification in Fig. 6b. Fig. 6b. LoF defect (I) at high magnification showing the formation of dendrites.
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ated by the defects is more likely larger than the stress concentra-
tion at the surface of the specimen and thus the risk for crack
nucleation at the defect is high. Similarly, at higher loading ampli-

tudes where the stress concentration at the surface is comparably
high, the influence from defects is restricted to larger defects due
to the more extensive stress concentration generated. Further-
more, at room temperature (Fig. 2a) it could be observed that the
LoF defects had the strongest influence on the fatigue properties
followed by the presence of pores. At 250 �C (Fig. 2b) the fatigue
life is less influenced by defects, which could be explained by the
increased ductility with increasing temperature.

In Fig. 5 the specimens in wall ‘‘A” and ‘‘B” are lined up, showing
one or two similar height of fracture within the walls, which indi-
cates influence from the manufacturing process. In wall A it is sug-
gested to be two problematic sequences in the manufacturing
process generating LoF, whilst in wall B it is one sequence across
the wall, which was found to contain pores. A complete analyse
of the manufacturing process parameters used to build walls A
and B, revealed drastic changes in certain process parameters.
The wire feed rate was one such parameter and it is believed that
this was the most probable cause for the formation of defects that
eventually led to fatigue failure in specific layers in wall A and B.

3.3.1. Fatigue crack initiation at a lack of fusion defect
LoF is formed when the previous layer is not completely molten

and this could be due to several causes generally related to the
speed of deposition and melting rate [15,16]. Dilthey [15] has
stressed three causes for LoF during welding that could also be
applicable to the LMwD. Firstly, if the heat input is too low (high
welding speed) it will cause the melting to be insufficient and thus
LoF will form. Secondly, if the heat input is too high (low welding
speed) the melt pool could start to flow in front of arc because of its
increasing size. Then, as the arc moves forward, the heating of the
base metal will be less efficient since the arc will be directed on the
melt pool instead of the base metal, which could lead to not com-
pletely molten flanks, i.e. LoF. Thirdly, incorrect position of the heat
source could cause insufficient fusion and further LoF. Additionally
for LMwD, LoF is believed to form when the wire feeder is fixed in
relation to the laser beam. Thus, depending on building sequence
the wire will be fed into the melt pool from different directions,
which then could disturb the stability of the melt pool and thus
complicating the wire feeder control. For LMwD, the LoF defect
could also be connected to the wire feeder compensation carried
out to smoothen surface irregularities of the previously deposited
layer. In contrast to pores, LoF was always believed to be the main
cause of failure when present on the fracture surface i.e. the fatigue
crack was initiated by the LoF defect. The detrimental influence of

Fig. 6c. LoF defect (II), which features resemble the lamellar microstructure of Ti–
6Al–4V. Arrows indicate grain boundaries.

Fig. 6d. In LoF defect (II), alpha laths are observed within the defect and among the
laths small bumps are seen, indicated by the arrow, which is believed to be related
to the dendrite formation.

Fig. 6e. LoF defect (III), at low magnification.

Fig. 6f. LoF defect (III), consisting of sharp crystal-like features attributed to a thin
oxide layer.
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LoF defects has been reported by others [17,18] using selective
laser melting as well. Only one exception was found in the present
study, namely in the parallel specimen shown in Figs. 4e and 4f,
which will be discussed further below. In general LoF defects are
non-symmetrical with sharp angles, which contributes to areas
of stress concentrations within the LoF defect itself when the spec-
imen is loaded. The LoF defects are also generally larger than pores
implying a larger weakness to the material. The size of the LoF
defects observed in the present study varied from 0.0008 mm2

(�40 � 30 lm) to approximate 0.55 mm2 (�1200 � 670 lm), but
there were also narrow string-like LoF defects covering the whole
fracture surface. However, because of the irregular and varying
shape of the LoF-defects no correlation between fatigue strength
and size or distance to specimen surface was possible to perform.

Besides the irregular shape and size, the LoF defects have char-
acteristic features within the LoF area, which appears at higher

magnifications. In general three kinds of characteristic features
are observed. The first kind (I), which is shown in Figs. 6a and 6b
in two magnifications, is commonly observed when the LoF covers
a larger depth. The features within (I) are dendrites, similar to the
dendrites seen in solidification voids in castings or welds. Such
interdendritic voids are formed when there is a lack of melt during
solidification [19]. Dendrite formation during additive manufactur-
ing is schematically discussed in Bermingham et al. in [20]. The
second kind (II), shown in Fig. 6c, is relatively flat LoF areas, resem-
bling the lamellar microstructure of Ti–6Al–4V with grain bound-
aries (indicated by arrows) and colony alpha or alpha laths seen
at higher magnification in Fig. 6d. Traces of dendrite formation
are also shown on relatively flat LoF areas, as the small ‘‘bumps”
in Fig. 6c, which is indicated by an arrow in Fig. 6d. The third
(III) feature consists of sharp crystal-like layered structures, see
Figs. 6e and 6f. SEM–EDS analysis indicated higher oxygen content

ParallelPerpendicular

z 

x 
y 

x 

z 
y 

Fig. 7. Different modes of loading of LoF defect in the perpendicular and parallel specimen.

Fig. 8a. Pores (indicated by arrows) close to surface of the specimen with
pronounced plateau on a specimen with low fatigue life.

Fig. 8b. Pore (indicated by arrow) close to surface without plateau on a specimen
with moderate fatigue life.
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within III and thus the crystal-like features are attributed to thin
layers of oxide. The ‘‘bumps” within III are further assumed to be
dendrites covered with a thin oxide layer. The three features were
sometimes observed within the same LoF defect.

LoF defects were observed for specimens in both orientations
(Fig. 2) but their occurrence in the parallel specimens was less fre-
quent. This could be explained by the prevalence of the LoF defect
in the x–y plane (Fig. 7), i.e. along the parallel specimen leading to
that the LoF defects in the two orientations will experience differ-
ent types of loading. In the perpendicular orientation the defect
will experience a separating type of loading where the loading will
be perpendicular to the plane of LoF, see Fig. 7, and the crack will
consequently open as a result of the loading. However, in the par-
allel orientation, the loading direction is parallel to the plane in
which the LoF is located, and hence the LoF will be less detrimental
to the fatigue life. The LoF defects in the x–y plane could in cases of
parallel loading direction (Fig. 7) have a more crack-like appear-
ance, see Figs. 4e and 4f, compared to the LoF of perpendicular
loading direction, see Fig. 6a–f. Similar influence of the LoF defects
has been reported Kobryn and Semiatin [21] for tensile specimens.

3.3.2. Fatigue crack initiation at pores
The effect of pores on the fatigue properties is complex. Speci-

mens that exhibited pores on the fracture surfaces showed some-
times only little decrease in fatigue life while other specimens
showed a significant decrease, compared to specimens without

defects. Careful fractographic evaluation revealed that specimens
having low fatigue life also had a more pronounced plateau around
the pore, clearly indicating that the crack was initiated at the pore.
In Fig. 8a, a fracture surface with two pronounced plateaus is
shown. This fracture surface stems from the parallel specimen hav-
ing the lowest fatigue life at 0.5 normalised strain range tested at
room temperature. In addition, the parallel specimen tested at
the lowest strain range at room temperature also had plateaus
around the pores. For comparison, a pore without a clear plateau
is shown in Fig. 8b, which is the fracture surface of a perpendicular
specimen tested at 0.5 normalised strain range at 250 �C, having a
moderate fatigue life compared to the rest of the perpendicular
specimens.

In some cases when several pores were present on the fracture
surface, crack coalescence is observed. For instance, on the fracture
surface in Fig. 4a three pores are observed; one pore close to the
surface and two smaller pores indicated by the arrows. Around
the smaller pores there are half-circle formed plateaus indicating
that cracks have formed and propagated also from the radius of
the smaller pores. In this particular case it is believed that the crack
initiated at the larger pore, propagated towards the smaller pores.
As the crack propagated closer to the smaller pores, cracks also
formed at the radius of the smaller pores. These cracks were smal-
ler and eventually merged into the ‘‘main” crack. It has been
observed by others [22] that the size and location of the defects
on the fracture surface are important parameters influencing the

Fig. 9. Fracture surface of parallel specimen tested at (a) high strain range and (b) low strain range at room temperature and (c) fracture surface of perpendicular specimen
tested at low strain range at room temperature. Crack initiation = i, in (b) the crack initiation is approximate 0.5 mm from the specimen surface. The white lines in (b) and (c)
correspond to the location of the cross sections for EBSD mapping in Section 3.4.
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Fig. 10. The fatigue crack path of the perpendicular specimen in Fig. 9c. The cross section (along the line in Fig. 9c) in (a) etched condition and (b) the IPF colour map. Arrow
indicates the fatigue crack propagation direction. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)

Fig. 11. The fatigue crack path of the parallel specimen in Fig. 9b. The cross section (along the line in Fig. 9b) in (a) etched condition and (b) the IPF colour map. The subsurface
initiation site is believed to be approximately 0.5 mm from the specimen surface to the right. Arrow indicates the fatigue crack propagation direction. (For interpretation of
the references to colour in this figure legend, the reader is referred to the web version of this article.)
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fatigue life. As expected, also this study indicates that small pores
are less detrimental to the fatigue properties than large pores, but
no correlation to the location on the fracture surface could be
observed.

3.3.3. Fatigue crack initiation at the surface or subsurface
In Fig. 2 specimens with fracture surfaces free from defects are

denoted ‘‘initiation at surface”, since ratchet lines and striations
indicate that the initiation site is at the surface or the subsurface
of the specimens. For parallel specimens the fracture surface char-
acteristics were found to be different for different strain ranges. At
higher strain range the fracture surfaces were rougher with a coar-
ser serrated crack profile compared to the fracture surfaces of the
specimens tested at lower strain range, see Fig. 9a and b, respec-
tively. This could be explained by the higher stress intensity at
the crack tip and larger plastic zones rendered for higher strain
ranges. However, such difference in relation to the strain range
could not be observed for the perpendicular specimens, see typical
appearance of perpendicular fracture surface in Fig. 9c, which
could be related with the orientation of the columnar beta grain
within the specimen. During fatigue crack propagation in the per-
pendicular specimen the crack path generally crosses several more
prior beta grains than in the parallel specimen, see Fig. 3a and b.
Thus there is an increasing probability for the crack being arrested
because of change in crystal orientation, leading to a more serrated
crack path, preferably at lower strain ranges. Moreover, at low
strain ranges for the parallel specimens, a ghost structure of elon-
gated features resembling the columnar prior beta grains were
observed on the fracture surface, see ‘‘stripes” covering the fracture
surface, parallel to the line in Fig. 9b.

3.4. Fatigue crack profile

Evaluation of the fatigue crack profiles of the parallel and per-
pendicular specimens were carried out along the lines crossing
the initiation site in Fig. 9b and c. The evaluation indicated crack
propagation following the alpha–beta interface and also across
the alpha laths. The results are shown in low magnification in
Fig. 3a and b, and at higher magnification in Figs. 10a and 11a for
the perpendicular and the parallel specimens, respectively. The
microstructure next to the initiation site in the perpendicular spec-
imen indicates that the crack first propagated along the alpha laths
and then deflected 90� cutting the laths, see right in Fig. 10a. In the
parallel specimen on the other hand the microstructural features
indicate that the subsurface initiation site was in the vicinity of
the prior beta grain boundary (Fig. 11a). The subsurface initiation
site is measured to be approximately 0.5 mm from the specimen

surface (see Fig. 9b) and according to the crack profiles the prior
beta grain boundary is present on each side of the initiation site.
The prior beta grain boundary present along the crack path is
marked with dashed lines in Fig. 12 and at lower magnification
in Fig. 3b.

EBSD orientation (IPF) colour maps of the two fatigue crack pro-
files were acquired and the inverse pole figure for the perpendicu-
lar and the parallel specimens are shown in Figs. 10b and 11b,
respectively. The alpha colonies are distinguished in the IPF colour
maps as the different coloured areas, each colour representing one
alpha colony. An increased irregularity of the crack path was
observed as the orientation of the alpha colonies along the crack
path altered between ½01 �10� (blue) and ½�12 �10� (green), see crack
profile in Fig. 11b. Furthermore the size of the alpha colonies was
found to vary significantly between the two specimens, i.e. the
alpha colony size in Fig. 10b is larger than in Fig. 11b. Additionally
it can be seen that the alpha colony size vary within the parallel
specimen, for instance the alpha colony size is larger in the middle
compared to the left in Fig. 11b. Thus, LMwD:ed Ti–6Al–4V
microstructure and texture vary within the built walls and also
within individual prior beta grains.

4. Conclusions

In the present study the low cycle fatigue properties of LMwD
Ti–6Al–4V have been evaluated and the following conclusions
can be made:

� At low strain ranges the low cycle fatigue life is anisotropic
within the LMwD:ed walls. The specimens oriented parallel to
the building direction exhibit higher fatigue life than the spec-
imens in the perpendicular orientation. At higher strain ranges
the anisotropic behaviour diminishes.

� Among the defects, the LoF defects are found most detrimental
to low cycle fatigue life. The impact of LoF defects is dependent
on the orientation and prevalence in the wall and thus the load-
ing condition during testing. In the present study, the perpen-
dicular specimens were found to be more affected by LoF
defects than the parallel specimens.

� The influence of defects on fatigue strength increased with
decreasing strain range.

� The fatigue crack propagation was observed to follow the
alpha–beta interface, but also to cut across the alpha laths.

� For parallel specimens at low strain ranges without defects, the
preferable initiation site is at the prior beta grain boundaries
decorated with grain boundary alpha.

Fig. 12. Fatigue crack profile of the parallel specimen with prior beta grains in the vicinity of the fracture surface indicating propagation along the prior beta grain boundary
(marked with arrows in area A and B).
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Abstract 
By additive manufacturing (AM) there is a feasibility of producing near net shape components in 
basically one step from 3D CAD drawing to final product. The interest for AM is high and during the 
past decade a lot of research has been carried out in order to understand the influence from process 
parameters on the microstructure and furthermore on the mechanical properties. In the present study 
laser metal wire deposition of Ti-6Al-4V has been studied in detail with regard to its fatigue crack 
propagation characteristics. Two specimen orientations, parallel and perpendicular to the deposition 
direction, have been evaluated at room temperature and at 250°C. No difference in the fatigue crack 
growth rate was observed for the two specimen orientations. However, in the fractographic study it 
was observed that the tortuosity varied between certain regions on the fracture surface. The local crack 
path characteristic could be related to the alpha colony size and/or the crystallographic orientation. 
Moreover, large areas exhibiting similar crystallographic orientation were observed along the prior 
beta grain boundaries, which are attributed to the wide alpha colonies frequently observed along the 
prior beta grain boundaries.  
 
 
1. Introduction  
Additive manufacturing (AM) has gained a large interest since it has the potential to produce 
customised near net shaped products and lower the material cost compared to conventional 
manufacturing methods. There are many AM processes available today using different heat 
sources and feedstock material, but common for all processes is that the wanted shape is built 
layer-by-layer according to a predefined building sequence that is related to the CAD model 
of the component. More specific for titanium alloys within the aerospace industry, the AM 
processes could reduce the buy-to-fly ratio significantly, which today could exceed 80% for 
conventional methods [1, 2]. However, in order to implement AM to the aerospace industry, 
the understanding of the relationship between the process parameters, the microstructure, and 
the mechanical properties is crucial, and still there is a lot of research and development 
needed so that the wanted quality of the component can be repeatedly achieved and 
guaranteed.  
 
The focus of the present study is on laser metal wire deposition (LMwD) of Ti-6Al-4V. In 
LMwD a laser heat source melts a metal wire into the wanted shape and it is in general an 
attractive AM process for larger structures in which a higher deposition rate is advantageous 
[3, 4]. As for many other AM processes, the LMwD:ed Ti-6Al-4V exhibits anisotropic 
mechanical properties that vary depending on the specimen orientation within the built 
material [5, 6]. In previous work, the tensile [6, 10] and the low cycle fatigue [9] properties 
have been evaluated with respect to two specimen orientations. This anisotropy could be 
related to several parameters such as grain boundary alpha [7, 8] and prevalence of defects 
[9]. Moreover, the building process renders large columnar prior beta grains because of a 
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preferential dendritic growth during solidification in the beta phase, thus from a macroscopic 
perspective the prior beta grains could also be related to the anisotropic properties [10].  
 
Concerning the high cycle fatigue behaviour of LMwD Ti-6Al-4V, a tendency of difference 
in fatigue limit has been observed for different specimen orientations [4, 11]. To date, no 
study on the fatigue crack growth on LMwD:ed Ti-6Al-4V is available in the literature. So 
far, only AM processes with powder used as feedstock material have been evaluated [12-17]. 
The main objective of the current work has been to characterise the crack profiles of fatigue 
crack growth fractured specimens, thereby, increasing the understanding of the crack 
propagation behaviour and the impact of microstructural features and crystallographic 
orientation on the crack path characteristics.  
 
2. Materials and Methods 
 
The material characterised in the current study was manufactured using laser metal wire 
deposition (LMwD). In the LMwD process a robotised fibre laser cell melts a metal wire layer 
by layer forming the wanted shape, which in this case was so called “walls”. The composition 
of the Ti-6Al-4V wire was in accordance to the aerospace material specification AMS 4954 
and the wire diameter was 1.14 mm. The power of the laser during manufacturing was in 
between 2-3 kW and the manufacturing was carried out in a sealed atmosphere containing less 
than 20 ppm oxygen. The walls were five beads thick (approximate 22 mm) and had varying 
dimensions, from 110x37x22 mm to 110x106x22 mm, depending on number of specimens 
and specimen orientation. The walls were post weld heat treated and annealed at 704° for two 
hours and cooled in the furnace to below 538°C.  
 
Fatigue crack growth testing was performed using the surface flawed Kb specimen geometry 
[18]. Cylindrical blanks with a diameter of 14 mm were machined from the walls with the 
longitudinal axis in the deposition direction (x, denoted “parallel”) or in the wall height 
direction (z, denoted “perpendicular”). See schematic representation of the specimen 
orientation in the walls in Figure 1, left. The blanks were inertia welded to larger cylinders of 
forged Ti-6Al-4V at both ends to allow machining of the button-head grips. The final gauge 
section had a rectangular cross-section (WxT, where W is the specimen width and T is the 
thickness) of 10.2x4.3 mm2, and a gauge length of 32 mm (Figure 1, right). The orientations 
of the y and z directions were tracked during the machining operations, ensuring that the wide 
face of the gauge sections lay in the x-z plane. A notch was created in the middle of the gauge 
section, centred on the wide face, using EDM machining. 
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Figure 1. Schematic illustration showing the laser metal wire deposition process of a wall 
and the specimen orientation (left). The dimensions of the fatigue crack growth specimen and 
its cross section of the gauge section (right). 
 
An initial semi-circular fatigue crack, approximately 0.7 mm in depth (except for specimen 2 
where the pre-crack was 1.2 mm deep), was created from the notch by cyclic loading at a 
stress ratio R=σmin/ σmax =0 and a frequency f=10 Hz. Thereafter, fatigue growth testing was 
performed at room temperature (RT) and 250 °C according to applicable parts of ASTM 
E647-08 and ASTM E740-03, under linear elastic fracture mechanics conditions. A triangular 
waveform was used, with f=0.5 Hz and R=0 and maximum stress of 500 MPa for RT tests and 
325 MPa for 250 °C, in order to maintain a constant ratio of maximum stress to yield stress at 
the test temperature. The crack length was monitored using direct current potential drop (PD), 
with PD probes attached across the crack and reference probes at the back face of the 
specimen, away from the cracked cross-section. The PD signal was normalized by the 
reference signal and translated to crack length, a, based on a linear relationship between crack 
size and PD, which was experimentally verified prior to testing. The corresponding fatigue 
crack growth rate per cycle, da/dN, were calculated according to the secant method in ASTM 
E647, and the stress intensity factor range, ΔK, was calculated at the deepest point of the 
crack according to ASTM E740 assuming a semi-circular shape of the crack. The tests were 
stopped at crack lengths around 2.5 mm, and the specimens were subsequently fractured in 
tension at room temperature. Out of the tested specimens, three specimens were characterised 
in detail as described below; two parallel specimens tested at room temperature and 250°C, 
respectively and one perpendicular specimen tested at 250°C. The fracture surface of the 
perpendicular specimen at room temperature was damaged and thus not included in the 
detailed characterisation.  
 
Microstructural characterisation was carried out on cross sections parallel to the fracture 
surface, about 8 mm away from the fracture surface. The fracture surface was carefully 
protected during cutting. The cross sections were ground and polished by conventional 
methods for titanium alloys and etched with Kroll’s solution (100 ml H2O, 2 ml HNO3, and 1 
ml HF) to reveal the microstructure. The microstructural characterisation was performed in 
light optical microscope (Nikon eclipse MA200), several images at 500 times magnification 
were stitched together using the software of the microscope (NIS Elements BR) enabling 
large area imaging at suitable magnification for microstructural characterisation. The prior 
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beta grain boundaries were thereafter manually highlighted using software for image editing 
(Adobe Photoshop CC 2015).  
 
Fractographic analysis was performed on one half of the fractured specimen in the SEM 
(JEOL IT300LV and JEOL JSM 6064LV). Before fractographic analysis the fracture surfaces 
were cleaned in acetone in an ultra-sonic cleaner for 10 minutes. The fracture surface was 
characterised and documented and thereafter the locations of the crack profiles were decided. 
The specimens were carefully ground to the wanted position of the crack profile and 
thereafter polished by conventional methods for titanium alloys to a mirror-like surface for 
electron backscatter (EBSD) characterisation. The location of the crack profile was traced and 
confirmed in a stereomicroscope during preparation. Also the length of the pre-crack was 
measured in the stereomicroscope. The EBSD data was collected using an Oxford 
NordlysMax3 system and the data was processed using the HKL Channel 5 software. An 
acceleration voltage of 20 kV was used during data acquisition and a step size of 1µm was 
used to characterise the orientation along the crack profile (at 150x magnification) and a step 
size of 0.5 µm was used when certain areas were analysed in detail at 400-800x 
magnification. The EBSD result is presented using inverse pole figure mapping that is 
coloured relative the normal direction of the fracture surface, i.e. in the loading direction of 
the specimen. Wild spikes were removed and a noise reduction of sex neighbours was applied 
to all maps. Moreover Schmid factor distribution maps were obtained from the EBSD data for 
the four primary slip systems of titanium, see Figure 2. Local misorientation maps were 
created by calculating the average misorientation with respect to neighbouring pixels, the 
maximum allowable misorientation was set to 5°.   

 
Figure 2. The primary slip systems of alpha titanium. 
 
4. Results and discussion 
 
4.1 Fatigue crack growth 
Figure 3 a) shows the development of the crack length with number of cycles. The higher 
rates observed at room temperature are caused by the higher maximum load. In order to 
account for the differences in load level and starter crack size when comparing the behaviour 
between temperatures and orientations, Figure 3 b) shows the crack growth rate versus the 
stress intensity factor range. The resulting crack growth rate curves are close to linear on a 
log-log scale, indicating that the crack follows the expected power law behaviour (Paris’ law). 
At room temperature there is an observable difference between the two orientations, with the 
perpendicular specimen being approximately a factor 3 faster than the parallel. However, this 
difference is within the level of scatter that can be expected from testing of coarse grained 
material, and thus no firm conclusions can be drawn due to the low number of specimens 
tested here. For 250 °C the crack growth rates for the two orientations are virtually identical. 



	 5	

Furthermore, there is no significant difference between the crack growth rates at different 
temperatures. 
 

 
Figure 3. Fatigue crack growth rate (left) and the crack length versus the number of cycles 
(right) for LMwD:ed Ti-6Al-4V parallel and perpendicular to deposition direction at room 
temperature and at 250°C.  
 
4.2 Microstructural characterisation 
The microstructure of the as-deposited material consists of large columnar prior beta grains 
growing through several deposited layers. Thus, the alignment of the prior beta grains will be 
varying with specimen orientation within the deposited wall. In Figure 4 cross sections 
parallel to the fracture surface are shown for three characterised specimens, with the notch 
located at the top edge of the cross section. For the two parallel test specimens it is clearly 
seen that the orientation of prior beta grains is similar, i.e. elongated and somewhat tilted 
along the cross section. In contrast and as expected, the cross sections of each individual prior 
beta grain are shown when characterising the cross section of the perpendicular specimen, see 
Figure 4, right. Noteworthy is the large variation in size of the prior beta grains, from 
approximate 100 µm to 2000µm in thickness (see Figure 4 specimen 1 and 2). This size 
variation is also seen on the perpendicular cross section (Figure 4 specimen 3).  
 

 
Figure 4. Micrographs of cross-sections in FCG specimen 1, 2, and 3 parallel to the fracture 
surface showing the orientation of columnar prior beta grains. White dashed lines highlight 
the prior beta grain boundaries. 
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At higher magnification, within the prior beta grains, the microstructure consists of fine alpha 
laths separated by retained beta. In Figure 5 the typical appearance of the different alpha 
structures is shown; the alpha laths are either observed as alpha colonies in which bundles of 
laths in the same orientation forms a colony, or as basketweave alpha structure when there is 
arbitrary orientation of the alpha laths. Moreover, grain boundary alpha (GB alpha) is 
observed along the prior beta grain boundary (PB). In addition, areas with wide colony alpha 
are frequently observed next to the prior beta grain boundary.  
 

 
Figure 5. The microstructure within the prior beta grains consists of fine alpha laths forming 
alpha colonies and basketweave alpha microstructure. The prior beta grain boundary (PB) 
is decorated with grain boundary alpha (GB alpha) and closest to the grain boundary some 
areas of wide colony alpha are frequently observed.  
 
4.3 Fractography 
In Figure 6 the fatigue crack propagation areas of the three evaluated specimens are shown. 
Common for all specimens is that certain regions of the fracture surface indicated a more 
serrated crack path. For instance, the left side of specimen 1 is rather flat compared to the 
right side; similarly the right side of specimen 2 is more flat than the left side. Moreover, 
features indicating the orientation of the columnar prior beta grains is observed on specimen 1 
and 2, see features parallel to the arrows on the fracture surfaces. Also less distinct features 
were observed, for instance as shown by the hollow arrows in Figure 7 a), which is the flat 
area to the right of specimen 2 at higher magnification. Since the features and the indicated 
orientation of the columnar prior beta agree well with the microstructural characterisation 
presented in Figure 4, the features are believed to be a reflection of the prior beta grains. Also 
on the fracture surface of specimen 3, features indicating the location of prior beta grains were 
observed. The most pronounced area is seen next to the notch, indicated by an ellipse. Here a 
large plateau is seen with a similar size as the prior beta grains shown in Figure 4.  
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Figure 6. The fracture surfaces of specimen 1, 2, and 3. The positions of the characterised 
crack profiles (CP) are indicated in the fracture surface as well as the length of the pre-crack 
(black dotted lines). The arrows to the left in the fracture surfaces of specimen 1 and 2 
indicate the orientation of the columnar prior beta grains determined after the fractographic 
study. The dashed squares on the fracture surface of specimen 1 and 2 indicates the location 
of Figure 7 b) and a) respectively. 
 

  
Figure 7. Features on the fracture surfaces indicating the orientation of the prior beta 
grains, here indicated by hollow arrows in a). The different crack path appearance in areas I 
and II could be attributed to different slip characteristics in specific prior beta grains. The 
solid white arrows indicate the crack growth direction. The locations of a) and b) is indicated 
by dashed squares in Figure 6 in specimen 2 and 1, respectively. 
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Furthermore the crack path appearance vary for certain regions on the fracture surface, for 
instance the crack path through region I is different to that of region II in Figure 7 b). From 
the crack path perspective, region I is smoother than II, which exhibits more staircase-like 
features along the crack path. The different appearance could be attributed to different slip 
characteristics in the different regions, which in this case as well as for the features on the 
fracture surface discussed above may be connected to the orientation of the prior beta grains 
since the features agree well with the orientation presented in Figure 4. Concerning the 
influence of test temperature, a smoother fracture surface is observed for the specimen tested 
at room temperature compared with the specimen of the same orientation tested at 250°C, i.e. 
compare specimen 1 with specimen 2. However, because of the limited number of specimens 
evaluated in the present study no further conclusions can be made regarding influence of test 
temperature. The pre-crack was generated at room temperature for all specimens, but in 
general no difference is observed between the pre-crack area and the area of the succeeding 
crack growth at 250°C. Finally, in the fractographic study, more secondary cracks are 
observed for the perpendicular specimen compared to the two parallel specimens, regardless 
of temperature. 
 
4.4 Crack profile characterisation 
To further verify the orientation of the columnar prior beta grains, crack profiles along the 
prior beta grain orientations were evaluated in detail. In Figure 8 inverse pole figure (IPF) 
maps of crack profile 1 (CP1) of specimen 1 and 2 in Figure 6 are shown, together with the 
IPF colour scheme used for the orientation maps in the present study. The prior beta grain 
boundary is marked PB in the crack profile and based on the IPF maps, the orientation of the 
columnar prior beta grains is verified and agrees well with the highlighted orientation in 
Figure 4. Interesting to note is that large areas exhibiting similar crystallographic orientation 
can be observed along the prior beta grain boundary, which is attributed to the wide columnar 
alpha present along the grain boundary, as seen in Figure 5.  
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Figure 8. Inverse pole figure maps of the crack profiles CP1 in specimen 1 (250 °C) and 2 
(RT), aligned with the assumed orientation of the columnar prior beta grains based on the 
findings of the microstructural and fractographic characterisation. The length of the pre-
crack is indicated by dotted lines at the crack profile. Crack direction is indicated with black 
arrows.  
 
When comparing the two crack profiles it can be further observed that the crack profile of 
specimen 1 is more serrated than that of specimen 2. Also the alpha colony size, which is 
represented by the different colours in the IPF maps, is different for the two crack profiles, 
specimen 2 exhibiting a finer alpha colony size than specimen 1. It is well known that the 
alpha colony size is one of the most important microstructural features having impact on the 
mechanical properties, since its size corresponds to the effective slip length [19], which in this 
case could explain the more serrated appearance of specimen 1. In Figure 9 the Schmid 
factors for the primary slip systems, are mapped for the two crack profiles, with the loading 
direction in the vertical direction. A high Schmid factor corresponds to a high resolved shear 
stress, and thus a high probability of slip activity in that slip system. It can be seen that the 
pyramidal slip system has high intensity along the crack path for both specimens. For 
specimen 2 the intensity is also high for the c+a slip system in certain areas, whilst for 
specimen 1 both the c+a and the basal slip system show high intensity along the crack profile. 
The prismatic slip system shows low Schmid factor intensity for specimen 1 and 2. 
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Figure 9. The Schmid factor intensity maps for crack profile 1 of specimen 1 and 2. The black 
arrow indicates the crack direction.  
 
In Figure 10, at higher magnification of specimen 2 in the squared areas A and B in Figure 8, 
it can be seen that a smooth crack path is maintained even if the crystal orientation changes 
along the crack path. This could be explained by the very high Schmid factor intensities 
available for the specific crystal orientations. For instance, it is clearly seen that for the 
[0001] orientation (red area), when the load is applied parallel to the c axis of the hcp crystal 
structure, the intensity of the c+a slip system is very high, as expected when deforming 
titanium alloys [20]. 
 

 
Figure 10. Inverse pole figure maps and the Schmid factor intensity map of the area A (left) 
and area B (right) of crack profile 1 of specimen 2. The black arrows indicate the crack 
direction. 
 
Based on the observations it can thus be noted that the combination of fine alpha colony size 
and crystallographic orientation of specimen 2 are conditions promoting a less serrated crack 
path and that the crack propagation will continue easily and undisturbed until the conditions 
change (such as crystallographic orientation and alpha colony size). In other words, this 
shows that the crack propagation characteristics vary between individual prior beta grains and 
moreover it can be assumed that the size and orientation of the prior beta grain will influence 
the crack growth characteristics on a local scale. However, the influence of individual prior 
beta grains on the crack front is not as prominent. During fatigue crack propagation the crack 
front will strive to remain continuous, which prevents large differences in crack growth rate 
along the crack front as well as arbitrary crack directions in individual prior beta grains. The 
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characterisation of the crack path in the current study is limited to the selected cross sections, 
in which the crack growth is also affected by the local geometric conditions imposed by the 
adjacent segments of the crack front. The measured crack growth rate, on the other hand, is 
the average over the entire crack front, and it is therefore difficult to correlate the local 
observations of the crack to the crack growth rates in Figure 3. 
 
Specimen 1 and 2 were further evaluated by characterising the crack profiles CP2A and 
CP2B, see Figure 6. Again, the orientation of the prior beta grains is confirmed by the crack 
profiles for both specimens. Additionally for specimen 1, interesting features along the crack 
path are observed, see Figure 11. According to the IPF colour scheme (in Figure 8), it can be 
noted that the crack growth direction changes dramatically as the crystal orientation changes 
to 1210  (green area) in crack profile CP2A. The 1210 -oriented area appears to be a very 
unfavourable crystallographic orientation for crack propagation, as the crack deflects almost 
90 ° from the crack path. Interesting to note is that the Schmid factor for basal slip in the 
1210 -orientation is close to zero, whereas it is close to maximum in the region just prior to 

the crack deflection, where the crack propagated perpendicular to the applied load. The 
Schmid factors for the other systems show the opposite behaviour (low in the adjacent region 
and high in the region that is circumvented by the crack). The fact that the presence of a 
region where basal slip is hindered poses such an effective obstacle, although slip on all other 
systems is rather favourable, could indicate that slip on the basal planes is an important part of 
the crack propagation mechanism. Moreover, a large crack and a lack of fusion (LoF) defect 
were observed in crack profile CP2A and CP2B, respectively; see squares just below the 
surfaces in Figure 11. LoF defects could be detrimental to the mechanical properties [9, 21-
24] and stems from the manufacturing process itself and is related to incomplete melting. The 
formation and characteristics of LoF defects are discussed in detail elsewhere [9]. How the 
large crack and the LoF defect affect the crack profile will be discussed in later sections. 
 

 
Figure 11. Inverse pole figure maps of crack profile CP2A and CP2B of specimen 1, located 
as shown in Figure 6. Schmid factor intensity map of crack profile CP2A (right). The black 
arrows indicate the crack direction.   
 
The crack profile of the perpendicular specimen, specimen 3, was also evaluated. Because of 
the orientation of the prior beta grains, the crack grows through several of them, see Figure 
12, where the prior beta grain boundaries are indicated by PB in the IPF map. Even though 
the crack profile deviates close to some of the prior beta grain boundaries, the crack profile 
seems to be correlated both to the variation in crystallographic orientation and to the actual 
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boundaries of the prior beta grains. The crystal orientation of the alpha phase is dependent on 
the crystal orientation of the prior beta phase. The initial alpha laths nucleate at the grain 
boundary according to the Burgers orientation relationship [25]. However, there are local 
variations of the crystal orientation within the prior beta grains influencing the crack profile as 
well. In Figure 12 the Schmid factor intensity maps for the crack profile are shown, which 
clearly indicate that there is no slip system exhibiting high intensity along the whole crack 
path available. This is connected to the numerous amounts of prior beta grains along the crack 
profile and their individual orientations.  
 
 
  

 

 
Figure 12. Inverse pole figure map of the crack profile CP1 of specimen 3 passing through 
several prior beta grains, prior beta grain boundaries (PB), and the Schmid factor intensity 
maps for the crack profile. The length of the pre-crack is indicated by a dotted line and the 
black arrows indicate the crack direction. 
 
In Figure 13, selected areas in Figure 8 and 12, for the specimens 1 and 3 are shown, 
respectively. One common observation for the specimens is that the 0110  orientation (see 
blue areas) or close to 0110  is at the surface of the crack profiles. Together with the 
observation in Figure 11, showing that the crack deviate around the area exhibiting the 
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orientation close to 0110 , a tendency for the 0110  orientation to influence the crack path 
characteristics is observed in the present study.  
 

  

 
Figure 13. Inverse pole figure maps showing a) the area A and b) the area B along crack 
profile CP1 of specimen 1 and c) the highlighted area of the crack profile of specimen 3. The 
black arrows indicate the crack growth direction. 
 
Along crack profile CP2B of specimen 1 a large lack of fusion (LoF) defect is observed, 
(marked with a square in Figure 11). In Figure 14 the IPF map and the local misorientation 
map around the LoF defect are shown. In the IPF map it is clearly seen that the LoF defect 
“cuts off” the continuous formation of microstructure during the LMwD process. Small areas 
of various crystallographic orientations are found around the LoF defect, which refers to the 
solidification just before the preferable orientated dendrites outgrow the less preferable 
orientated dendrites. Furthermore in the local misorientation map, large zones of plastic 
deformation closest to the free surface of the defect are evident, representing the 
inhomogeneous stress distribution generated by the LoF defect because of its asymmetrical 
shape.  
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Figure 14. Inverse pole figure map and a local misorientation map of the lack of fusion 
defect present in crack profile CP2B of specimen 1.   
 
In the neighbouring crack profile CP2A of specimen 1, a large crack is shown (Figure 15). 
The location of the crack corresponds to the same region as for the LoF defect in crack profile 
CP2B, i.e. crack profile CP2A was ground approximately 100 µm, parallel to the location of 
crack profile CP2B. Because of the location of the crack and its relatively small distance to 
the LoF defect (∼100 µm), the crack is most likely connected to the LoF defect. It is further 
hypothesised that this crack is initiated by the LoF defect, which in that case indicates the 
detrimental influence from the LoF defects. Interesting to note is that the crack is almost 
parallel to the basal planes (see green area). According to the Schmid factor intensity it can 
moreover be seen that the basal slip system shows high intensity at least for part of the crack. 
In the local misorientation maps there are areas indicating more deformation, i.e. slip activity. 
For instance, in the region where there is a small change in the crystallographic orientation, 
(see solid white arrow in the middle), this may indicate change in the slip characteristics as 
the orientation changes. In addition it is also seen that slip is occurring in areas quite far away 
from the crack, indicated by the white arrows to the left. In the Schmid factor intensity maps 
it can further be observed that these areas correspond to a very high intensity of the pyramidal 
slip system.  
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Figure 15. The large crack present in crack profile CP2A of specimen 1. Inverse pole figure 
map (top left), local misorientaion map (top right), and Schmid factor intensity maps 
(bottom). 
 
Conclusions  
 

• No significant difference in the fatigue crack growth rate was observed for the two 
specimen orientations and for the two temperatures. 

• The fractography reveals a difference in tortuosity within the crack propagation areas 
for all specimens and could in some cases be related to the prior beta grains. This 
difference in tortuosity was more pronounced for the parallel specimens.  

• Large areas exhibiting similar crystallographic orientation were observed along the 
prior beta grain boundary, which is attributed to the wide alpha colonies frequently 
observed along the prior beta grain boundaries.  

• Large areas of plastic deformation are observed in regions around a LoF defect, which 
indicate the inhomogeneous stress distribution occurring around these asymmetrical 
defects. 
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Abstract 
The Finite Element Method (FEM) is used to solve temperature field and 
microstructure evolution during GTAW wire feed additive manufacturing process. 
The microstructure of titanium alloy Ti-6Al-4V is computed based on the 
temperature evolution in a point-wise logic. The methodology concerning the 
microstructural modeling is presented. A model to predict the thickness of the α lath 
morphology is also implemented. The results from simulations are presented together 
with qualitative and quantitative microstructure analysis. 

 

Key words: Additive manufacturing, Titanium, Ti-6Al-4V, modeling, metal 
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1.   Introduction 

Gas Tungsten Arc Welding (GTAW) wire feed additive manufacturing (AM) process 
is deposition of metal using a tungsten arc energy source. It belongs to the group of 
Direct Energy Deposit (DED) methods in AM. A solid metal wire is fed through a 
conventional wire feeder and deposited layer-by-layer onto a substrate using a 
standard GTAW energy source. The energy source is used to electrically heat and 
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melt the metal wire and base material. The addition of multiple layers produces a 
fully dense near-net-shape part. GTAW wire feed additive manufacturing has a high 
deposition rate [1]. Flexibility and cost saving in manufacturing are a large driving 
force in the development of such techniques [2]. 

The titanium alloy Ti-6Al-4V is extensively used in aerospace applications because 
of its good combination of mechanical properties. It is a well appreciated metal in the 
aerospace industry thanks to its good strength to weight ratio [3]. Its good weldability 
makes it suitable for AM processes. However, the microstructure and consequently 
the mechanical properties are highly dependent on the temperature history of the built 
material. Ti-6Al-4V is a two-phase material consisting of an hcp-α phase and bcc-β 
phase. It is a heat-treatable titanium alloy, which exhibits a variety of microstructures 
dependent on the conditions experienced during cooling transformation from the 
high-temperature β phase to the low-temperature α phase of the alloy, and for the 
reverse transformation upon reheating. Complete understanding of resulting material 
properties and mechanical behavior are prerequisites for successful qualification of 
parts for aerospace applications. 

Process simulations provide information about how to manufacture components in 
order to achieve the required properties, and also to support the development and 
understanding of the manufacturing process itself. Finite Element (FE) simulation, 
which is a conventional method used in modeling of welding processes, particularly 
for larger components, are applied at macro scale. In the present work, the FE 
modeling is used to predict the thermal field and that in turn determines the 
microstructure evolution. A number of different strategies exist for how to include 
detailed and explicit modeling at a microscopic scale in a macroscopic simulation. 
One such strategy is to use sub-meshes located at the nodes of the FE model [4] or 
dual-mesh method by placing microstructure domains at nodes of a macroscopic FE 
calculation [5, 6]. However, the calculations become very cumbersome if a large 
component is to be simulated. Therefore, for industrial needs it is more pragmatic to 
use a density type of model, also called internal state variable approach by Grong and 
Shercliff [7]. A density type approach is here used in order to be able to model the 
microstructure at a larger scale. Moreover, it facilitates the future combination of the 
microstructure model with a mechanical model to compute material properties. 

2.  Process description and microstructure characterization 

2.1. Experimental setup 

The Ti-6Al-4V metal is wire feed deposited on a 3.25 mm thick plate using a 
tungsten arc weld heat source. Four weld sequences of 10 layers height are 
continuously added on the plate as presented in Figure 1. Each layer is approximately 
0.7 mm in height. Continuously here means that no waiting time between each 
deposited layer has been used except that for the welding torch movement to move to 



 3 

the new starting position. In order to avoid oxidation and alpha case formation during 
the building process, the oxygen level is kept below 10 ppm within the building 
chamber. This is achieved by having an over-pressurized argon gas flowing through 
the chamber. The weld passes are numbered 1 to 4, corresponding to respective 
starting point as shown in Figure 1 (left). The building sequence is such that walls 1 
through 4 are deposited layer by layer, one wall at a time. Totally 10 layers are 
deposited for each wall. 

 

  
Figure 1. Left: Schematic sketch of starting positions for the building of each wall as well as their 
respective sequence order. Right: The real built feature consisting of the 4 different walls of 10 
layers height. The arrows indicate the point of view for microstructural characterization of each 
cross section. 

 

2.2. Microstructure characterization 

In order to validate the predicted results from the microstructure model, the 
microstructure of selected cross sections were characterized. The location of each 
cross section was selected so that different widths of the built material could be 
evaluated. In total three cross sections were metallographically evaluated, 
corresponding to widths of 1, 2 and 3 weld beads, respectively. The cross sections 
were cut at the locations shown in Figure 1 (right). Thereafter, each sample was 
mounted, ground and polished using conventional methods for titanium alloys, and 
finally etched with Kroll’s reagent (1 ml HF, 2ml HNO3 and 100ml distilled H2O) to 
reveal the microstructure. 

The microstructural characterization was carried out in a light optical microscope 
(NIKON eclipse MA200) equipped with image analysis software (NIS Elements 
Basic Research). First large area mapping was carried out to capture overview images 
of the cross sections. Thereafter the microstructural characterization was planned in 
detail and the areas to be analyzed were decided. In each area ten images at 1000 
times magnification were captured and in each image the α lath thickness was 
measured at 25 randomly selected sites. I.e. per area in total 250 α lath measurements 
were carried out. In addition, the fraction of grain boundary α was assessed for the 
single weld bead cross section. The measurement of the grain boundary α was carried 
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out manually. At first, large area mapping (approximate 110 images) of the selected 
region at 500 times magnification was carried out at the highest resolution 
(2560x1920). Thereafter, the grain boundary α was carefully marked and colored red 
by using an image editing software (Adobe Photoshop CC 2015) and digital zoom. 
The fraction of grain boundary α was subsequently calculated by comparing total 
number of pixels to the number of red pixels in the images. 

3.  Process modeling 
The similarities between the here considered additive manufacturing process with 
multipass welding permit applying welding simulation techniques. Computational 
Welding Mechanics (CWM) establishes methods and models that are applicable for 
control of welding processes to obtain optimal mechanical performance. The book by 
Lindgren [8] describes different modeling options and strategies. 

3.1. Thermal model 

For the thermal model, the weld pool details are replaced by a heat input model. The 
modeling is thus considerably simplified but still being able to create a model fit for 
its purpose. The implementation logic is thoroughly described in [9]. Some 
noteworthy clarifications to the process model are shortly mentioned below. 

The heat input model is the commonly used double ellipsoid with Gaussian 
distribution proposed by Goldak et al. [10]. An adaptive rescaling of the heat input 
through the efficiency factor is, when needed, used to control the variation of the heat 
input function due to the rather coarse mesh used for the discretization of the model. 
The heat input model has been calibrated on a simplified model of a 10-layer single 
wall. The parameters values are found in [9]. 

The number of nodes and elements in this model are approximately 19 000 and 13 
000 respectively. The element type is 8-noded fully integrated hexahedral elements. 
The FE-software used in this work, MSC.Marc and its pre- and post-processor 
Mentat, has a number of interfaces for user-defined subroutines. The heat input is 
defined via user subroutines. The microstructural model that will be described in 
subsequent chapter is also defined via these user subroutines. 

3.2. Microstructure model 

Phase evolution is computed during heating, cooling, and repeated re-heating and 
cooling. During heating up, when temperature exceeds about 700°C, α phase starts to 
transform to β phase [11]. Normally during AM as well as welding, the heating rates 
are too fast for equilibrium to exists, which means that Xβ<Xβ-eq, even at 
temperatures exceeding the so-called β-transus of the alloy. Above the β-transus 
temperature at equilibrium only β phase exist. During cooling, existing β phase 
transforms through diffusion into α phases. For slow-to moderate cooling rates the 
initial α phase normally nucleates at the prior β grain boundaries, and continues to 
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grow along these grain boundaries before starting to grow into the prior β grain, in a 
lamellar morphology. This lamellar type of microstructure is here called 
Widmanstätten microstructure. For very high cooling rates, non-diffusional 
transformation of β to α phase takes place and this type of α phase is therefore 
defined as martensitic α, i.e. martensitic microstructure. Solid-solid phase changes, 
on heating as well as on cooling, are mostly characterized by transformation 
mechanisms of nucleation and growth processes. The β phase decomposition to α 
Widmanstätten and α at prior β grain boundaries, as well as the β formation during 
heat up are all diffusion-controlled processes [12]. On the opposite, α martensite 
formation from β phase is a diffusionless transformation. 

Solid-solid phase change model 
The diffusional phase transformations of β to α and α to β are evaluated using a 
modified Johnson-Mehl-Avrami theory. The equation is strictly valid only under 
isothermal transformation, therefore the additivity principle has been adopted and 
discretization into a series of smaller isothermal steps is used during temperature 
variations. The rule of additivity [11] is commonly used to calculate non-isothermal 
transformation from isothermal transformation data using simple rate laws. It should 
be noticed that the additivity rule should be applied only under certain conditions at 
which the reaction is additive [7, 11, 12]. Grong and Shercliff [7] compared the 
additivity approach to numerical solutions when modeling microstructure state 
variables with the focus on applications in heat treatments and welding. Although 
discrepancies are observed, the approximation is evaluated to be sufficient for many 
problems and particularly when the constant data is estimated against experimental 
data for microstructure. The generalization steps of the Johnson-Mehl-Avrami 
equation used in this work are thoroughly detailed in Murgau et al. [13]. The 
incomplete transformations toward equilibrium at the current temperature are 
circumvented by normalizing the equations. The interaction between simultaneous 
transformations is handled by assuming that the current fraction of the resultant phase 
is taken relative to the total content of the transforming phase. 

The diffusionless martensite formation has been chosen to be modeled using the 
classical Koistinen-Marburger equation for which a direct incremental formulation of 
the equation, shown to be simpler and equally well accurate [14], is chosen. The 
altogether model’s equations and their discretization are found detailed in Murgau et 
al. [13]. 

Morphology parameter: alpha lath thickness 
The morphology size parameter associated with Widmanstätten α phase, i.e. the α 
lath thickness parameter, has been modeled by a simplified energy model approach 
[15]. The α phase formation temperature is here, as a first approximation, considered 
dominant in determining the α lath thickness. The empirical Arrhenius equation is 
used to express the temperature dependence of the α lath thickness. A first 



 6 

approximation for kinetics parameters have been used in [15], the proposed values 
seemed out of the expected parameters’ dimensions. Irwin et al. [16] updated the 
values for the parameters after additional optimization supported by a new set of 
experimental results of their own. The new suggested values, Arrhenius prefactor 
k=1.42µm and activation temperature R=294K, appear having fair dimensions and 
are thus used in this work. The equation and its explicit form used in the model can 
be found in Charles and Järvstråt [15]. 

Implementation strategy 

The development of the microstructure model is based on the finite element method 
and is supported by the feature of the software MSC.Marc. The microstructure is 
homogeneously described by state variables associated at each of the integration 
points of the finite element mesh. This approach means that Representative Volume 
Elements (RVE), see Figure 2, are considered at each integration point of the 
elements. The calculated value corresponds to an average behavior over this domain. 
For example, the phase fraction in an integration point then corresponds to the 
fraction of the phase in the RVE connected to this integration point. 
 

 
Figure 2. Schematic illustration of density type of model. 

 

Four state variables are used in the model to represent the fraction of microstructure 
constituent phases. One more state variable is used for the α lath thickness parameter. 
The state variable denominations can be seen in Table 1. The α phase can form a 
number of different types of microstructures, but for the modeling purpose the choice 
to approximate the diffusionally formed α into twofold different microstructure is 
made, namely i) grain boundary α (αgb), and ii) Widmanstätten (αw) microstructure. 
The grain boundary α (αgb) is the α phase that is formed in the prior β grain 
boundaries. The Widmanstätten (αw) structure represents the α phase that forms 

Node
Integration point

Representative 
volume element

Mesh system

One element
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inside the prior β grains (thus is here considered to include both colony type and 
basket weave microstructures). The α martensite (αm) structure and the β phase are 
also represented. 

Table 1. Microstructure parameters and morphology description used in this work. 

Phase constituents Type State Variable Size parameters 

α 
Diffusional α 

Grain boundary Xαgb  

Intergranular, 
Basket-weave, 
Colony 

Xαw 
Lath thickness, 

tα-lath 

Non diffusional α Martensite Xαm  

β  Xβ  

 
The interactions between the constituents are schematically presented in the upper 
right square of Figure 3. In this work, four different diffusional transformations and 
one non-diffusional transformation are implemented. The transformation processes 
and microstructure constituents’ interactions that are implemented in the model are 
shown in the table of Figure 3. The detailed overall model logic can be found in 
Murgau et al. [13]. 
 

 
Figure 3. Transformation process and constituents’ interactions. 

3.3. Adaptive sub-stepping 
To optimize the solution routine and reducing computational time, an adaptive sub-
stepping for calculating microstructure model has been adopted. To improve 
accuracy, a refined time stepping is used when the temperature is in the fastest phase 

Diffusional transformations(→):
- Transformation of β to αgb
- Transformation of β to αw
- Recovery of αm to αw+ β
- Back-transformation of α(w+gb) to β

Instantaneous (⇒):
- Transformation of β to αm

β <	β(eq) β >	β(eq)

α >	αm(eq)
β⇒αm
αw+αgb→β

β⇒αm
β→αgb
β→αw

α <	αm(eq)
αm→αw+	β
αw+αgb→β

αm→αw+	β
β→αgb
β→αw

(eq: equilibrium)

β

αmαgb

αw

→

→
Transformations

→

→

→
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transformations region. When necessary each thermal step is thus divided into several 
smaller thermal sub-steps assuming a linear temperature variation inside the original 
thermal step. 

4.  Results and discussion 

4.1. Microstructure analysis 

The microstructural analysis was performed on the areas highlighted in Figure 4 and 
denoted A, B, C, D, and E. In general the microstructure of the GTAW wire fed built 
Ti-6Al-4V consist of large columnar prior β grains that grow in the temperature 
gradient direction, through several layers. The directions of the columnar prior β 
grains can be seen in Figure 4. The prior β grains, seen as large areas of different 
color and/or contrast in Figure 4, are more and more deflected towards the sides of 
the cross section because of the temperature gradient. Within the prior β grain, fine α 
laths are observed in the form of either basketweave α structure (see Figure 5a) or 
colony α structure (see Figure 5b). However, only small regions of colony α are 
observed for the GTAW wire fed Ti-6Al-4V, the main part of the α laths is in the 
form of basketweave α structure. The prior β grain boundaries are decorated by grain 
boundary α as shown in Figure 5c. Noteworthy is that the thickness and prevalence of 
grain boundary α varied in different cross sections. In some regions the grain 
boundary α is continuous like in Figure 5c, whilst absent or discontinuous in other 
grain boundaries. 

The result of the quantitative microstructural characterization is summarized in Table 
2. In general only a small difference is observed when comparing the different areas. 
The variation is within the range of the standard deviation. One tendency however is 
that slightly thicker α laths form with increasing thickness of deposited material 
(number of beads). This could be explained by the increased number of heating 
cycles due to the additional beads that allow the diffusional growth of the α laths to 
continue for a longer time. In contrast to the α lath thickness, a large variation of the 
grain boundary α fraction is observed. The fraction of grain boundary α depends on 
the location of the prior β grains and furthermore of the prior β grain size. As seen in 
Figure 4, the width of the prior β grains vary significantly within the cross sections, 
making the fraction estimation highly sensitive to the location of the evaluated area. 
Moreover, because of its limited thickness, the grain boundary α is difficult to 
discern, which may have been the case for some limited regions of the areas 
investigated in the present study. For future work it is therefore recommended to 
carry out the validation of the grain boundary α on a deposited material with slower 
cooling rate, for which a thicker grain boundary α is expected that is more well 
defined and thus easier to measure. 
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Figure 4. The characterized cross sections indicated in Figure 1. The different areas denoted A, B, 
C, D and E, correspond to the location of the measurements presented in Table 2.  

 

 

  

 
Figure 5. The microstructure of the GTAW wire fed built Ti-6Al-4V consist fine α laths in 
the form of (a) basketweave α or (b) colony α structure. The prior β grain boundary is 
decorated with grain boundary α (c). 
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Table 2. The result of the quantitative material characterization of the three cross sections 
containing 1 bead, 2 beads and 3 beads width, respectively. 
Cross section Area Average α lath thickness 

[µm] 
Grain boundary α 
phase fraction [%]  

 

 

A 1.1 ± 0.4 0.21 
B 1.0 ± 0.3 0.11 
C 0.9 ± 0.3 0.05 
All 1.0 ± 0.3  

2 beads A 1.1 ± 0.4  
B 1.0 ± 0.4  
C 1.0 ± 0.3  
D 1.0 ± 0.3  
E 1.0 ± 0.4  
All 1.0 ± 0.4  

3 beads A 1.0 ± 0.3  
B 1.1 ± 0.5  
C 1.3 ± 0.5  
D 0.9 ± 0.3  
E 1.0 ± 0.3  
All 1.1 ± 0.4  

 

4.2. Microstructure simulation 

The additive manufacturing process is characterized by cyclic temperature variations, 
leading to repetitive phase transformations and microstructure changes in the 
deposited material and substrate. Temperature history is thus the main factor when 
modeling the microstructure. Continuous microstructure modeling enables to follow 
the microstructural changes during processing. While microstructure analysis gives 
information about the results after the additive manufacturing process, the 
microstructure model, by following the entire deposition process, gives information 
about the microstructure changes undergone during the additive manufacturing 
process. The temperature history experienced at a selected point during additive 
manufacturing, see Figure 6a, is representative of a typical temperature profile 
experienced by the deposited material. The location of this point is in area B in the 
single weld bead sample in Figure 4. In Figure 6b and 6c the simulated phase 
transformations versus time and temperature respectively can be seen. As explained 
earlier, during cooling from elevated temperature the β phase transforms to a mixture 
of αgb and αwid (the phase fraction of each microconstituent depends on the cooling 
rate, i.e. faster cooling rate promotes more αwid than αgb, and vice versa); during the 
following heating up sequence the αgb and αwid transforms to β phase which cyclically 
transforms again to αgb and αwid over the temperature history. 
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a) 

 
b) 

 
c) 

 
Figure 6. Simulation results at a node positioned in 1 weld bead cross section positioned in the B 
area (Figure 4). a) Temperature variations vs time. b) Corresponding simulated αgb, αwid and β 
phase fractions vs time. c) Corresponding simulated αgb, αwid and β phase fractions vs temperature. 

 
 

Figure 7 and Figure 8 shows the simulated results of the α lath thickness. Despite the 
simplicity of the chosen model, the simulation results agree well with the 
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experimental measurements. The simulated thickness, evaluated to be approximately 
1.1µm, is in agreement with the 1 to 1.1µm obtained by microstructure analysis. It is 
also interesting to notice that the α lath thickness show a tendency to increase with 
increasing wall width, i.e. when built with more weld beads, are deposited. Similar 
trend was found in the experimental evaluation. 

 
Figure 7. Simulated α lath thickness (µm), cross sections 1, 2 and 3 weld beads wide walls. 

 

 
Figure 8. Simulated α lath thickness (µm) variation in the additive manufactured part. 

The model predicts 3% αgb, seen in Figure 9, and the experimental measurements 
indicate αgb fractions between 0.05-0.2%, seen in Table 2. Due to the small amount of 
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αgb phase and the large variation of the αgb amount that was observed experimentally, 
it is difficult to conclude on the model results. As already advised in the 
microstructure analysis section, a more accurate validation case could be achieved by 
using deposited material containing thicker grain boundary α which could be 
obtained in slower cooled deposited material. 

a) 

 
b) 

 
Figure 9. Simulated αgb amount after wire feed additive manufacturing. a) Complete view of the 
sample. b) Cross sections of the 3-weld beads (left) and 1-weld bead (right) wall sections. 
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An example of the results that can be obtained during the additive manufacturing 
process by using simulations is shown in Figure 10. The effect of the new deposited 
layer on the previously deposited layers is here presented. The simulated β phase 
fraction illustrates the ongoing phase transformations that are taking place while 
depositing the consecutive metal layers. The model as well as the microstructure 
characterization shows no martensitic areas in the microstructure for the current 
manufacturing parameters. 

a) 

 
b) 

 
Figure 10. Simulated β phase amount during wire feed additive manufacturing. a) Cross section of 
the 3-weld beads wall. b) Complete view of the sample. 
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The presented method for modeling of wire feed additive manufacturing has been 
implemented into subroutines that can be evoked from a commercial finite element 
software. Moreover, microstructure modeling increases the understanding of 
microstructure evolution for not only post building but also during the additive 
manufacturing process. The α lath thickness has been successfully predicted. The β 
phase transformation model (equivalent to the complementary total α phase 
transformation model) has been validated in a previous publication [13]. However the 
αgb phase transformation part of the model is still not validated. 

In addition, the microstructure model is an important tool that enables continued 
additive manufacturing process development to obtain improved material properties. 
Because physical and mechanical properties are dependent on the microstructure, it is 
interesting to consider the microstructure development also during the AM process. 
Then the model can be coupled with a flow stress model needed in a thermo-
mechanical analysis. The plastic properties will then depend on current temperature 
and microstructure. Work in progress aims at couple it with the dislocation density 
based plasticity model in [17]. 
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Influence of Hydrogen Environment on the Mechanical Properties of Cast and 
Electron Beam Melted Ti-6Al-4V 
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In order to save weight in a certain engine application the possibility of replacing the currently used material with cast Ti-6Al-4V is investigated here. The 
working environment for this particular engine part is pure hydrogen gas at high pressure. Therefore selected mechanical properties such as tensile and low 
cycle fatigue (LCF) in air and hydrogen atmosphere have been studied for cast Ti-6Al-4V. In addition to cast Ti-6Al-4V, the corresponding mechanical 
properties of a more recently developed additive manufacturing method, electron beam melting (EBM), is also investigated in hydrogen and compared with 
cast Ti-6Al-4V. Cast Ti-6Al-4V showed lower yield strength and lower ultimate tensile strength in hydrogen compared with air. However, no significant 
change in the ductility was observed. The LCF was significantly reduced in the hydrogen atmosphere, mostly at high strain range (≈ 2%). The EBM Ti-6Al-
4V in hydrogen showed higher yield strength, higher ultimate strength and higher ductility as well as improved fatigue life compared with cast Ti-6Al-4V 
under the same test conditions. Microstructural and fractographic characterization were also performed and the results are included.  
 
Keywords: hydrogen, titanium, tensile strength, ductility, fatigue, embrittlement, fractography 
 
1. Introduction 

Titanium alloys are known for their excellent strength to 
weight ratio and corrosion resistance in a wide range of 
environments1). However, it is well established that certain 
titanium alloys, including Ti-6Al-4V (Ti-64) are 
susceptible to hydrogen embrittlement at ambient 
conditions in high2) and low-pressure hydrogen3). The 
embrittlement observed in Ti-64 at low-pressure hydrogen 
has shown to be dependent on the microstructure.  

The aim of the present study was to explore selected 
mechanical properties of Ti-64 in hydrogen environment.  
 
2. Experimental Methods 
 
2.1 Materials investigated 

In the present study cast and electron beam melted 
(EBM) Ti-64 were investigated. Cast specimens were 
machined from commercially produced rings, which were 
hot isostatically pressed (HIP) at 899°C for 2 hours, 
followed by annealing at 843°C for 2 hours and then 
furnace cooling to below 538°C. EBM specimens were 
machined from bars manufactured using an ARCAM-A2 
equipment (Arcam AB, Sweden) followed by HIP at 954°C 
for 2 hours. 
  
2.2 Environment  

The test environments used were ambient air and pure 
hydrogen. For all hydrogen tests a pressurizing time of 
approximately 2 hours was necessary in order to reach the 
desired hydrogen pressure (150 bar) in the sealed test 
chamber. This means that the samples were exposed to 
hydrogen atmosphere under increasing pressure for up to 2 
hours before commencing the mechanical tests.  
 
2.3 Tensile testing 

Uniaxial tensile tests in hydrogen environment were 
performed according to ASTM E8 at ambient temperature. 
These tests were carried out on cylindrical specimens with 
a gauge length of 20 mm and a gauge diameter of 4 mm. 
The applied strain rate was 0.005 mm/mm/min. For 

comparison similar tests were also performed on cast and 
EBM Ti-64 in air.  
 
2.4 Low cycle fatigue testing 

Uniaxial LCF strain controlled tests in hydrogen 
environment were conducted according to ASTM E 606 at 
ambient temperature. The stress ratio was R=0 and the 
frequency was 0.5 Hz. The LCF specimens were 
manufactured with low stress grinding resulting in a 
surface roughness of 0.2 µm, with a gauge length of 16 mm 
and a gauge diameter of 6.3 mm. The strain ranges used 
were in between 0.5% to 2%. Similar LCF tests were also 
performed on cast Ti-64 in air. 

 
2.5 Microstructure and fractography 

Optical microscopy was used to examine the 
microstructure in cast and EBM specimens. Sample 
preparation was done using conventional metallographic 
techniques for titanium alloys, involving grinding, 
polishing, and etching using Kroll’s etchant.   

Scanning electron microscopy was used to investigate the 
fracture surfaces using JEOL JSM-6460LV operating with 
an accelerating voltage of 15kV.  

  
3. Results and Discussion 
 
3.1 Tensile properties 

The ultimate tensile strength (UTS) for cast Ti-64 was 
reduced by 4%, yield strength (YS) was reduced by around 
5% when tested in hydrogen. The ductility (i.e. reduction 
of area) was however not significantly reduced when tested 
in hydrogen. Similar observations for YS and ductility 
were also noticed for EBM material but UTS in EBM 
material was reduced by 11%, which is a larger decrease 
than for cast Ti-64. These results are shown in Figure 1. 

EBM material showed higher tensile properties (i.e. UTS 
and YS) both in air and hydrogen than cast Ti-64, whereas 
the ductility seemed to be the same (see Figure 1).  
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       Figure 1. Tensile properties (YS, UTS and ductility) of cast and EBM Ti-64 tested in air and hydrogen. 
 
3.2 LCF properties 

LCF properties for cast Ti-64 tested in air and hydrogen 
are represented using Δεt-Nf diagram (Figure 2), Δεt being 
the total strain range, and Nf the number of cycles to 
failure. It is observed that the LCF life is reduced for cast 
Ti-64 in hydrogen environment at strain ranges 1.0 - 2.0%. 
However, the LCF properties remained unaffected by 
hydrogen environment below 1.0% and therefore showed 
similar behavior both in hydrogen and in air.  

The EBM material showed significantly better LCF 
properties in hydrogen than cast material at all tested strain 
ranges (Figure 2). It should be noted however that only 
one test result at 2% strain exists for EBM material. 

 

 
 
 

Figure 2. LCF properties (Nf) of cast and EBM Ti-64 tested in hydrogen 
and cast Ti-64 tested in air. 
 
3.3 Microstructure and fractography 

The microstructural characterization showed that both 
cast and EBM Ti-64 exhibit a lamellar type of 
microstructure (Figure 3c,d). Cast Ti-64 is characterized 
by a coarse-grained structure due to the long time at high 
temperature associated with the casting process (Figure 
3a). Compared with the EBM material the microstructure 
in the cast Ti-64 consists of coarser prior β grains, thicker 
grain boundary α, higher aspect ratio of α laths and larger α 
colonies (Figure 3a,b). 

The mechanical properties of titanium alloys are strongly 
dependent on the microstructure1). Normally in engineering 
materials it is the grain size that is the most important 
microstructural parameter affecting the mechanical 
properties, such as the tensile and fatigue strengths. In Ti-
64 it is the α colony size, which is the most important 
microstructural feature, influencing the yield strength and 
LCF strength4).   

The reason why the yield strength of Ti-64 is mainly 
influenced by the α colony size is because the size of the α 
colony limits the effective slip length4). This explains the 
current results in which the yield strength of the cast Ti-64 
was found lower than the EBM Ti-64 material (Figure 1). 
In addition, EBM Ti-64 shows higher UTS than cast Ti-64 
(Figure 1) in both air and hydrogen environment. This is 
also due to the smaller prior β grains and α colony size 
(Figure 3d) in EBM Ti-64, which decreases the effective 
slip length.	 The reduction in prior β grain size, which 
decreases the α colony size, could provide resistance to 
hydrogen diffusion and thus hydrogen embrittlement. 

 

 
 
 

Figure 3. Microstructure of Ti-6Al-4V in different conditions; (a,c) cast, 
(b,d) EBM, (c-d) higher magnification images of (a) and (b) respectively. 
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The LCF life (Nf) of cast Ti-64 was significantly reduced 
at strains above 1.0% in hydrogen atmosphere when 
compared with air, but at lower strains this difference 
diminished. In order to understand the reasons for this 
several fracture surfaces were investigated (Figure 4). The 
fracture surface features appeared similar in both air and 
hydrogen i.e. faceted (Figure 4a,b). It was difficult to 
distinguish between crack initiation site, crack propagation 
zone and the border to the final fracture area, especially for 
cast Ti-64 material. This difficulty has been noted in earlier 
work by others5). In the current work it can however be 
seen that the scale of the fracture surface features are all 
related to the size of the prior β grains and α colonies. This 
yields for specimens tested in both air and hydrogen 
environment, compare Figure 3a with Figure 4a,b. 
 

 
 
 

Figure 4. SEM fractographs of LCF specimens tested at a total strain of 
2% (a,d) cast Ti-64 tested in air (b,e) cast Ti-64 tested in hydrogen and 
(c,f) EBM Ti-64 tested in hydrogen. (d-f) magnified images of the areas 
highlighted by boxes in (a-c). The arrows indicate the direction of fatigue 
crack propagation.  

 
A large effort was invested in trying to locate striations 

on the fracture surfaces because these could help in 
explaining the effect of hydrogen. However, striations were 
only found in a few cast samples tested in air (below 1.4% 
strain) and one EBM sample (hydrogen at 2% strain).  
Because of the limit of striations found in this investigation 
no correlation was possible between striations and 
environmental effect on fatigue properties. Figure 5 shows 
the representation of the striations found on fracture 
surfaces of cast and EBM Ti-64. 

In addition to the fracture surface investigations, crack 
path profiles of both cast and EBM Ti-64 specimens were 
examined. It is observed that the degrading effect of 
hydrogen atmosphere on the fatigue life was most severe 
for the specimens tested with the highest strain, therefore 

only crack path profiles of these specimens were 
investigated (Figure 6). In order to get the crack path 
profile along the crack propagation area each specimen was 
carefully sectioned and ground until reaching the crack 
initiation area which was located at the surface of all 
investigated samples (marked with boxes in Figures 4a-c). 

In cast Ti-64, the crack propagation in the LCF specimen 
tested in air seems to follow the interface between either 
two α colonies or the interface between an α colony and a 
prior β grain boundary (Figure 6a). The crack propagation 
in the cast Ti-64 specimen tested in hydrogen follows the 
interface between grain boundary α and α colonies (Figure 
6b). However, the crack propagation in EBM Ti-64 
material follows a much more serrated path as compared to 
cast Ti-64 (Figure 6c). The reason for this is the smaller α 
colony size in the EBM Ti-64 material. This explains the 
difference in fatigue life between the cast and EBM Ti-64 
tested in hydrogen (Figure 2).  

 

 
 
 

Figure 5. SEM fractographs showing the striations formed in (a) cast Ti-
64 in air and (b) EBM Ti-64 tested in hydrogen. The images are taken in 
the vicinity of the crack propagation area. The arrows indicate the 
direction of fatigue crack propagation. 
 

The crack path profiles of cast Ti-64 specimens tested in 
air and hydrogen appear similar, where the cracks seem to 
follow along the interface between α colonies and the 
interface between prior β grain boundaries and α colonies 
(Figure 6a,b). Thus, the effect of hydrogen environment 
does not seem to change the fatigue crack propagation path 
through the microstructure in the cast Ti-64 material. 
Consequently there must be some other phenomena that 
could explain the dramatic drop in LCF life occurring when 
tested with high strain in hydrogen environment, but not 
for low strains. 

Since hydrogen is known to diffuse easily within the β 
phase, a microstructure with long continuous β phase 
would lead to enhanced hydrogen diffusion into the 
material as compared with a microstructure where the 
existing β phase is less continuous3, 6, 7). In Ti-64, the 
amount of retained β phase existing in the material at 
equilibrium is only about 5-10% at RT8). The cast Ti-64 
material in the present study consists of a complete 
Widmanstätten type of microstructure with large α 
colonies, where each colony is built of parallel α lamellas. 
Most of the retained β phase that exist will be found lying 
between the α lamellas in these α colonies. If the α colony 
size decreases, so will the continuous β phase as well, and 
thus the rate of hydrogen diffusion through the β phase into 
the material will also decrease. In the present study this 
means that the diffusion of hydrogen into the EBM Ti-64 
material should be less than the diffusion into the cast Ti-
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64 material, because of the significant smaller α colonies in 
the microstructure of the EBM Ti-64 material. 

 

 
 
 

Figure 6. Crack path profiles along the crack propagation area of (a) cast 
Ti-64 tested in air (b) cast Ti-64 tested in hydrogen and (c) EBM Ti-64 
tested in hydrogen. The arrows indicate the direction of the fatigue crack. 

 
The observed LCF life dependence on strain range 

(Figure 2) could be explained by one of two common 
theories behind hydrogen embrittlement in titanium alloys. 
These two theories are hydrogen enhanced localized 
plasticity9) (HELP) and stress induced hydride formation10). 
The theory behind HELP explains that hydrogen atoms 
diffuse into the material and concentrate at the crack front 
leading to an increase in local stress at the crack tip. This 
enhances the local plastic deformation and crack 
propagation as a result of an externally applied load9-12). At 
high stress intensity the crack propagation rate is faster 
than the time necessary for hydrides to form at the crack 
front, therefore HELP here becomes the responsible crack 
propagation mechanism. However, below a certain 
threshold value of the stress intensity the time for hydride 
formation will be sufficient and the crack will then 
propagate through repeated formation and cleavage of 
these hydrides11). The formation and decomposition of 
stress induced hydride cracking is often claimed to be the 
main mechanism for hydrogen embrittlement in α+β 

titanium alloys3, 7). 
However, in the present study it has not yet been possible 

to prove which one of the two embrittlement mechanisms 
that dominate. 
 
4. Conclusions 

Based on the results found in the present study the 
following conclusions could be made: 
1) Both the yield strength and the ultimate tensile strength 
were decreased in hydrogen for both cast and EBM Ti-64.  
2) Tensile ductility (reduction of area) was not affected by 
the hydrogen environment. 
3) The EBM Ti-64 material showed higher tensile strength 
as well as LCF properties compared with cast Ti-64, both 
in hydrogen environment and in air. 
4) The LCF properties were significantly reduced for cast 
Ti-64 at high strains in hydrogen when compared with air. 
For low strains however, the LCF life in hydrogen 
environment was similar to air. 
5) The α colony size is the most important microstructural 
feature affecting tensile and fatigue properties in hydrogen 
atmosphere.  
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