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I 

Abstract 

Thin films are structures consisting of one or several nanoscale atomic layers of material that 

are used to either functionalize a surface or constitute components in more complex devices. 

Many properties of a film are closely related to its microstructure, which allows films to be 

tailored to meet specific technological requirements. Atom-by-atom film growth from the vapor 

phase involves a multitude of atomic processes that may not be easily studied experimentally 

in real-time because they occur in small length- (≤ Å) and timescales (≤ ns). Therefore, 

different types of computer simulation methods have been developed in order to test theoretical 

models of thin film growth and unravel what experiments cannot show. In order to compare 

simulated and experimental results, the simulations must be able to model events on 

experimental time-scales, i.e. on the order of microseconds to seconds. This is achievable with 

the kinetic Monte Carlo (kMC) method.  

In this work, the initial growth stages of metal deposition on weakly-interacting substrates is 

studied using both kMC simulations as well as experiments whereby growth was monitored 

using in situ probes. Such film/substrate material combinations are widely encountered in 

technological applications including low-emissivity window coatings to parts of 

microelectronics components. In the first part of this work, a kMC algorithm was developed to 

model the growth processes of island nucleation, growth and coalescence when these are 

functions of deposition parameters such as the vapor deposition rate and substrate temperature. 

The dynamic interplay between these growth processes was studied in terms of the scaling 

behavior of the film thickness at the elongation transition, for both continuous and pulsed 

deposition fluxes, and revealed in both cases two distinct growth regimes in which coalescence 

is either active or frozen out during deposition. These growth regimes were subsequently 

confirmed in growth experiments of Ag on SiO2, again for both pulsed and continuous 

deposition, by measuring the percolation thickness as well as the continuous film formation 

thickness. However, quantitative agreement with regards to scaling exponents in the two growth 

regimes was not found between simulations and experiments, and this prompted the 

development of a method to determine the elongation transition thickness experimentally. 

Using this method, the elongation transition of Ag on SiO2 was measured, with scaling 

exponents found in much better agreement with the simulation results. Further, these 

measurement data also allowed the calculation of surface properties such as the terrace diffusion 

barrier of Ag on SiO2 and the average island coalescence rate.  



II 

In the second part of this thesis, pioneering work is done to develop a fully atomistic, on-lattice 

model which describes the growth of Ag on weakly-interacting substrates. Simulations 

performed using this model revealed several key atomic-scale processes occurring at the 

film/substrate interface and on islands which govern island shape evolution, thereby 

contributing to a better understanding of how 3D island growth occurs at the atomic scale for a 

wide class of materials. The latter provides insights into the directed growth of metal 

nanostructures with controlled shapes on weakly-interacting substrates, including two-

dimensional crystals for use in catalytic and nano-electronic applications. 



PPopulärvetenskaplig sammanfattning 

Mycket finns kvar att lära om hur atomer ordnar sig för att skapa materialen vi ser omkring oss, 
och ibland är naturen inte villig att skapa de material vi behöver. Vad gäller tunna filmer av 
metall som beläggs på svagt interagerande substrat såsom glas, så tenderar metallen att dra ihop 
sig som het olja i pannan istället för att spridas jämnt över glaset. Sålunda kan en tunnfilm 
endast skapas genom att packa ihop så kallade 3D-öar, d.v.s. aggregat av metallatomer, på 
glasytan, vilket gör det svårt att styra t.o.m. den mest grundläggande egenskapen hos en 
tunnfilm, nämligen dess tjocklek. Arbetet i denna avhandling avser att förbättra vår förståelse i 
hur metallatomer dras samman för att bilda öar, vad som bestämmer formen på öarna och hur 
vi kan använda dessa kunskaper för att förbättra nuvarande teknik samt möjliggöra nya. 

Att studera processer på atomär skala kräver oundvikligen ett tvärvetenskapligt angreppssätt: 
teoretiska modeller utvecklas och testas i datorsimuleringar, som i sin tur valideras genom 
experimentella mätningar. I detta arbete, presenterar jag utvecklingen av en teoretisk modell 
som beskriver silver (Ag) tillväxt på svagt interagerande substrat. Detta börjar med en modell 
och efterföljande datorsimulering som använder halvrunda öar som grundläggande byggstenar 
för att skapa en tunn film. Resultat presenteras häri angående dynamiken mellan öarnas 
kärnbildning, tillväxt och sammansmältning i förhållande till filmmorfologin utvecklings. Då 
en grundläggande förståelse hade bildats, utfördes experiment för Ag tillväxt på SiO2 som 
validerar våra teoretiska upptäckter. Detta ledde sedan till utvecklingen av en andra 
simuleringsmodell i samma materialsystem, där enskilda atomer används som de minsta 
beståndsdelarna istället. Med denna modell kunde den diffussiva rörelsen hos atomer studeras 
i relation till utvecklingen av formen hos öarna. Tillsammans har de två modellerna från detta 
arbete förbättrat vår förståelse i hur man kontrollerar tillväxten av metallfilmer på svagt 
interagerande substrat samt belyst den atomistiska naturen hos tillväxt av 3D öar. 



 

III 
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1 Introduction 

1.1 Background 

Broadly, the contents of this dissertation pertain to thin films, which have come to play an 

important role in many modern technologies. The purpose of a thin film is often to functionalize 

the surface of some larger component by coating it with a thin layer of solid material, on the 

nano- to micrometer scale. They may be produced in a myriad of ways, but the current work 

focuses specifically on physical vapor deposition methods such as sputtering. In such methods, 

thin films are grown atom-by-atom by allowing a vapor of the film material to condense onto a 

substrate. Then, by means of surface diffusion, atoms agglomerate to form a continuous film 

that eventually covers the substrate completely. While the deposition process may be adjusted 

in a straightforward manner, e.g., by adjusting the deposition rate, atomistic growth on the 

substrate surface is dictated by the chemical environment felt by a deposited atom and the 

kinetics of atomic diffusion. In other words, we are not able to (in an efficient and global way) 

control exactly where each atom goes in the thin film, and must rely on coaxing them to go 

where we want by tuning parameters of the growth process. In order to know how to tune these 

parameters, the physics of atomistic structure formation must be understood. 

 

A large body of knowledge has already been generated regarding the growth of elemental 

crystalline materials such as metals or semiconductors, culminating in the field of epitaxy. This 

is owed to large degree to the invention of the scanning tunneling microscope (STM) and 

computer simulations, which combined provide a powerful analytical framework for studying 

atomic processes at surfaces. Clever design of experiments allowed researchers to follow the 

growth of a film at the atomic scale as it happened, which helped to design computer simulations 

that ultimately became predictive tools. However, STM is not readily applicable in all 

situations, e.g., it does not work well, if at all, with insulating substrates, which typically interact 

weakly with the deposited film atoms. This leaves a hole in the body of knowledge concerning 

a particular class of materials, namely metal films on weakly-interacting substrates; such 

substrates are typically insulators (the material class is then sometimes abbreviated MOIs, 

“Metals-On-Insulators”) or semiconductors. 
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1.2 Motivation 

Much of what we know about MOI growth is based on non-atomistic theories, such as the 

sintering of metal spheres and scaling relations between the film thickness and key 

morphological transitions. This is because metals tend to de-wet insulating substrates, i.e., the 

metal prefers to form small 3D islands* with as little contact between them and the substrate as 

possible, as predicted by the Young-Dupree relation. Such islands can reach sizes (up to a few 

µm) at which non-atomic theories actually become applicable. While these theories prove 

useful in describing MOI film growth at later stages, it cannot describe in atomistic detail what 

occurs in the very early stages of film formation, i.e., the nucleation, growth and coalescence 

of islands, which has been shown to predominantly set the microstructure of the resulting film. 

In many applications of MOIs, there is a need to reduce the thickness of current state-of-the-art 

films, in essence to make them grow in a 2D fashion, which is a potential possibility if an 

atomistic description of MOI growth is provided. Concurrently, metal films deposited onto 

emerging 2D materials such as graphene and MoS2 have also been shown to grow in the same 

fashion, highlighting the need to further the understanding of film growth on weakly-interacting 

substrates if these materials are to be functionalized for technological purposes.  

1.3 Research goal and strategy 

The goal of this work is to look for new ways to study the early stages of metal film growth on 

weakly-interacting substrates, using MOI as a test bed, and to provide new insights into atomic-

scale processes therein. This is done in part by measuring the film thickness at key growth 

transitions such as the elongation transition, the percolation transition and the continuous film 

formation transition and inferring details on the processes of island nucleation, growth and 

coalescence. At the same time, two kinetic Monte Carlo (kMC) simulation codes are also 

developed, which provide further insight into these process by testing different physical models 

against experimental results. Most of the knowledge generated in this work relies on simulation 

results from these codes, thus this work is predominantly a theoretical study which is supported 

by experimental evidence wherever possible. 

 

To generate experimental data, deposition of silver (Ag) vapor on amorphous silicon dioxide 

(SiO2) substrates is studied by in situ ellipsometry. This model material system is also relevant 

                                                 

* An island constitutes an aggregate of atoms supported on a surface. 
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in the context of low-emissivity window glazing. Pulsed deposition was specifically chosen for 

the unique nucleation characteristics it provides, which allow the effects of nucleation and 

coalescence on the resulting film thickness to be decoupled. During deposition, the evolution 

of the film thickness is continuously monitored by in situ ellipsometry; a non-intrusive 

measurement technique which measures the optical properties of the film and substrate. These 

properties are intimately connected to film structure, and allow for the determination of both 

the film thickness as well as onset of percolation and continuous film formation transitions. 

 

This dissertation begins with a review of the fundamentals of thin film growth in Chapter 2, 

with a focus on MOI growth theory. Most of this content has been covered in my Licentiate 

thesis and is simply recounted here. This is followed by a detailed description of the two kMC 

simulation codes in Chapter 3. Next, brief summaries of the various experimental techniques 

are given in Chapter 4, which is followed by a summary of the appended papers in Chapter 5. 

Finally, a brief outlook beyond this work is given in Chapter 6. 
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2 Thin film growth 

2.1 Surface diffusion 

Throughout all stages of thin film growth from the vapor phase, surface diffusion plays an active 

role in shaping the structures that will eventually comprise the film. At all temperatures above 

absolute zero, atoms vibrate randomly within their own potential well with a depth governed 

by their immediate chemical surroundings. The frequency, 𝜈0 [𝐻𝑧], of such vibrations is of the 

order of 1012 − 1013 Hz, and is often approximated by the Debye frequency for crystalline 

materials. Since all atoms in a crystal are vibrating simultaneously, the potential landscape 

around a well is constantly changing, and by chance a pathway may open between two adjacent 

wells, also known as adsorption sites. When this occurs, an atom has the chance to escape into 

the adjacent well, and when it does, a hopping diffusion event has occurred. Typically, the 

frequency of such diffusive motion is at least two orders of magnitude lower than the vibrational 

frequency of the atom, hence these are considered rare events at the atomic scale. The rate of a 

diffusive motion can be calculated as 

 𝐷 = 𝐷0 exp(−𝐸𝐴/𝑘𝐵𝑇) [𝑚2/𝑠], (1) 

where 𝐷0 [𝑚2/𝑠] is a prefactor containing 𝜈0, 𝐸𝐴 [𝑒𝑉] is an activation energy proportional to 

the average depth of the well, 𝑘𝐵 [𝑒𝑉/𝐾] is Boltzmann’s constant and 𝑇 [𝐾] is the temperature. 

This equation tells us that diffusion is attempted as frequently as the atom vibrates, is more 

likely to occur at higher temperatures, and can occur at most as frequent as the vibrations of the 

atom (𝐸𝐴 = 0 or 𝑇 → ∞, at which point the Einstein-Smoluchowski relation for Brownian 

motion takes over). The activation energy can in simple terms be described as the bond strength 

between an atom and its surroundings, i.e., the number of neighboring atoms to the diffusing 

atom (i.e., its coordination number), and the bond strength between these and the diffusing 

atom. However, the bond strength is not equal to all neighboring atoms, as it also depends on 

how these are in turn bonded to their neighbors. For instance, an atom on a surface is weaklier 

bonded to the atoms in the surface than to another atom on the surface. Thus, 𝐸𝐴 is strictly 

speaking unique for each particular environment that an atom may encounter. This is, however, 

not tractable when attempting to describe diffusion of a large number of atoms to form a film, 

and thus an average value of 𝐸𝐴 is often measured for a class of closely related environments, 

e.g., on the surface of a substrate or along the edge of a monatomic step. To complicate matters 

even further, atoms can also push a neighboring atom away to take its place in a process called 
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exchange diffusion, though such processes are generally more infrequent than hopping 

diffusion.* 

 

In the present work, Eq. 1 is used throughout all physical models to describe hopping diffusion, 

while exchange diffusion is not explicitly treated. 

2.2 Nucleation and island growth 

Thin film growth from the vapor phase begins with the nucleation of atomic islands on a surface, 

which subsequently grow and merge to cover the entire substrate, thereby creating a film. To 

give a qualitative picture of island nucleation, one must first describe the environment in which 

nucleation is to occur. To begin with, it will be easier to describe an epitaxial growth scenario, 

i.e., when atoms are deposited onto a single-crystalline surface that imposes a structure upon 

the film, as opposed to an amorphous surface. The main morphological features that atoms 

encounter on a crystal surface can be summarized as terraces, which are large atomically flat 

surfaces, steps which are the edges between two atomic layers, and kinks which are 

discontinuations in step edges where the edge makes an inward or outward corner. [1–4] 

Adatoms deposited onto a surface with these features will tend to attach at steps and even more 

so at kink sites. Thus, these provide nucleation centers where islands are likely to form. If there 

are point defects such as single atom vacancies or embedded interstitials on a terrace, these will 

have the same effect and “trap” adatoms for subsequent island nucleation. In the absence of all 

such features, i.e., on a pristine terrace, adatoms are left to randomly diffuse until they find each 

other, upon which they bind together to form a less mobile or immobile dimer, depending on 

the materials involved. When a third atom arrives, a trimer is formed, and so it goes, with each 

additional atom making the “s-mer” island less and less mobile.† As the island becomes larger, 

its own surface can be described in terms of steps, kinks and also terraces depending on how it 

grows, i.e., its growth mode.  

 

From early studies of crystal growth (1950’s to 1960’s), three different growth modes of islands 

were postulated based on thermodynamic considerations. The theory does not concern itself 

with the atomic structure of the islands, but aims to paint a broad picture of what conditions 

lead to either 2D or 3D island growth. It is based on comparing the balance between the surface 

                                                 
*
 An example of when exchange diffusion is more common is step descent on the Ag(111) surface. 

†
 However, there are always exceptions that prove a rule, see, e.g., references [69,70,164,165]. 
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free energies of the substrate (𝛾𝑆), the deposit ( 𝛾𝐷) and the interface between these (𝛾𝐼). [5] 

When 𝛾𝑆 ≥ 𝛾𝐷 + 𝛾𝐼, the deposit tends to “wet” the substrate, covering as much area with as 

little material as possible in order to maximize 𝛾𝐷 and 𝛾𝐼, leading to the Frank-van der Merwe 

or layer-by-layer (LBL) growth mode commonly found in homoepitaxy. The LBL condition 

may be satisfied in heteroepitaxial systems as well, but if there is a large difference between the 

lattice parameters of the substrate and the deposit (a large lattice mismatch), strain energy will 

begin to build up as the first few atomic layers wet the substrate. This strain energy contributes 

to 𝛾𝐼, and results in the formation of three-dimensional (3D) islands on top of the strained layers, 

as the reduced interface area minimizes 𝛾𝐼. However, if the condition 𝛾𝑆 < 𝛾𝐷 + 𝛾𝐼 is valid from 

the outset, then 3D islands form immediately on the substrate, leading to the Volmer-Weber 

growth mode.  

 

Metals deposited on weakly-interacting surfaces, which is the focus of this work, are often 

described to grow in a “Volmer-Weber-like” fashion since the surface free energy of a metal is 

typically higher than that of the substrate, but there may not be an epitaxial relation between 

the two. Indeed, weakly-interacting surfaces are also quite often amorphous (as in the case of 

SiO2, glass), i.e., there is no long-range periodicity in the surface structure, adsorption sites are 

randomly distributed and any corrugation of the surface does not necessarily occur in single 

atomic-layer increments. As such, a model of terraces, kinks and steps becomes irrelevant for 

describing the substrate surface, and in such cases, the surface is typically approximated as a 

pristine terrace with the average adatom diffusion rate assigned to/in all directions of motion. 

Nucleation then occurs at random locations wherever two adatoms meet, unless there are 

defects on the substrate surface which then act as preferential nucleation centers. X-ray 

diffraction experiments on completed films show that the grains which resulted from initial 

islands are crystalline, [6–9] thus it is believed that the islands themselves were also crystalline 

during at least the later stages of film growth. The bottom atomic layer of an island must then 

be continuously trying to fit the adsorption sites of the substrate as well as accommodating to 

the crystal structure of the rest of the island, with the success or failure of this determining the 

interface between the film and the substrate. From electron microscopy imaging of large islands 

(≥ 1µ𝑚), it is seen that these have the shape of hemispheres or hemispherical caps*, [10–12] 

though if they are crystalline, each island should have a surface covered by kinks, steps and 

terraces. As such, the morphological evolution of the island should also be determined by the 

                                                 
*
 A hemispherical cap is a hemisphere cut somewhere above the equator. 
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diffusion kinetics on its surface. At the scales of ≥ 1µ𝑚, the surface of an island can be 

approximated to a continuous curved surface with an average diffusion rate, but when the 

islands are small, it is arguable that the kinetics of surface diffusion in different atomic 

environments (across steps, along step edges, on terraces, etc.) play a more prominent role.  

 

Little is known about the initial island morphology (i.e., when they are newly nucleated and in 

the pre-coalescence growth stage) for MOIs, whether islands are at first amorphous and 

crystallize upon size increase or are crystalline from the outset, and how they grow both laterally 

and vertically at the atomic scale. Early theories from the 1970’s to 1980’s attempted to give 

an atomistic description of how such islands could be created, based again on thermodynamic 

arguments: an island nucleus initially grows laterally in a single layer, until it reaches a critical 

size when 𝛾𝐼 becomes critically large, whereupon atoms are forced to ascend onto the first layer 

in order to form the second. [13–15] This second layer then grows in a similar fashion, using 

the first layer as its substrate, and begins to force atoms on top of it upon reaching its critical 

size. Similar critical sizes then exist for higher layers as well, and the island as a whole 

effectively grows three-dimensionally in such a successive way. Realizing that atoms in the 

edge of each layer have lower coordination and should thus be more mobile, it was suggested 

that edge atoms ascending into higher layers were the main contributors to 3D island growth. 

Using such theories, an attempt was made to explain experimental results which showed that a 

high deposition rate could reduce the thickness of a film which exhibited 3D growth. [12] It 

was suggested that the rate of atoms arriving at the edges of each layer is directly proportional 

to the deposition rate, and that these arriving atoms tended to “lock in place” the edge atoms 

that would otherwise have ascended into higher layers. The process then repeats itself for the 

new atoms which have now become edge atoms themselves, leading to islands which grew 

faster in the lateral directions and thus flatter islands. 

 

Early on, there were detractors of this theory, arguing that thermodynamics cannot be applied 

at the atomic scale* and not for atom-by-atom deposition and growth†. With the advent of 

                                                 
* For instance, it is difficult to discern the notions of surface and volume for an island consisting of only a few 

atoms, especially if they are configured in a single layer. 
†
 Thermodynamic nucleation requires a concentration of a medium, say a sea of adatoms which can be viewed as 

a 2D gas, to reach supersaturation, whereby the equilibrium between the 2D gas and nuclei dictates the nucleation 

density. During atom-by-atom deposition, such a concentration is almost never established on the substrate surface, 

as adatoms are readily able to find each other or pre-existing islands by diffusion before a significant amount of 

additional material is deposited. Hence, growth by atomic vapor deposition is typically considered a far-from-

equilibrium process. 
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scanning tunneling microscopy (STM) in 1981, the possibility to test these ideas 

experimentally, at least for metal-on-metal epitaxy, with atomic-scale precision was made 

available. Research efforts where geared more towards the kinetics of thin film growth, and it 

was soon understood that the energetic barrier of step ascent was far too great for atoms to 

easily surmount at typical deposition temperatures (well below the melting temperature of the 

film material*). At the same time, an additional barrier to step descent, known as the Ehrlich-

Schwoebel (ES) barrier, was garnering more attention.† [16,17] A different theory of 3D island 

growth based on the ES barrier began to emerge, which relied on trapping adatoms on the 

topmost layer of islands in order to nucleate new layers. This required atoms to be deposited 

directly onto the tops of islands, where they may diffuse towards the edge of the layer but may 

not be able to descend due to the presence of the ES barrier. Instead, the adatoms rebound 

towards the center of the layer. The magnitude of this barrier has been measured for many 

metals, [18–26] and acts to increase the chance of two or more adatoms simultaneously existing 

on the topmost layer. As the lateral size of this layer will be much smaller as compared to the 

substrate, it is easy to understand how the two adatoms can find each other with high probability 

and nucleate a new layer in short order. Of course, depending on the strength of the ES barrier, 

adatoms still have a chance to descend at step edges, and the probability to find two adatoms 

on the topmost layer becomes a function of the residence time of an adatom on that layer and 

the deposition rate. The combination of these two quantities allows for the calculation of a 

critical (layer) size which is different than that from the earlier theory. [27–29] These island 

growth dynamics tend to produce island morphologies which resemble wedding cakes, i.e., a 

stepped surface with short terraces between steps, and are commonly known as mounds. 

 

Returning to the case of metal island growth on weakly-interacting substrates, a new and very 

clear picture of the nucleation and initial growth of islands based on diffusion kinetics can be 

described. This is illustrated in Figure 1, which is based off of the work in reference [10] where 

the growth of Ag on amorphous Si was studied by STM. Nucleation still occurs when two 

adatoms bump into each other on the substrate, but now as the nucleus grows, the critical layer 

size for atoms to ascend into the second layer based on 𝛾𝐼 is omitted. In this scenario, the only 

                                                 
*
 For nanometer-sized metal islands, there is no clear phase transition from solid to liquid as there are too few 

atoms involved. Typically at the relevant temperatures, before the entire island melts, surface diffusion becomes 

so rapid so as to give the impression that the surface of the island is liquefied first. It is under such conditions that 

step ascent and other high-barrier atomic processes are encountered. Note however that at these length-scales, the 

melting temperature of an island is likely lower than that of the bulk metal. 
†
 Discovered in the 1960’s, it was not until much later that researchers realized the importance of the ES barrier. 
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way for an island to grow vertically is by trapping adatoms on top of it, and initially the surface 

area of the island is too small for efficient capture from the deposition vapor flux. As such, the 

island initially grows more laterally than vertically. Since step ascent is now considered a 

negligible diffusion process, growth in the vertical direction is doubly inhibited, and the island 

becomes kinetically limited from attaining its equilibrium shape (indicated by the dashed lines 

in Figure 1). According to this picture, it is this bias towards lateral growth that result in the 

production of hemispherical cap-shaped islands. 

 

However, there have also been reports in the literature which show very small islands consisting 

of only a few atoms measured to be more than single layer high. [30,31] Same as before, these 

islands are too small and to sparsely spread across the substrate for direct atom capture from 

the deposition flux, and thus their 3D structure cannot be explained by trapping atoms on their 

tops. Seemingly, they must require some form of step ascent, either by hopping or exchange 

diffusion. Past studies of island growth in the Cu/ZnO system have suggested a mechanism 

called assisted up-stepping, which entails a reduction of the step ascent barrier when adjacent 

layers are separated by only one atomic spacing. [31–33] It is explained that this is due to an 

attractive force from the upper step edge due to its proximity to the lower edge. Step-adatom 

attraction in general is a short-range effect (on the order of 1-2 atomic spacings) which has also 

been suggested to play a role in homoepitaxial systems such as Cu/Cu(111) or Ag/Ag(111) in 

the context of mound slope selection and uphill funneling*. [34–38] A similar mechanism for 

step ascent involving a concerted exchange process which “drags” atoms into higher layers has 

                                                 
* Uphill funneling entails preferential adatom attachment at ascending steps, and does not entail any type of 
interlayer transport. 

Figure 1. Illustration of the polycrystalline nucleation and growth mechanism described in [8], and 

loosely based on the figure therein. a) Atoms diffusing on the surface agglomerate into islands and 

contribute to their lateral growth. Very little vertical growth occurs as the islands are too small to catch 

a sufficient amount of atoms from the vapor, which leads to island shapes that deviate from their 

equilibrium shapes (dashed lines). b) In later stages, islands begin to catch atoms from the vapor but 

due to the initially stinted vertical growth are still not able to reach their equilibrium shapes fully. 

Island-island impingements also begin to occur as the islands grow closer to each other. 

a) b) 
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also been suggested whenever step edges are close to each other. [39,40] In general, the close 

proximity of two step edges has been suggested to offer accelerated interlayer mass transport 

pathways. [41–44]  

 

For some film/substrate combinations, tall islands closer to their equilibrium shapes are also 

found. [45–47] In such cases, this is explained as due to the formation of low-index side facets 

on the islands, facets that begin from the substrate level and end at the top of the island, which 

allows the lateral growth of three-dimensional islands to proceed by vertical layer-by-layer 

growth. This was shown for co-deposited aluminum-tin (Al-Sn) films grown on amorphous 

carbon (a-C), SiO2 and mica as well as epitaxially on sodium chloride (NaCl). On mica and 

NaCl, this effect was suggested based on the segregation of Sn to the top of Al-Sn islands, 

which indicated that new layers formed at the base of islands and grew upwards. In contrast, 

growth on a-C and SiO2 showed segregation of Sn towards the base of the islands, indicating 

instead that new layers formed from the top of the islands and grew downwards. These two 

mechanisms are schematically shown in Figure 2. In reference [47] where these growth modes 

are presented, it is clearly stated that these models are only valid for growth temperatures above 

30% of melting temperature of the film material(s). Thus, the formation of vertical side facets 

may be justified on the basis of facile surface energy minimization. This means that if the 

deposition rate is decreased, the propensity of faceting on islands in a general metal-on-weakly 

interacting substrate material system should increase. A somewhat related case of side facet 

formation and step ascent has also been discovered in the homoepitaxy of Al on Al(110) 

surfaces. [48,49] STM images of tall hut-shaped islands with atomically flat facets on their 

sides indicate that under special circumstances, step ascent can be a relevant diffusion process 

even for metal-on-metal homoepitaxy. In any case, it is as yet unclear how generally such 

processes play a role in the morphological evolution of metal islands on weakly-interacting 

substrates, but the mere fact that atoms do not bond very strongly to the substrate indicates that 

step ascent diffusion, in any form, is likely facilitated at the very least between the first two 

layers of an island. 

Figure 2. Illustration of the two growth mechanisms of polycrystalline islands as describe in [47]. 

Islands grow by forming new layers on its sides, either a) beginning from the bottom up or b) beginning 

from the top down. 

a) b) 
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Recent research into the growth of metals on 2D surfaces such as graphene and MoS2 have been 

shown to share some similarities to metals grown on bulk weakly-interacting substrates such as 

insulators. [50–53] The use of such substrates allows for direct imaging of the growth surface 

by STM, and have shown clearly faceted islands (e.g., Dy on graphene from reference [54]) 

which are multiple layers tall. The presence of the facets indicates that growth did not occur by 

limited step descent, which typically leads to the mound structure. Thus, these new and exciting 

material systems provide further grounds to develop the theory of 3D morphological evolution 

of metals on weakly-interacting substrates. 

2.3 Quantitative nucleation theory: Rate equations 

For thin film growth as an engineering endeavor, it is useful to have a quantifiable description 

of island nucleation and growth. This can be achieved by the mean-field rate theory, which sets 

up a set of differential equations describing the populations of adatoms (monomers), stable 

nuclei (typically dimers) and larger sized islands. The term “mean-field” indicates that the 

equations describe an average behavior across the entire substrate surface, and does not take 

into account the differences in local atomic environment around different islands. A nucleus is 

stable in the sense that it is assumed to be immobile and the nucleation irreversible, allowing 

the definition of a critical nucleus size 𝑖∗ which for stable dimers is equal to one (for trimers, 

𝑖∗ = 2 and so on). At such a small size, it is not possible to define surface and bulk energies; 

an atomistic nucleation theory is required. The critical nucleus size 𝑖∗ was derive by Walton, as 

a discrete analogy to 𝑟𝐶
* from thermodynamic nucleation theory. From this, a relation that 

calculates the density of nuclei with this size as a function of the adatom density 𝑁1 was derived, 

known as the Walton relation  [55,56] 

 𝑁𝑖∗ = 𝑐𝑖∗𝑁1
𝑖∗

exp(𝐸𝑖∗ 𝑘𝐵𝑇⁄ ), (2) 

where 𝑐𝑖∗ reflects the number of optimal configurations of a nucleus with the binding energy 

𝐸𝑖∗. Having now a way to describe islands of atomistic proportions, it became possible to re-

formulate a set of rate equations based on the Smoluchowski coagulation equation, [57] that 

accounts for the “mean field” kinetics of thin film nucleation in terms of the deposition rate 𝐹 

and substrate diffusivity 𝐷. This is called a “mean field” treatment because it takes into account 

the effect of weak long range interactions among objects in a system, which in this case mainly 

refers to the relation between adatom diffusion on the substrate and their interactions with each 

                                                 
*
  𝑟𝐶 , the critical radius of a particle above which it is considered a stable nuclei. 
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other as well as islands. [58] The general rate of change in the adatom density is given 

by  [13,59–65] 

 𝑑𝑁1 𝑑𝑡⁄ = 𝐹 − (𝑖∗ + 1)𝐷𝜎1𝑁1𝑁𝑖∗ − 𝐷𝑁1 ∑ 𝜎𝑠𝑁𝑠𝑠≥𝑖∗  

 −(𝑖∗ + 1)𝐹𝐴𝑖∗𝑁𝑖∗ − 𝐹 ∑ 𝐴𝑠𝑁𝑠𝑠≥𝑖∗ , (3) 

where 𝜎1 and 𝜎𝑠 are known as capture numbers that represent the probability of an adatom and 

island respectively to capture another adatom, 𝑁𝑠 is the density of islands of size 𝑠 [𝑎𝑡𝑜𝑚𝑠] and 

𝐴𝑠 is the effective capture area of such islands projected onto the substrate. 𝐴𝑖∗ represents the 

effective capture area of a cluster with the critical size. The second term on the right-hand-side 

of Eq. 3 represents the nucleation of stable nuclei, with associated loss of 𝑖∗ + 1 adatoms, the 

third term represent the attachment of adatoms to stable nuclei and the fourth and fifth terms 

represent the loss of adatoms due to nucleation and direct capture from the flux. For sake of 

brevity, terms representing replenishing of the adatom density due to detachment are not 

discussed here, but can be found in reference  [61]. The corresponding rate of change in the 

density of stable islands is given by 

 ∑ 𝑑𝑁𝑠 𝑑𝑡⁄𝑠≥𝑖∗ = 𝐷𝑁1(𝜎𝑠−1𝑁𝑠−1 − 𝜎𝑠𝑁𝑠) + 𝐹(𝐴𝑠−1𝑁𝑠−1 − 𝐴𝑠𝑁𝑠), (4) 

where the two terms in the first parenthesis represent the gain and loss of size 𝑠 islands due to 

diffusive capture and the two terms in the second parenthesis represent the same but for direct 

capture from the flux.  

 

A central prediction of the atomistic nucleation theory is the scaling behavior of the saturation 

island density 𝑁𝑠𝑎𝑡, occurring when the atom capture rate by islands exceeds the nucleation 

rate. To calculate this, simplified versions of Eq. 3 and Eq. 4 are often used, [56] 

 𝑑𝑁1 𝑑𝑡⁄ = 𝐹 − 2𝐷𝜎1𝑁1𝑁𝑖∗ − 𝐷𝜎𝑥𝑁𝑁1, (5) 

 𝑑𝑁 𝑑𝑡⁄ = 𝐷𝜎1𝑁1𝑁𝑖∗ , (6) 

where all stable islands are collectively represented by the density 𝑁, with an associated average 

capture number 𝜎𝑥, 𝑖∗ = 1 is assumed (i.e. dimers are considered stable) and direct capture from 

the flux is considered negligible due to the small scale of islands in the initial nucleation stages. 

Beginning from an empty surface, the adatom density increases roughly as 𝐹𝑡 (nucleation is 

negligible at this point, see Figure 3), in a transient growth stage. As nucleation begins to build 

the island density significantly, adatoms get captured at these islands and the adatom density 

reaches a maximum around 𝑡 = ~3.5 𝑠 in the figure. Due to the competition for adatoms 

between nucleation and island growth, the rate of nucleation begins to decrease as well for 

𝑡 > 3 𝑠. By setting Eq. 5 equal to zero under the assumption that nucleation is negligible (i.e., 
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at the end of the transient growth stage), an analytical solution to the adatom density can be 

found,  

 𝑁1 = 𝐹/𝐷𝜎𝑥𝑁. (7) 

Integrating Eq. 6 with Eq. 7 for 𝑁1 and Eq. 2 for 𝑁𝑖∗produces the expression 

 𝑁 = 𝜂(𝐹 𝐷⁄ )𝑖∗ (𝑖∗+2)⁄ exp(𝐸𝑖∗ 𝑘𝐵𝑇⁄ ), (8) 

where the prefactor 𝜂 = ((𝑖∗ + 2)𝜃𝑐𝑖∗𝜎1 𝜎𝑥
𝑖+1⁄ )

1 (𝑖∗+2)⁄
 and 𝜃 [𝑀𝐿]* is the coverage. Eq. 8 

calculates the value that the island density approaches as the nucleation rate eventually 

disappears, and can thus be used to represent the scaling behavior of the saturation island 

density: 𝑁𝑠𝑎𝑡 ∝ (𝐹 𝐷⁄ )1 3⁄  for 𝑖∗ = 1 and 𝐸𝑖∗ = 0. The linear dependence of the 𝜂-parameter 

on material coverage 𝜃 means Eq. 8 is strictly valid for two-dimensional growth, where surface 

coverage and material coverage are synonymous. In order to find the scaling behavior of 𝑁𝑠𝑎𝑡 

for three-dimensional islands 𝜂 must be related to the actual surface coverage 𝜙 through the 

substitution  

 𝜙~𝑁𝑆2/3~𝑁(𝜃/𝑁)2 3⁄ ~𝑁1/3𝜃2/3, (9) 

where 𝑆 = 𝜃/𝑁 is the average island size. [13,61] Using Eq. 8 in Eq. 9, one finds the scaling 

relation 

                                                 
* A monolayer (ML) is the number of single atomic layer per unit area. For 2D film growth, this is equivalent to 
the surface coverage, i.e. 1 ML implies full substrate coverage by the film. 

Figure 3. Log-log graph of the density of adatoms and islands from numerically integrated rate 

equations. Key values of the adatom and island densities based on rate equation analysis are indicated. 

The inset shows the same data in linear scale to give a sense of the difference between adatom and 

island density evolutions both in time and magnitude. 
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 𝑁 ∝ 𝜙3 (2𝑖∗+5)⁄ (𝐹 𝐷⁄ )2𝑖∗ (2𝑖∗+5)⁄  (10) 

For 𝑖∗ = 1, 𝑁𝑠𝑎𝑡 ∝ (𝐹 𝐷⁄ )2/7 is recovered.  

 

The prefactor 𝜂 is difficult to quantify as the capture numbers 𝜎1 and 𝜎𝑠 or 𝜎𝑥 are difficult to 

express analytically. These capture numbers have been studied in detail extensively by 

including the effects of island size and shape as well as the adatom diffusion profile on the 

substrate around islands, [29,66,67] though they will not be described here as this lies beyond 

the scope of this work. With regards to 𝜂, if the coverage at island density saturation is known, 

it can be read off of the graphs in Figure 6 of reference [13]. For instance, Brune et al. use 𝜂 =

0.25 for 2D film growth, with 𝑁𝑆𝑎𝑡 occurring at 0.12 ML and assuming 𝑖∗ = 1, to back-

calculate the surface diffusion barrier for Ag/Pt(111). [65,68] In this work, 𝜂 = 0.25 was 

typically used for simplicity, as the coverage at 𝑁𝑆𝑎𝑡 was not known for the growth experiments 

and thus a true value for 𝜂 could not be found. 

2.4 Island coalescence 

As the islands grow, they will start impinging on neighboring islands and begin to coalesce with 

one another. Depending on growth conditions and properties of the film material, island 

mobility may cause coalescence to occur also before they naturally impinge by growth, [69–

73] a process known as “Smoluchowski ripening”, to separate it from static coalescence. For 

very small islands (up to a few atoms in size), coalescence resembles a multi-atom nucleation 

event, occurring in essence instantaneously by rearrangement of all the atoms at once. For larger 

islands, the classical view of coalescence is based on surface migration of atoms driven by 

differences in curvature. Areas of great curvature in the neck that forms between two islands 

are preferentially filled out by atoms diffusing along step edges and descending from higher 

atomic layers (see Figure 4). Once the neck has been filled, surface energy minimization brings 

the newly formed island to its equilibrium shape by transferring atoms from the higher curvature 

extremes of the coalescing particle (left and right sides of the particle in Figure 4b)) to the 

comparatively low curvature neck area, again by surface diffusion. Throughout this process, 

material must be detached from kinks and steps in order for coalescence and shape equilibration 

to progress efficiently. [74–79] Thus, if the temperature is too low, coalescence will be hindered 

due to the lack of mobile atoms. In this sense, deposition as a source free adatoms is of utter 

importance to enable fast coalescence at temperatures far below the melting temperature of the 

islands. [2,12] For certain deposition methods, such as pulsed laser deposition, it is reported 
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that the energetic bombardment may also cause the creation of surface adatoms and thus 

promote efficient coalescence. [80,81] 

 

Coalescence by curvature-driven surface diffusion is often termed “liquid-like”, as early 

investigators observed the facetted surfaces of islands being rounded upon contact and merging 

very rapidly, in a process that resembled melting. [12,82,83] However, transmission electron 

microscopy (TEM) and diffraction (TED) experiments have consistently shown that the 

merging islands remain solid (crystalline) throughout the coalescence process, and thus are not 

actually being melted; [12,77,84,85] the turbulent and rapid mass transport on the surface only 

gives that impression.* Liquid-like coalescence has long been treated as the sintering of two 

spheres by surface diffusion in metallurgy. [86–90] During the initial neck-formation stage of 

coalescence between two equally-sized islands, the time-dependent ratio between the neck 

width 𝜒 and radius 𝑟 (see Figure 4b)) was given by Kuczynski as [88] 

 𝜒7 𝑟3⁄ = (56𝜎𝑎4 𝑘𝐵𝑇⁄ )𝐷𝑆𝑛𝑠𝑡 [𝑚4], (11) 

where 𝜎 [𝑒𝑉] is the specific surface energy, 𝑎 [𝑚] is the lattice spacing (𝑎3 the atomic volume), 

𝐷𝑆 [𝑚2/𝑠] is the film self-diffusivity, 𝑛𝑠 [𝑚−2] the concentration of atoms on the surface and 

𝑡 [𝑠] is the time. A similar function was later introduced to describe the time-dependence of a 

complete coalescence process, from the initial impingement to full shape relaxation, as [89] 

 𝑡𝑐𝑜𝑎𝑙 ≈ 𝑟4 𝐵⁄ [𝑠], (12) 

where the parameter 𝐵 is based on the work of Nichols and Mullins, who derived [87] 

 𝐵 = 𝐷𝑆𝛾Ω2𝜌𝐴 𝑘𝐵𝑇⁄  [𝑚4/𝑠]. (13) 

In Eq. 13, 𝛾 [𝑒𝑉/𝑚2] denotes the isotropic surface energy, Ω = 𝑎3 and 𝜌𝐴 [1/𝑚2] is the planar 

                                                 
* It is, however, not straightforward to pinpoint the size at which islands begin to coalesce in a “liquid-like” fashion, 

as the melting temperature is known to decrease for decreasing particle sizes. [78,166–169] 

a) b) 

Figure 4. Illustration of the coalescence process between two equally-sized islands. a) Atoms 

deposited on the islands descend at step edges, while b) on each atomic layer, atoms diffusing along 

the edges are captured in areas of high concave curvature (equivalently higher coordination). The net 

effect is a filling out of the neck region. Also, the parameters 𝑟 and 𝜒 used in Eq. 11 are indicated. 



2 Thin film growth - 2.4 Island coalescence 

17 

density of atoms. It can be seen that Eq. 11 and Eq. 12 are nearly identical (save for a factor 

56𝑛𝑠 in Eq. 11) for 𝜒 = 𝑟, i.e. when the neck has just fully formed.* 

 

As mentioned in Section 2.2, nanoscale islands growing on weakly-interacting substrates have 

a propensity to exhibit faceting. With regards to coalescence, this may be problematic as the 

coalescence rate described by Eqs. 12 and 13 become invalid, since there is no curvature to 

drive surface diffusion on flat facets. Theoretical studies have shown that even if atoms are 

easily detached from kinks and steps, the presence of facets in the neck area means additional 

layers must be nucleated on these in order for the coalescing particle to evolve towards full 

shape relaxation. [74,75] However, this type of slow coalescence is not typically observed in 

experiments of metal thin film growth on weakly-interacting substrates; the reason may be, 

again, the presence of a vapor flux (which was not included in the studies [74,75]) or adatom 

generation by energetic bombardment in cases when the latter is relevant. 

 

Several studies have also tried to incorporate the effects of island coalescence into the 

quantitative rate equation analysis from Section 2.3. Unfortunately, this was done separate from 

the works of Mullins and Kuczynski and thus do not include the coalescence rate parameter 

found by these authors. Instead, some authors attempted to add the Smoluchowski coagulation 

equation directly to the rate equations of stable nuclei, Eq. 4. [91] The Smoluchowski equation 

reads as follows, 

 ∑ 𝑑𝑁𝑠 𝑑𝑡⁄𝑠≥𝑖∗ =
1

2
∑ 𝐾𝑖𝑗𝑁𝑖𝑁𝑗𝑖+𝑗=𝑠 − 𝑁𝑠 ∑ 𝐾𝑠𝑗𝑁𝑗

∞
𝑗=1  (14) 

where 𝐾𝑖𝑗 is the impingement rate of two islands of size 𝑖 and size 𝑗 that can form an island of 

size 𝑠, and 𝐾𝑠𝑗 is the impingement rate of two islands of size 𝑠 and 𝑗 that will reduce the density 

of size 𝑠 islands. This is by far the most inclusive representation of coalescence in rate equation 

form, but the impingement rates 𝐾𝑖𝑗 and 𝐾𝑠𝑗 are difficult to describe analytically, and a simpler 

version of Eq. 14 has also been reported, [13,92,93]  

 ∑ 𝑑𝑁𝑠 𝑑𝑡⁄𝑠≥𝑖∗ = −𝐶𝑁𝑠 𝑑𝑍𝑠 𝑑𝑡⁄  (15) 

where 𝑍𝑠 = 𝑁𝑠𝐴𝑠 is the surface coverage and 𝐶 ≤ 2 is a constant that accounts for the effect of 

ordering among islands (𝐶 = 2 implies no ordering). In Eq. 15, the island impingement rate has 

simply been described as a function of their areal expansion rate. However, neither Eq. 14 nor 

Eq. 15 take into account the dynamic nature of the coalescence, i.e., Eq. 12, and assumes this 

                                                 
* The comparison is made easier by realizing 𝜌𝐴 = 1/𝑎2 for a simple cubic lattice and the product Ω2𝜌𝐴 = 𝑎4. 
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to occur instantaneously upon impingement. Owing to the limited accuracy and thus 

applicability of rate equation treatments of coalescence, such effects are rarely included when 

thin film nucleation is characterized quantitatively. Thus, rate equation theory is typically only 

used to describe pre-coalescence growth stages. 

 

Early studies of the morphological evolution of water droplets condensed on a window revealed 

a type of pattern formation driven by coalescence that can also be found in the nucleation and 

growth of metal thin films on weakly-interacting substrates. Larger droplets tended to 

cannibalize smaller ones close by, leaving a pattern in which the larger droplets became more 

and more well separated from each other while smaller islands occupied the spaces between 

them. As this process repeats over time, the relative distribution of island sizes is maintained 

for a sustained period, leading to a “self-similar” growth regime. Extensive works on the scaling 

behavior of the island size distribution (ISD) in this growth regime have been 

performed, [61,94–99] though their details will be too long to present here. With regards to this 

work, in particular in Paper III, it is enough to know that the ISD in this self-similar growth 

regime has a characteristic bimodal structure in which a tall, narrow peak is seen for small 

island sizes which is clearly separated from a shorter, broader peak for large island sizes. 

Specially for 3D island growth, coalescence also “denudes” areas of the substrate once covered 

by islands due to the way material is redistributed by the coalescence process. Islands which 

nucleate on these denuded areas belong to a “second generation” of islands and break the self-

similarity of the previous growth regime. In the condensation of water, successive generations 

of droplets will also form, though this rarely occurs for thin film growth, as eventually, the 𝑟4 

size dependence in Eq. 12 causes the total amount of coalescence completions per unit time 

(i.e., the coalescence completion rate) to decrease. When this rate approaches zero, the end of 

the nucleation and growth stage of film formation is reached, and the film surface morphology 

changes substantially. 

2.5 Morphological growth transitions 

The 𝑟4 dependence of the coalescence completion time means that the size of islands eventually 

becomes prohibitively large for surface diffusion to be an effective means of mass transport. 

Coalescence eventually ceases altogether, and the film surface morphology becomes dominated 

by elongated structures consisting of two or more impinging islands. This marks what has come 

to be known as the elongation transition, [102,103,113] and is subsequently followed by the 
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percolation transition, at which most islands are now interconnected and form a network 

spanning across the entire substrate. [95,100–107] For metals grown on insulating substrates, 

this transition is easily measurable, as the film begins to conduct electrically. When the holes 

in the percolation network are fully filled, the continuous film formation transition is reached. 

It should be noted that the prevalence of coalescence and the occurrence of the elongation 

transition is intimately tied to the self-surface diffusivity of the film material. Typically, for 

materials with high melting temperatures such as palladium (Pd), coalescence is not seen to 

occur at all at room temperature and the elongation transition is reached shortly after islands 

begin to impinge each other, i.e., shortly after island density saturation. [108–112] 

 

In order to model the occurrence of percolation in thin film growth, the notion of “interrupted” 

coalescence was proposed by Yu et al, where islands below a critical size would coalesce 

instantaneously upon impingement and cease to coalesce upon reaching the critical size. [100] 

This model was later improved by the same authors to include the coalescence dynamics of 

Eq. 12, in what they called the “kinetic freezing” model. [101] In this model, it is assumed that 

the lateral growth, or spread, of islands occurs at a rate 

 𝑡𝑠𝑝𝑟𝑒𝑎𝑑 ≈ 𝛼𝑟 𝐹Ω⁄ [𝑠], (16) 

where 𝛼 is the height-to-radius ratio of the islands, 𝑟 [𝑚] is the island radius, 𝐹 (𝑀𝐿/𝑠) is the 

deposition flux. Note that in this type of treatment, the islands themselves are explicitly modeled 

as hemispheres, i.e. atomistic processes on the islands are omitted. By equating Eq. 12 to Eq. 

16, the authors calculated the critical island radius for percolation (using 𝜌𝐴 = Ω−2 3⁄ ) to 

 𝑟𝐶 ≈ (𝛼𝐷𝑠𝛾Ω1 3⁄ (𝑘𝐵𝑇𝐹)⁄ )
1 3⁄

= (𝛼𝐵 𝐹Ω⁄ )1 3⁄  [𝑚]. (17) 

Further research led to the realization that Eq. 17 in fact represents the critical island radius 

already at the elongation transition. Thus, by assuming a linear relation between the nominal 

film thickness (or coverage) 𝜃 and the average island radius, Eq. 17 was rewritten as a scaling 

relation for the elongation transition film thickness,  

 𝜃𝑒𝑙𝑜𝑛𝑔 ∝ (𝐵 𝐹⁄ )1 3⁄  [𝑀𝐿]. (18) 

Jensen et al. and later Carrey and Maurice pointed out that when coalescence does not occur 

during film growth (e.g. the example of Pd from earlier), a direct relation between the scaling 

behavior of 𝑁𝑠𝑎𝑡 and 𝜃𝑒𝑙𝑜𝑛𝑔 can be found as 

 𝜃𝑒𝑙𝑜𝑛𝑔 = 1 √𝑁𝑆𝑎𝑡⁄ ∝ (𝐷 𝐹⁄ )1 7⁄ [𝑀𝐿], (19) 

using Eq. 10 for 𝑁𝑆𝑎𝑡 (𝑖∗ = 1 and three-dimensional growth). A summary of the different stages 

and transitions of film formation is illustrated in Figure 5.  
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The kinetic freezing model does not account for the formation of boundaries at the contact 

between coalescing islands. This is most relevant when the weakly-interacting substrate is 

amorphous, since the single-crystalline islands are then randomly oriented to each. The 

presence of a boundary will slow coalescence by impeding surface diffusion, and may thus 

invalidate the use of Eq. 12 and consequently, the validity of Eq. 18. [11,114] For small islands, 

this boundary is quickly migrated out of a coalescing island, but for larger islands, these may 

become locked in place as the film morphology approaches the elongation transition; eventually 

they will make up the grain boundaries in a polycrystalline film. In this sense, it is possible for 

the elongation transition to occur earlier than predicted by Eq. 18 if grain boundaries form easily 

for a specific substrate-film combination. [101] This is also indicated in the STM results where 

grain boundary formation is seen to occur in the late stages of coalescence driven film growth 

and actively contributes to inducing the percolation transition. [10]  

 

During the so-called “hole-filling” stage of film growth between the percolation and continuous 

film formation transitions, it becomes increasingly difficult to deposit directly into the shrinking 

trenches and holes. The filling process must soon rely on downwards diffusion or funneling of 

atoms from the top of the film. As step descent is kinetically limited by the Ehrlich-Schwoebel 

barrier, complete hole-filling is often observed to take an unexpectedly long time; an effect 

known as the “Zeno” effect. [10,115] Around this time, facets of low-index crystal orientations 

may also begin to stabilize on the island surfaces if the temperature is below the surface 

roughening temperature*. These facets persist for the same reason they do on nanoscale islands; 

the difficulty of nucleating additional layers on top of them. [74,75,79,116] Since different low-

index surfaces possess different surface diffusivities, the stabilization of facets leads to a 

competitive growth of certain grains. [117,118] For fcc metals such as gold (Au) and Ag, the 

{111} surface typically has a much higher diffusivity than the {110} or {100}. [3,26,119] This 

makes a {111} surface grow laterally, as atoms tend to diffuse quickly to the edges of the facet 

and cross onto adjacent facets, while the other two surfaces will grow more outwards due to the 

longer residence time of atoms on these surfaces. At very low temperatures (typically below 

room temperature), this difference in diffusivity is sufficient to cause a height difference to 

develop between different grains, leading to <100/110> out-of-plane oriented grains 

                                                 
*
 This should not to be confused with the kinetic roughening temperature, which is lower than the surface 

roughening temperature. At low temperatures, kinetic roughening occurs due to limited diffusion as adatoms 

cannot reach more stable sites and thus pile onto each other. At high temperatures, surface roughening occurs due 

to the otherwise stable sites such as kinks becoming unstable; the surface loses crystalline structure (essentially 

melts) and subsequently roughens due to diffusion gradients on the surface. 
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overgrowing the out-of-plane <111> oriented grains. However at room temperature and above, 

the effects of the differences in diffusivity are less pronounced, leading to the reverse growth 

behavior. <100/110> grains will still grow higher than <111> oriented grains initially, but the 

temperature-induced adatom mobility increase allows material to be traded more easily from 

{100/110} facets onto {111} facets. This effect is enough to tip the scale in favor of the <111> 

oriented grains. Since these are larger in the lateral directions and the height difference between 

grains is less pronounced than at lower temperatures, <111> oriented grains begin to catch a 

larger part of the incident flux and slowly outgrow the <100/110> grains in this way instead. 

As the current work deals with the initial stages of polycrystalline film formation, further 

microstructural evolution of thin films will not be discussed here; a review can be found in 

reference  [114].   

2.6 Nucleation and island growth in pulsed deposition 

Pulsed deposition is used extensively in this work, owing to the way a pulsed vapor arrival 

profile affects island nucleation and growth dynamics. The atomistic models of film nucleation 

and growth described thus far should also hold for pulsed vapor fluxes, with the exception of 

energetic bombardment effects. [120–122] However, nucleation in pulsed deposition is not as 

easily analyzed in the framework of rate equations as integration cannot be performed when the 

flux 𝐹 is discontinuous. [123] Instead, the general scaling behaviors of 𝑁𝑠𝑎𝑡 given by Eq. 8 and 

Eq. 10 were adapted to pulsed deposition by comparing the relative time-scales of deposition 

and substrate diffusion. [2,124,125] 

 

A pulsed vapor flux can be characterized by the duration of the pulse or pulse on-time 𝑡𝑜𝑛 [𝑠], 

the duration of a period 1 𝑓⁄ [𝑠] where 𝑓 [𝐻𝑧] is the frequency and the instantaneous deposition 

rate 𝐹𝑖 [𝑀𝐿/𝑠] (see Figure 6). For typical pulsed deposition techniques, 𝑡𝑜𝑛 ≪ 1 𝑓⁄  may be 

assumed. The total amount deposited per pulse 𝐹𝑃 [𝑀𝐿/𝑝𝑢𝑙𝑠𝑒] is then the product 𝐹𝑖𝑡𝑜𝑛, and 

the average deposition rate 𝐹𝑎𝑣 = 𝑓𝐹𝑃 [𝑀𝐿/𝑠]. The two time-scales 1/𝑓 and 𝑡𝑜𝑛 can be directly 

compared to the adatom lifetime 𝜏𝑚 = 1 𝐷𝑁𝑠𝑎𝑡⁄ [𝑠], which represents the duration that a finite 

adatom density persists on the substrate once the pulse is turned off. The disappearance of the 

adatom density is due to nucleation or adatom capture at already existing islands. In terms of 

nucleation, three different scaling behaviors of 𝑁𝑠𝑎𝑡 can be identified for pulsed vapor fluxes 

for decreasing diffusivity 𝐷, or equivalently, increasing adatom lifetime 𝜏𝑚. If 𝜏𝑚 ≪ 𝑡𝑜𝑛, the 

adatom density vanishes as soon as the pulse is turned off, effectively allowing nucleation only 
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during the pulse. The deposition rate 𝐹 in Eq. 8 and Eq. 10 can then be replaced by 𝐹𝑖, and a 

scaling relation 𝑁𝑠𝑎𝑡 ∝ (𝐹𝑖 𝐷⁄ )𝜒 is recovered, with 𝜒 being either 𝑖∗ (𝑖∗ + 2)⁄  for two-

dimensional growth or 2𝑖∗ (2𝑖∗ + 5)⁄  for three-dimensional growth. The remaining two 

nucleation scaling behaviors will be described in terms of 𝜒 with the understanding that it is 

different for the two-dimensional and three-dimensional cases. If 𝑡𝑜𝑛 ≪ 𝜏𝑚 < 1/𝑓, adatoms 

persist into the time between pulses and contribute to nucleation even in the absence of 

deposition (there is however no overlap of the adatom density generated by two successive 

pulses). This gives rise to a unique scaling behavior that is solely dependent on the amount 

deposited per pulse, 𝑁𝑠𝑎𝑡 ∝ 𝐹𝑃
𝜒 1+𝜒⁄ , calculated by integrating Eq. 8 or Eq. 10 assuming an 

exponential adatom decay rate. [125] Finally, if the adatom density persists across multiple 

pulses, 𝑡𝑜𝑛 ≪ 1 𝑓⁄ ≪ 𝜏𝑚, the substrate effectively “feels” only the average deposition rate 𝐹𝑎𝑣, 

and a scaling behavior comparable to the continuous deposition case (i.e., with 𝐹 = 𝐹𝑎𝑣), 

𝑁𝑠𝑎𝑡 ∝ (𝐹𝑎𝑣 𝐷⁄ )𝜒, is found. The comparisons between the different timescales of pulsed fluxes 

(𝑡𝑜𝑛, 𝜏𝑚 and 1/𝑓) can also be recast in terms of the deposition rates 𝐹𝑖, 𝐹𝑃 and 𝐹𝑎𝑣, by using 

the definitions of 𝐹𝑎𝑣, 𝐹𝑝 and 𝜏𝑚,  to get a different set of “access criteria” describing the 

a) 

b) 

c) 

Figure 6. Schematic illustration of the relationship between deposition time-scales and the adatom 

lifetime for pulsed deposition in three different pulse configurations. These correspond to the a) high 

diffusion regime, where adatoms vanish rapidly once the pulse is turned off, b) the intermediate 

diffusion regime, where adatoms persist for the entire duration of the pulse off-time and c) the low 

diffusion regime, where adatoms persist over many successive pulses. The different pulse parameters 

described in the text are also indicated. 

a)

b)

c)
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conditions required for each nucleation regime. [2] The results of the two different approaches 

as well as the three different scaling relations of 𝑁𝑠𝑎𝑡 are summarized in Table 1. By using the 

three 𝑁𝑆𝑎𝑡 relations from Table 1 in Eq. 19, three unique coalescence-free growth regimes can 

also be found for deposition with a pulsed vapor flux; these are discussed in detail in Paper III. 

 

As a final note, it is also interesting to make a direct comparison of the elongation transition 

thickness scaling behavior between continuous and pulsed vapor fluxes. Figure 7 shows 𝜃𝐸𝑙𝑜𝑛𝑔 

as a function of 𝐹 for continuous fluxes and 𝐹𝑎𝑣 = 𝐹 for pulsed fluxes, generated using kMC 

simulations from this work, under otherwise identical simulated growth conditions. For the 

pulsed fluxes, 𝐹𝑎𝑣 was increased by increasing the pulsing frequency while keeping 𝐹𝑝 constant. 

The substrate diffusion barrier was 0.3 eV, which reproduces the high diffusion nucleation 

regime from Table 1. It can be seen that both pulsed and continuous deposition are in the 

coalescence-controlled growth regime when 𝐹 < 0.1 𝑀𝐿/𝑠, with the characteristic scaling 

exponent of -0.323 (ideally -0.33 from Eq. 18). However, above this deposition rate, the 

continuous flux case enters the coalescence-free growth regime with scaling exponent -0.141 

(ideally -0.1428 from Eq. 19), while the pulsed flux continues on with scaling exponent -0.323 

until 𝐹 ≈ 5 𝑀𝐿/𝑠. Beyond this deposition rate, the pulsed flux case also enters a coalescence-

free growth regime, with a scaling of 𝜃𝐸𝑙𝑜𝑛𝑔 that is independent of 𝐹 (scaling exponent 0.0) 

since 𝑁𝑆𝑎𝑡 is independent of 𝐹. The difference in critical 𝐹 (𝐹𝐶𝑟𝑖𝑡) for crossover from 

coalescence-controlled to coalescence-free growth between continuous and pulsed flux cases 

can be explained by the difference in 𝑁𝑆𝑎𝑡, which is (𝐹 𝐷⁄ )𝜒 and (𝐹𝑖 𝐷⁄ )𝜒 for continuous and 

pulsed fluxes respectively. The instantaneous rate 𝐹𝑖 is typically several orders of magnitude 

Nucleation 
regime 

Time-scale 
relation 

Access criteria 𝑵𝒔𝒂𝒕 ∝ 

High diffusion 𝜏𝑚 ≪ 𝑡𝑜𝑛 ≪ 1 𝑓⁄  (𝐹𝑖 𝐷⁄ )1−𝜒 < 𝐹𝑃 (𝐹𝑖 𝐷⁄ )𝜒 

Intermediate 
diffusion 

𝑡𝑜𝑛 ≪ 𝜏𝑚 < 1 𝑓⁄  (𝐹𝑎𝑣/𝐷)1−𝜒 < 𝐹𝑃 < (𝐹𝑖 𝐷⁄ )1−𝜒 𝐹𝑃
𝜒 (1−𝜒)⁄  

Low diffusion 𝑡𝑜𝑛 ≪ 1 𝑓⁄ ≪ 𝜏𝑚 𝐹𝑃 < (𝐹𝑎𝑣 𝐷⁄ )1−𝜒 (𝐹𝑎𝑣 𝐷⁄ )𝜒 

    

    

    

Table 1. Summary of the three different nucleation regimes found in pulsed vapor deposition both 

in terms of time-scale relations (first column) as well as rate relations (second column). The scaling 

function of 𝑁𝑠𝑎𝑡 is given in colum three. 
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larger than 𝐹𝑎𝑣 or 𝐹, which means 𝑁𝑆𝑎𝑡 is much higher for pulsed fluxes. Consequently, islands 

are also smaller in size when they begin to impinge and coalesce, leading to much shorter 

overall coalescence completion times which requires higher island growth rates (and 

analogously, higher 𝐹) to fully stop coalescence completion. In the continuous flux case, 𝑁𝑆𝑎𝑡 

is much lower at 𝐹 = 0.1 𝑀𝐿/𝑠, with larger island sizes that are already slow to coalesce; hence 

a small increase in the island growth rate by increasing 𝐹 stops coalescence completion entirely. 

For higher deposition rates, the slow increase of 𝑁𝑆𝑎𝑡 with 𝐹 is not enough to compete with the 

increased rate of island growth, and the coalescence-free growth regime persists. Eventually, 

both continuous and pulsed deposition reach the same 𝜃𝐸𝑙𝑜𝑛𝑔 thickness at close to 100 ML/s 

average deposition rate. 

 

Figure 7. Comparison between elongation transition thicknesses generated from kMC simulations of 

pulsed and continuous vapor fluxes over a similar range of average vapor arrival rates. In the pulsed 

case, 𝐹 was increased by increasing the pulsing frequency, maintaining a constant 𝐹𝑃. In both cases, the 

surface diffusion barrier was 0.3 eV, simulated temperature 300 K with B = 500 a4 /s. 
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3 Kinetic Monte Carlo Simulations 

3.1 The kMC algorithm 

The kinetic Monte Carlo method is often used in materials science research as the crystalline 

nature of many metals and semiconductors lend themselves well to a lattice-based treatment. 

Compared to other atomistic simulation methods, KMC has the benefit of being 

computationally fast and able to simulate large physical systems (on the order of 105 − 107 

atoms, which is comparable to the sizes of images generated by experimental techniques,* such 

as STM or TEM) over realistic timescales. The stochastic nature of the method is also useful in 

testing the robustness of theoretical predictions, for instance by checking whether results 

averaged over several simulations tend toward such predictions or not. 

 

The basic algorithm common to all variants of KMC simulation codes is well documented in 

textbooks and published papers; here a brief description of this algorithm adapted for simulating 

vapor deposition and thin film growth will be given. [126–132] Each KMC simulation step 

begins by cataloguing all possible atomic (i.e., diffusion) processes in the simulation box, 

including the arrival of atoms on the growing surface, into a random number list (commonly 

referred to as the event or process list) sorted with respect to the magnitude of the corresponding 

process rates. The larger the rate of a particular process, the larger part of the list it occupies. In 

this way, when a random number is used to choose one of these processes to execute, those 

with higher rates, or correspondingly, higher probabilities, will tend to be chosen more often. 

Once executed, the local environment of the atom which moved is updated to reflect the change. 

Finally, the simulation time is incremented by 

 𝑡𝑠𝑖𝑚 = 1 (∑ Γ𝑖 + 𝐹)𝑖⁄ [𝑠], (20) 

where Γ𝑖 are all the rates in the process list and 𝐹 is the deposition rate, both expressed in 𝐻𝑧 =

1/𝑠. In this way, the faster the processes that exist at a particular time in the simulation, the 

slower the simulation time progresses, or equivalently, the shorter 𝑡𝑠𝑖𝑚 becomes. Subsequently, 

the next simulation step begins by repopulating the process list according to the new surface 

configuration. 𝑡𝑠𝑖𝑚 is typically on the order of ns to µs, but may also be longer depending on 

the simulated conditions (temperature, deposition rate, the density of mobile adatoms, etc.), 

allowing the simulations to describe surface morphology evolution over a few seconds to a few 

                                                 
* For instance, five layers of Ag on an area of 100×100 𝑛𝑚2 of a Ag(111) surface consists of ~6×105 atoms. 
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minutes. One practical drawback of the KMC method, when there are large (several orders of 

magnitude) and persistent rate differences in the process list, is that the simulation becomes 

trapped in modeling only the fastest process (typically terrace diffusion) and thus may waste 

many millions of steps without propagating the overall surface morphology. In such cases, the 

large rates also lead to smaller 𝑡𝑠𝑖𝑚 (ps-ns) and thus the simulation time is not propagated 

efficiently either. While many methods have been explored to mitigate this issue*, a simple 

solution when vapor deposition is involved is to increase the rate of vapor arrival such that it 

competes with the fastest diffusion processes. In this way, the physical model of the KMC 

remains unaltered while simulation outcomes can be interpreted in view of thin film growth 

theory. In the present work, vapor arrival rates of up to 100 ML/s were occasionally used for 

sake of computational efficiency. 

 

In the framework of this thesis, two KMC models were developed; (i) a point-island model to 

describe the dynamic competition between film-forming processes and study how these 

processes affect film morphology and (ii) a fully atomistic model to describe the shape 

evolution of single atomic islands on weakly-interacting substrates. Both models were 

implemented in C++ in a Unix environment, and simulations were performed on a local cluster 

provided by the National Supercomputer Center at Linköping University in Sweden. 

3.2 Point-island model 

3.2.1 Introduction 

For an initial venture into simulations of film growth using KMC, many of the atomistic 

processes described in Section 2.2 are omitted, generalized or averaged over larger length-

scales in a point-island model. Islands are treated as perfect hemispheres characterized by a 

center-of-mass (i.e., a point in the simulation box, hence the name point-island) and a radius 

which grows when additional atoms are incorporated into the island. Point-island models have 

been successfully used to study the pre-coalescence stage of metal-on-metal epitaxy, where the 

main interest was to validate the atomistic nucleation theory by investigating how island density 

and size affected by changing parameters, such as the surface diffusion rate and critical island 

size 𝑖∗. [62,66,95,133] In such cases, it was not necessary to describe the actual shape of islands 

                                                 
* For example, first-passage KMC [170–174], exploiting memory in event-based simulations [175] or spatial 

parallelization of the KMC algorithm [143,176] 
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as the nuclei were sufficiently well-separated and local variations of the surface diffusion fields 

could be neglected. Subsequently, this approach was also applied to study condensation of 

metals on weakly-interacting substrates beyond the pre-coalescence stage, as the large surface 

energy difference between the metal and the substrate permits the assumption of fast island 

shape relaxation (as compared to the rates of condensation and surface diffusion) during island 

growth and after coalescence events. [101,100,82,102,103,134,135] This allows the combined 

study of island nucleation and the onset of the elongation transition within a single simulation. 

In the present work, through papers I-IV, a point-island model is used to investigate the effects 

of various growth parameters, such as the deposition rate, (substrate) surface diffusion rate and 

coalescence rate (as given by Eqs. 12-13) on key morphological quantities in the early stages 

of thin film formation, e.g., the saturation island density, the film thickness at elongation 

transition and the island size distribution. Figure 8 shows a series of snapshots from an example 

simulation from this work. Most importantly, the model in this thesis incorporates pulsed, as 

well as continuous vapor fluxes, which enabled qualitative comparisons to be made with 

experiments of Ag growth on SiO2. 

Figure 8. Snapshots from a point-island model simulation. 𝜃 is the material coverage, 𝑍 is the surface 

coverage in percent. The grey circles show single islands, while the black circles indicate islands 

undergoing coalescence. 
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3.2.2 Physical model 

The point-island model in this thesis employs a simple cubic lattice with a lattice spacing that 

is equal to the mean translation distance, 𝑎, of adatoms on the substrate (here 𝑎 = 2.89 Å 

corresponds to the minimum translation distance of Ag on Ag(111) and is also assumed for 

weakly-interacting substrates). Deposition occurs by randomly selecting a site on the substrate 

(or an existing island) and placing a new atom, i.e. transport in the vapor phase is not modeled, 

energetic effects are ignored and the sticking coefficient is unity everywhere on the substrate 

and growing film. The only atomistic process other than deposition is adatom diffusion on the 

substrate, hence these make up the entirety of the process list and are the primary source of the 

simulation time step according to Eq. 20. Dimer nucleation is considered irreversible, i.e. 

𝑖∗ = 1, and islands grow by incorporating adatoms which diffuse to the island edge or by direct 

deposition onto the island. For each new atom incorporated into an island, its volume increases 

by the atomic volume Ω = 𝑎3 and the island radius can be calculated as 

 𝑅 = (3𝑠Ω 2𝜋⁄ )1 3⁄  [𝑚], (21) 

where 𝑠 is the island size in number of atoms. From this 𝑅, the base area of an island is 

calculated, thus maintaining an island shape which leads to, among other phenomena, a 

contraction of the base area when two islands coalesce. To account for possible gradients in the 

diffusion field around islands, the island center-of-mass is recalculated based on where newly 

incorporated adatom approached from. This opens the possibility for islands to migrate across 

the substrate, e.g., if the deposition flux is directional, though as adatoms generally tend to 

arrive randomly from all directions, the time-averaged center-of-mass of an island tends to 

remain fixed in the simulations. 

 

Island-island interactions are modeled based on the kinetic freezing model and Eq. 12 is used 

to calculate the coalescence completion time. Coalescence events are considered between pairs 

of islands at a time (see Figure 9), and mass transport between the islands is not explicitly 

Figure 9. Illustration of a coalescing cluster of islands in the simulation, with independent coalescence 

timers 𝑡1, 𝑡2 and 𝑡3 between each impinging pair of islands. 

. Illustration of a coalescing cluster of islands in the simulation, with independent coalescence 
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modeled, i.e., coalescence is treated as a start-stop process (sometimes referred to in the 

literature as a “binary” process). This means that a timer is started upon impingement between 

two islands with a limit set by Eq. 12 that counts down with the simulation time. During 

coalescence, the islands are allowed to grow independently from each other, with the timer limit 

being adjusted with the size of the smallest island in the pair. Upon reaching the timer limit, the 

two islands are immediately merged into a single new island at their averaged center-of-mass 

and with their combined sizes. The dynamic dependence of the timer limit (coalescence 

completion time) with island size is in line with the notion that the amount of coalescence 

completion which occurs during growth is directly influenced by the rate of deposition (as 

discussed in Section 2.2). For the specific case of simulations using pulsed vapor fluxes, 

adatoms on the substrate may disappear completely during the pulse off-time (fast diffusion 

nucleation regime, see Section 2.6). When this happens, the process list becomes empty, and 

the simulation time is instead propagated by the succession of ongoing coalescence timers. If 

the next pulse on-time appears before all coalescence events have been completed, the 

simulation switches back to using time-steps calculated by Eq. 20. If instead all coalescence 

events are completed before reaching the next on-time, the simulation jumps directly to the next 

pulse on-time. 

 

To track the onset of the elongation transition, impinging islands are collected into “clusters”, 

as the one depicted in Figure 9. A lone island is considered a cluster of size one, while the 

cluster size has no upper limit. In this way, when the average cluster size reaches two, the 

surface is predominantly covered by islands that have impinged on other islands. Due to the 

relatively small surface areas studied with the simulations, the effects of secondary nucleation 

become amplified, as these islands are of comparable size to the primarily nucleated islands. 

This tends to skew the onset of the elongation transition causing the scaling behavior of 𝜃𝑒𝑙𝑜𝑛𝑔 

to deviate from Eq. 18. Therefore, secondarily nucleated islands are allowed to form in the 

simulations, but are not accounted for when calculating values such as the average island and 

cluster sizes (this approach is in line with past works, e.g., see Ref. [135]). 

3.2.3 Validation 

By studying the simulated evolution of island and adatom densities over a single vapor pulse, 

a number of code functions can be validated. These include the rate and uniformity of 

deposition, the diffusion rate of adatoms, the nucleation rate of islands, and the implementation 
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of Eq. 20. Figure 10 shows the island and adatom density evolutions from a single pulse over a 

period of three seconds. This simulation was run under nearly the same conditions as in 

reference [135], and reproduces the same maximum island and adatom densities. However, the 

rate at which the maximum island density is reached is faster than in the reference. This is likely 

due to the use of different simulation box sizes; reference [135] used a box of 1024×1024 𝑎2 

while this work used 768×768 𝑎2 for the sake of shorter computation time. The smaller box 

size makes it easier for adatoms to find each other, thus allowing nucleation events to occur 

seemingly more rapidly. However, since the amount deposited per pulse is given in terms of a 

fraction of the box size (equivalently, a fraction of a monolayer) and the same fraction 

(0.025 𝑀𝐿 𝑝𝑢𝑙𝑠𝑒⁄ ) was used in both cases, there is therefore no discernable difference in the 

final adatom and island densities between the two works.  

 

As was mentioned in Section 2.2, many analytical results from the study of water vapor 

condensation can be applied to metal-on-insulator film growth, although certain approximations 

must first be made. The notion of “droplet growth” in film formation pertains to a case where 

atomic diffusion on the substrate is completely neglected, and coalescence events are completed 

instantaneously instead of over a finite period of time. As per the discussions in Section 2.2, 

this is not very far from the truth when islands are small, but in most material systems as islands 

grow sufficiently large, droplet growth can no longer describe film growth to an adequate 

Figure 10. Island and monomer (adatom) density evolution from a single pulse from this work. The 

pulse width was 100 µ𝑠 and the amount deposited per pulse was 0.025 𝑀𝐿/𝑝𝑢𝑙𝑠𝑒 while 𝐷 ≈

100 𝑎2/𝑠. 
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degree of accuracy. Instead, droplet growth simulations can be used as a reasonable way to 

validate the island impingement characteristics in a simulated growth experiment.  

 

From the work of reference [92], an analytical expression was formulated that describes island 

loss during droplet growth as an exponential decay with material coverage 𝜃, 

 𝑁 = 𝑁0exp (−𝐴𝜃2 3⁄ ) (22) 

where 𝑁0 is an initial island density and 𝐴 is a fitting parameter. In reference [92], nucleation 

was neglected and the study assumed a fixed number of initial islands (i.e., 𝑁0) which were 

allowed to grow and undergo instantaneous coalescence upon impingement. In order to produce 

a fair comparison with the simulation results from this work, which do include nucleation, 

Eq. 22 can only be fitted to the decaying portion of the simulated island density, which begins 

from 𝑁𝑠𝑎𝑡, as shown in Figure 11. It can be seen that the simulation data produced from this 

work is very well fitted by the analytical expression, and this is taken as an indication that the 

areal distribution of islands, which directly influences the amount of island impingement, 

evolves correctly. Indirectly, this also confirms that island growth (by both atomic 

incorporation and coalescence) performs in a correct way. 

 

As a second example of droplet growth, simulation results from the present work have also 

been compared against reference [102]. In this reference, a simpler version of island loss 

Figure 11. Simulated island density decay during droplet growth, fitted with Eq. 22. The droplet 

growth was reproduced by using 𝐷 = 2×10−5 𝑎2/𝑠 and 𝐵 = 106 𝑎4/𝑠, using a continuous 

deposition rate of 1 𝑀𝐿/𝑠 and simulation box size 128×128 𝑎2. 

Eq. 22 
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mechanics was used, but instead an additional analytical expression was provided to describe 

the evolution of the average island size. The decaying part of the island density 𝑁 is now 

described by a power-law function, 

 𝑁 = 𝐴(𝜃 − 𝜃0)−𝑑/(𝐷−𝑑) (23) 

where 𝜃0 represents a shift of the material coverage to exclude the nucleation stage, 𝑑 and 𝐷 

are the dimensionalities of the substrate and islands respectively and 𝐴 is a fitting parameter. 

For 𝑑 = 2 and 𝐷 = 3, the exponent in Eq. 23 becomes −2. The average island size 𝑆 is 

described by a similar power-law function of 𝜃, 

 𝑆 = 𝐵(𝜃 − 𝜃0)𝐷/(𝐷−𝑑) (24) 

where 𝐵 is again a fitting parameter. For 𝑑 = 2 and 𝐷 = 3, the exponent in Eq. 24 becomes 3. 

According to literature, the island decay is not as well described by this simpler expression, 

which can be also seen in Figure 12a), where Eq. 23 has been fitted to the same simulated island 

density as in Figure 11, with the exponent fixed to −2, and compared to the fit of Eq. 22. Similar 

results have also been shown in reference  [135]. Figure 12b) shows the average island size 

extracted from the same simulations fitted with Eq. 24 with the exponent fixed to 3. The fit is 

poor at low coverages (𝜃 < 0.4 𝑀𝐿) since the growth of islands in the simulations is dominated 

by atomic incorporation as opposed to coalescence, but the simulation data and analytical 

expressions do converge at higher coverages (𝜃 > 1 𝑀𝐿). In this region, the fit between the two 

Figure 12. a) Comparison of Eq. 22 and Eq. 23 with respect to how well they fit to simulated island 

densities from this work. b) The average island size evolution from the same simulation as in a), fitted 

with Eq. 24. The inset shows the rate of direct capture of material from the flux on top of islands as a 

function of 𝜃. 

 

a) b) 

Eq. 22 
 Eq. 23 
 Eq. 24 
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is very good, proving that island growth by the combination of atomic incorporation and, most 

importantly, coalescence performs in a correct manner.  

 

Since there is no atomic diffusion in droplet growth, any island growth by atomic incorporation 

must necessarily come from the deposition flux, and so the capture rate of atoms from the flux 

on top of islands is plotted in the inset of Figure 12b). In this plot it is seen that, after the initial 

rise, the flux capture rate converges towards a constant value, meaning that if island growth 

were only dependent on deposition, the average island size would increase linearly with 𝜃 

(exponent one in Eq. 24). The fact that it does not occur gives insights into the way coalescence 

influences the average island size, which can be useful when exploring different alternative 

expressions that separate the effects of different growth mechanisms on the average island size 

for the purpose of formulating analytical relations.  

3.3 Atomistic model 

3.3.1 Introduction 

In this work, there were several reasons to move beyond the point island model and pursue a 

fully atomistic one. The first reason was to be able to simulate thin film growth beyond the 

elongation transition. In the point island model, islands overlap each other during ongoing 

coalescence processes. This presents a minor issue as long as the coalescence events complete 

quickly, as the material is redistributed when a new island is created out of the previous two. 

However, since the elongation transition relies on the incomplete coalescence of islands, the 

amount of overlapping islands in the simulation box beyond the elongation transition becomes 

problematic as the surface coverage is underestimated. The second reason was that an atomistic 

treatment of island surfaces includes facet formation, and could thus be used to test how the 

coalescence rate of facetted islands is affected by various growth conditions. Third and lastly, 

a fully atomistic model can also be further developed o model binary alloy thin film growth, 

such as is done in  [96,136–140]. With the point island model, only the average composition and 

thereby average properties (e.g., coalescence rate, island aspect ratio, etc.) of an island 

consisting of two atomic species could be treated. This may be sufficient for modelling alloy 

thin films in which the two atomic species are in solid solution, but when the second species is 

used for targeted growth manipulation, e.g., as a surfactant or dopant, such an average treatment 

of the island composition is not sufficient. 
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3.3.2 Physical model 

KMC has been used to model epitaxial island nucleation and growth for noble metals, including 

Pt, Ag and Cu. [133,141–146] As was explained in Section 2.2, 3D islands in such systems 

form by second layer nucleation and exhibit mound morphology. Thus, the morphological 

evolution of the island relies largely on the evolution of the periphery of each layer in the cake, 

and the complexity of atomistic models was focused on describing diffusion in planes parallel 

to the substrate. In such models, step descent is the only out-of-plane process. This type of 

treatment is insufficient when weakly-interacting substrates are considered, as islands may be 

bounded by sidewall facets of low-index planes which are not parallel to substrate surface. In 

order to accurately model the surface morphology evolution of such an island (and eventually 

a film), the same level of modelling complexity should be applied to the facets as to planes 

parallel to the substrate. This can and has been done for models on a simple cubic lattice, where 

the lattice symmetry ensures that the same level of complexity is transferable to all sidewall 

facets. [117,147,148] However, for more advanced lattice geometries such as the hexagonal 

surface of Ag(111) in which configurational asymmetries are abundant, this is not as straight 

forward. 

 

It is well known that the existence of A- and B-steps which enclose a layer of atoms on the 

fcc(111) surface creates an asymmetry in the diffusion landscape along step-edges. For Ag, 

edge diffusion along A-steps is faster than along B-steps, and adatoms at corners tend to cross 

more frequently towards A-steps as well. In contrast, step-descent is known to occur more 

frequently at B-steps. [149,150] A simple way to treat this in KMC simulation models is to 

assign explicit activation barriers for each specific diffusion process, e.g., along and across the 

two different step types and the two different directions of corner crossing (see, 

e.g.,  [151,152]). For a facetted 3D Ag island with a hexagonal base, three A-steps lead to the 

formation of fcc(100) facets, while three B-steps lead to fcc(111) facets. Arguably, the fcc(100) 

facets could be treated as a square lattice, neglecting the particulars of diffusion on that surface 

(see, e.g., [153]) for simplicity, but diffusion on the fcc(111) facets would require all of the 

asymmetric diffusion processes to be re-implemented for each of the three facet orientations. 

This would make the simulation model unwieldly and any simulated results difficult to 

interpret, thus a more encompassing simulation model with fewer input parameters (i.e., 

activation barriers) is needed. According to the literature, the peripheral diffusion asymmetries 

for fcc metals such as Pt and Ag arise due to the availability (lack of) of hcp sites along A-steps 
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(B-steps). [2,154] As illustrated in Figure 13 by a ball model of the fcc(111) surface, there is a 

row of hcp sites close to the A-step which facilitates diffusion between the more stable fcc sites 

along the same edge. In contrast, the closest row of hcp sites along the B-step lies at a distance 

corresponding to detachment from the edge.* It is this same availability of hcp sites along A-

step edges which induces the corner-crossing asymmetry. Therefore, the atomistic model was 

extended to include hcp sites along with fcc sites, so that the diffusional asymmetries are 

calculated on-the-fly in any orientation of the surface supporting a diffusing adatom. Such a 

lattice configuration has been called a “refined lattice” in the literature, and has been used to 

investigate the (111) surface of metals, such as Ir, on which islands nucleate equally on fcc and 

hcp sites. [141,155–157] In the case of Ag, experimental evidence shows a low density of hcp-

nucleated islands even at low temperatures (< 200 K), which indicates that hcp sites on Ag(111) 

are not stable adsorption sites,† but rather act to provide additional diffusion pathways between 

stable fcc sites. [151] Only two diffusion pathways between stable fcc sites are considered: fcc-

hcp-fcc (denoted F-H-F in Figure 13) and fcc-fcc (denoted F-F in Figure 13). 

 

The refined lattice also enables more detailed modelling of interlayer transport, if the overhang 

position, i.e., when an atom is hanging over the edge of a step, is explicitly included as a valid 

adsorption site‡. This means that the present atomistic model treats the total step-crossing event 

as a two-step process, and the adatom in the overhang position is also given the option to return 

to the initial position. The benefit of this treatment is that step-crossing becomes more reflective 

of the local atomic environment, allowing among other things the inclusion of assisted upwards 

diffusion processes. As an example, Figure 14 shows step descent broken into two stages across 

both A- and B-steps. For both step types, the initial position is fcc at the closest distance to the 

step and the final position is fcc along the step edge. It can be seen that along A-steps, in order 

to reach the overhang position, the adatom must perform a full fcc-fcc or fcc-hcp-fcc jump, 

                                                 
* There is also the row of hcp sites just beneath the B-step edge, but these are half covered by the step and therefore 

inaccessible to diffusing adatoms. 
† For all practical intents and purposes, hcp sites are considered unstable in this work, however it should be noted 

that many theoretical studies have found little (<0.01 eV) to no difference in the potential energy levels of fcc and 

hcp sites on the Ag(111) surface. [26,177–179] 
‡ In general, the atomistic model requires that a valid adsorption site is free and supported. By “free”, it is meant 

that the site may not be partially overlapped by other atoms; this criterion applies to neighboring atoms on both 

fcc and hcp lattice sites. By “supported”, it is meant that the site must have at least two NN atoms (this is the 

situation at the overhang position), though the positions of these NN are not constrained to any particular 

configuration. For example, both do not necessarily need to be below the atom, nor do they need to be neighbors 

to each other. The only exception to the “supported” constraint is for newly deposited atoms, which always require 

at least three NN; this produces a type of implicit downward funneling when atoms are deposited into the overhang 

position at step edges. 
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while along the B-step only an fcc-hcp jump is required. Then, from the overhang position, the 

adatom must perform an fcc-fcc jump at the A-step to reach the bottom step edge, while it 

performs an hcp-fcc jump at the B-step. The end result is that, both in terms of energetics and 

available pathways, interlayer transport is facilitated along B-steps in the KMC simulations. 

This approximately mimics the experimentally observed behavior of Ag/Ag(111) mentioned 

earlier, albeit not for the generally accepted reason of lower exchange diffusion barriers at B-

steps. Nevertheless, the jump processes described here do not violate the physic correctness of 

the model and may very well contribute in real atomic growth situations; it may be that these 

jump processes are masked or overwhelmed by exchange diffusion in reality. As for assisted 

up-stepping, this is achieved by the use of next-nearest neighbor (NNN) as well as nearest 

neighbor (NN) interactions (this is described in more detail in the next section). For two steps 

separated in-plane by a single atomic row, an atom in the overhang position on the bottom step 

can interact with those in the top step via NNN interactions, resulting a lowering of the 

activation barrier when this is calculated using a bond counting scheme. 

Figure 14. Schematic illustration of the different diffusion pathways for step-descent at A and B-steps. 

Figure 13. Schematic illustration of different diffusion pathways provided by the refined lattice. f-f is 

direct fcc to fcc hop, f-h-f is fcc to fcc hopping via hcp site  
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3.3.3 Diffusion kinetics – Bond counting scheme 

The diffusion dynamics of a KMC model are typically described in terms of energetics using a 

bond counting scheme. Activation energies for various diffusion processes are calculated based 

on the number of bonds to neighboring atoms at the initial and final site of a particular diffusion 

process. As a starting point, the bond counting scheme used in the present model was based on 

one developed for Pt/Pt(111) by Michely et al., where only next nearest neighbors are 

counted. [2] For the Pt/Pt(111) model, the total activation barrier for diffusion in a particular 

atomistic geometry was calculated as 

 𝐸𝐴𝑐𝑡 = 𝐸𝐾𝑖𝑛 + 𝐸𝐵𝑜𝑛𝑑 + 𝐸𝐸𝑆 [𝑒𝑉], (25) 

where the terms 𝐸𝐾𝑖𝑛, 𝐸𝐵𝑜𝑛𝑑 and 𝐸𝐸𝑆 are respectively the kinetic energy barrier, the potential 

energy difference with respect to number of nearest neighbor bonds (NN) at the initial and final 

site and an energy term that accounts for step-crossing (i.e., Erlich-Schwöbel barrier). Aside 

from 𝐸𝐸𝑆, which takes a single value, the first two terms in Eq. 25 were calculated as 

 𝐸𝐾𝑖𝑛 = min(𝐸𝐷𝑁𝑁𝐼𝑛𝑖𝑡, 𝐸𝐷𝑁𝑁𝐹𝑖𝑛) [𝑒𝑉], (26) 

and  

 𝐸𝐵𝑜𝑛𝑑 = 𝐸𝐵(𝑁𝑁𝐼𝑛𝑖𝑡 − 𝑁𝑁𝐹𝑖𝑛) [𝑒𝑉]          𝐸𝐵𝑜𝑛𝑑 ≥ 0, (27) 

where 𝑁𝑁𝐼𝑛𝑖𝑡 and 𝑁𝑁𝐹𝑖𝑛 are the number of NN at the initial and final site respectively, 𝐸𝐷 is 

the terrace diffusion barrier per NN, 𝐸𝐵 is the bond energy per NN. In Eq. 26, the minimum 

function ensures that no unwanted repulsive forces influence the diffusion of adatoms. For 

example, it ensures that an adatom diffusing towards a step edge from the terrace has the same 

kinetic barrier as one diffusing on a flat terrace. The constraint 𝐸𝐵𝑜𝑛𝑑 ≥ 0 in Eq. 27 ensures 

instead that no unwanted attractive forces influence adatom diffusion, or put differently, that 

𝐸𝐵𝑜𝑛𝑑 does not become negative when 𝑁𝑁𝐼𝑛𝑖𝑡 < 𝑁𝑁𝐹𝑖𝑛.  

 

In order to adapt the bond counting scheme as described by Eqs. 25-27 for Ag/Ag(111) in this 

work, it is first extended by implementing a combined fcc-hcp simulation lattice. The potential 

energy diagram for a row of terrace adsorption sites consisting of both fcc and hcp sites used in 

the KMC is shown in Figure 15. Most theoretical calculations of Ag/Ag(111) self-diffusion put 

the terrace diffusion barrier at 0.065-0.07 eV, while the most commonly used experimental 

value is 0.097 eV. [26] These values represent average diffusion barriers for diffusion between 

fcc sites, irrespective of the path taken by the adatom. Hence, in order to parameterize the 

specific fcc-fcc, fcc-hcp, hcp-hcp and hcp-fcc diffusion barriers in the present model, random 

walk simulations were performed. From these, a mean square displacement for terrace diffusion 
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could be found and used to calculate an average diffusion rate and corresponding activation 

barrier. The aforementioned specific barriers were then tuned until an average diffusion barrier 

of 0.065 eV was found, using an attempt frequency 𝜈0 = 5×1012 𝐻𝑧. As a guideline during the 

tuning process, the difference between fcc-fcc and fcc-hcp diffusion barriers was kept minimal, 

as this has been reported to be so in the literature. [158,159] Reports of the hcp-hcp and hcp-

fcc diffusion barriers are scarce, presumably because these rarely occur (hcp-hcp) or are 

transient in nature (hcp-fcc) since hcp sites are considered unstable. Therefore, the hcp-hcp 

barrier was assumed to be the same as for fcc-fcc, while the hcp-fcc barrier was tuned to a 

sufficiently low value so as to deter island nucleation on hcp sites while not distorting other 

diffusion rates, most importantly the rates of terrace and edge diffusion. 

 

From Figure 13, it can be realized that the fcc-hcp leg of the edge diffusion process along the 

A-step involves losing one NN bond, whereas the direct fcc-fcc jump on either type of step 

involves no bond breaking (the number of NN at the initial and final positions are the same). 

This produces an unwanted skew to the rates of edge diffusion, in fact it inverts the edge 

diffusion asymmetry of Ag/Ag(111). To remedy this, the bond counting scheme was made to 

account for next-nearest neighbors (NNN) as well. Here, the notion of NNN includes all atoms 

within the distance range 𝑎 < 𝑟 ≤ √2𝑎, with 𝑎 being the NN distance. Crucially, this enables 

atoms in the fcc lattice to interact with more atoms in the hcp lattice and vice versa, thereby 

compensating the lost NN bond of the A-step fcc-hcp jump with two NNN bonds. In this way, 

the generalized forms of Eqs. 26 and 27 become 

 𝐸𝐾𝑖𝑛 = 𝐶𝐾𝑖𝑛min[𝐸𝐷𝑁𝑁𝐼𝑛𝑖𝑡, 𝐸𝐷𝑁𝑁𝐹𝑖𝑛], (28) 

where the prefactor 𝐶𝐾𝑖𝑛 adjusts for the diffusion path (fcc-fcc, fcc-hcp, etc.), and 

Figure 15. Potential energy diagram of the different pathways of terrace diffusion.  
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 𝐸𝐵𝑜𝑛𝑑 = 𝐸𝐵(𝑁𝑁𝐼𝑛𝑖𝑡 − 𝑁𝑁𝐹𝑖𝑛 + 0.5(𝑁𝑁𝑁𝐼𝑛𝑖𝑡 − 𝑁𝑁𝑁𝐹𝑖𝑛))          𝐸𝐵𝑜𝑛𝑑 ≥ 0. (29) 

The factor 0.5 multiplied to all terms containing NNN in both Eqs. 28 and 29 is an approximate 

reduction of the distance-dependent interatomic interaction energy. Specifically for edge 

diffusion, there is now no difference in 𝐸𝐵𝑜𝑛𝑑 for the two diffusion pathways fcc-hcp and fcc-

fcc, and the edge diffusion asymmetry is produced with the prefactor 𝐶𝐾𝑖𝑛. A set of random 

walk simulations with an atom bound to the A and B-steps respectively are performed, and 

again by calculating the two separate average edge diffusion barriers through the mean square 

displacement, 𝐶𝐾𝑖𝑛 is parameterized for the combined diffusion processes of terrace and edge 

diffusion along the two different step types. The result of this procedure is show in Figure 16, 

where the three diffusion barriers calculated according to Eqs. 28 and 29 are compared to 

reference values from the literature. For a perfect match, all data points should lie on the black 

diagonal 1:1 line, but it is clearly evident that the edge diffusion barriers are shifted up from 

this line. Notice, however, that the edge diffusion data points are parallel to the 1:1 line, 

indicating that the discrepancy cannot be accounted for by a simple bond counting scheme. This 

is because the only remaining free parameter is 𝐸𝑘𝑖𝑛 (recall that there is no 𝐸𝐵𝑜𝑛𝑑 contribution), 

and changing this parameter to correct the edge diffusion barriers inevitably destroys the 

excellent fit of the terrace diffusion barrier. This balancing act is true in general for other 

diffusion processes calculated by the bond counting scheme as well, in particular processes 

Figure 16. Graphical comparison of diffusion process barriers as calculated by the bond counting 

scheme and from the reference given in Table 1. Ref a) [150,158], Ref b) [151]. 
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involving kink and corner sites along a step edge. Therefore, two additional correction factors* 

were added to Eq. 29 to produce better alignment between the bond counting scheme and the 

literature, producing the final version of 𝐸𝐵𝑜𝑛𝑑 as 

 𝐸𝐵𝑜𝑛𝑑 = 𝐸𝐵(𝐶𝐵𝑜𝑛𝑑 + ⌈𝑁𝑁𝐼𝑛𝑖𝑡 − 𝑁𝑁𝐹𝑖𝑛 + 0.5(𝑁𝑁𝑁𝐼𝑛𝑖𝑡 − 𝑁𝑁𝑁𝐹𝑖𝑛)⌉)     𝐸𝐵𝑜𝑛𝑑 ≥ 0. (30) 

The first correction is the inclusion of an additive term 𝐶𝐵𝑜𝑛𝑑 in Eq. 30, which takes a few 

different values depending on the particular diffusion process it treats or zero in all other cases. 

Care was taken to minimize the number of processes treated by using 𝐶𝐵𝑜𝑛𝑑, as an overuse 

would negate the point of a bond counting scheme. These are edge diffusion, for which 𝐶𝐵𝑜𝑛𝑑 =

0.7 for both A and B-steps, kink-to-edge detachment, for which 𝐶𝐵𝑜𝑛𝑑 = 0.51 and kink-to-kink 

diffusion, with 𝐶𝐵𝑜𝑛𝑑 = 1.2. Of these three, it can be argued that only edge diffusion is of any 

real consequence, as kink related diffusion processes are generally rare at temperatures far from 

the melting temperature due to the strong bonding at kink sites. It is therefore reasonable to 

believe that this correction will not adversely affect the overall simulated diffusion dynamics 

of Ag/Ag(111). Later, a fourth value of 𝐶𝐵𝑜𝑛𝑑 = 1.36 was also added in order to adjust the 

terrace diffusion barrier for Ag/Ag(100) surfaces. For 3D islands under certain simulation 

conditions, (100) surfaces appear to a substantial degree on the sides of the island together with 

(111) surfaces, and should ideally be fully treated as certain peculiarities are known to exist for 

Ag/Ag(100) self-diffusion as well. [56] However, since the focus of the present model is on 

Ag/Ag(111), only the terrace diffusion was treated in order to maintain a manageable level of 

complexity in the simulations. The second correction is rounding up to an integer the number 

of bonds broken as calculated in Eq. 30 (the ⌈ ⌉ brackets). During the iterative process of 

parameterization, diffusion barriers associated with kinks and corners which involved half-

integer values of the NN and NNN difference were consistently underestimated. Instead of 

introducing additional 𝐶𝐵𝑜𝑛𝑑 parameters, rounding up could effectively increase all such 

barriers at once, without affecting those diffusion barriers which do not involve half-integer 

values of the NN and NNN difference. 

 

When diffusing to the overhang position during step-crossing processes, at least one NN bond 

is always broken (e.g., terrace fcc site to overhang hcp site at a B-step), which means that the 

bond counting scheme implicitly accounts for the additional step-crossing or ES-barrier. To 

ensure that the total step-crossing barrier is in line with values reported in the literature, a final 

correction parameter, 𝐶𝑆𝑡𝑒𝑝 is added in place of 𝐸𝐸𝑆 in Eq. 25. This yields the total activation  

                                                 
* These were inspired by the works of Voter, references [56,153]. 
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energy equation 

 𝐸𝐴𝑐𝑡 = 𝐸𝐾𝑖𝑛 + 𝐸𝐵𝑜𝑛𝑑 + 𝐶𝑆𝑡𝑒𝑝, (31) 

in which 𝐶𝑆𝑡𝑒𝑝 [𝑒𝑉] has a value whenever a diffusion process ends in an overhang position and 

zero otherwise. In the atomistic model developed here, 𝐶𝑆𝑡𝑒𝑝 is a negative number as 𝐸𝐵𝑜𝑛𝑑 

tends to overestimate the step-crossing barrier. The conventional interpretation of the ES-

barrier as an additional step-crossing barrier can then be found as 𝐸𝐵𝑜𝑛𝑑 + 𝐶𝑆𝑡𝑒𝑝. 

 

In summary, the present atomistic model of Ag/Ag(111) includes a total of eight free 

parameters. In order to parameterize these, the bond counting scheme was fitted to process 

barriers calculated by NEB in-house and also barriers from references [150,158], for a variety 

of local atomic environments that can be found on an fcc(111) surface. Results from this fitting 

procedure are presented graphically in Figure 17, while the values are tabulated in Table 2. The 

line in the figure is a linear regression of the data points, and for a perfect match, this should 

correspond to the 1:1 line from Figure 16 with no scatter among the data points. It can be seen 

that the slope is sufficiently close to one while some scatter is collected around 0.6 eV. The 

parameters produced by this fitting procedure are 𝐸𝐷 = 0.027 𝑒𝑉/𝑏𝑜𝑛𝑑, 

 𝐸𝐵 = 0.252 𝑒𝑉/𝑏𝑜𝑛𝑑, 𝐶𝑠𝑡𝑒𝑝 = −0.225, 𝐶𝑘𝑖𝑛
𝑓−ℎ

= 0.793* and the previously values for 𝐶𝐵𝑜𝑛𝑑. 

                                                 
* 𝐶𝑘𝑖𝑛

𝑓−𝑓
= 𝐶𝑘𝑖𝑛

ℎ−ℎ = 1 and 𝐶𝑘𝑖𝑛
ℎ−𝑓

= 0.1. 

Figure 17. Graphical comparison of diffusion process barriers as calculated by the bond counting 

scheme and from the reference given in Table 1. Ref a) [150,158], Ref b) [151]. 



3 Kinetic Monte Carlo Simulations - 3.3 Atomistic model 

44 

 

Table 2. Activation energies for diffusion processes in Ag/Ag(111) system; t – terrace, eA – A-type 

edge, eB – B-type edge, c – corner and k – kink. The diffusion path, either directly between fcc sites 

or via an hcp site, is indicated within parenthesis, with f – fcc and h – hcp. 

Activation energy (eV)  

Process 
kMC 

current work 

ADMD 

Refs.  [150,158] 

EMT 

Ref.  [151] 

NEB  

current work 

 

t-t (f-h) 0.065 0.063  0.066  

c-eA (f-h) 0.087 0.072  0.065  

c-eB (f-f) 0.109 0.098  0.109  

eA-eA (f-h) 0.263 0.258 0.275 0.264  

eB-eB (f-f) 0.313 0.302 0.310 0.306  

eA-c (f-h) 0.338   0.327  

eB-c (f-f) 0.361  0.360 0.385  

eA-t (h-f) 0.568   0.651  

eB-t (f-f) 0.585   0.602  

k-eA (f-h) 0.467 0.451 0.470 0.481  

k-eB (f-f) 0.517 0.498 0.540 0.514  

k-c (f-f) 0.590 0.502  0.607  

k-c (f-h) 0.613 0.526  0.560  

k-t (f-f) 0.837   0.835  

Step descent – A 

(f-f) 
0.333 0.333   

 

Step descent – B 

(f-h) 
0.322 0.332   

 

Step ascent – A 

(f-f) 
0.836 0.821   

 

Step ascent – B 

(f-h) 
0.825 0.825   

 

(100) terrace 

diffusion 
0.452 0.448  0.456 
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In order to model a weakly-interacting substrate, two additional parameters, 𝐸𝐷,𝑠𝑢𝑏 and 𝐸𝐵,𝑠𝑢𝑏 

were introduced, which are the surface diffusion barrier (per NN) for a Ag adatom on the 

substrate and the Ag-substrate binding energy (per NN) respectively. This means that 𝐸𝐾𝑖𝑛 and 

𝐸𝐵𝑜𝑛𝑑 for Ag atoms (substrate atoms are frozen during the simulations) become 

 𝐸𝐾𝑖𝑛 = 𝐶𝐾𝑖𝑛 min[∑ 𝐸𝐷,𝑘(𝑁𝑁𝐼𝑛𝑖𝑡,𝑘)𝑘 , ∑ 𝐸𝐷,𝑘(𝑁𝑁𝐹𝑖𝑛,𝑘)𝑘 ] (32) 

and 

 𝐸𝐵𝑜𝑛𝑑 = 𝐶𝐵𝑜𝑛𝑑𝐸𝐵,𝑓𝑖𝑙𝑚 + ∑ 𝐸𝐵,𝑘 (⌈
𝑁𝑁𝐼𝑛𝑖𝑡,𝑘 − 𝑁𝑁𝐹𝑖𝑛,𝑘 +

0.5(𝑁𝑁𝑁𝐼𝑛𝑖𝑡,𝑘 − 𝑁𝑁𝑁𝐹𝑖𝑛,𝑘)
⌉)

𝑘

     𝐸𝐵𝑜𝑛𝑑 ≥ 0 (33) 

where 𝑘 = [𝑓𝑖𝑙𝑚, 𝑠𝑢𝑏]. Notice that 𝐶𝐵𝑜𝑛𝑑 is multiplied specifically by 𝐸𝐵,𝑓𝑖𝑙𝑚, as 𝐶𝐵𝑜𝑛𝑑 is used 

along step edges of the film (the substrate has no steps) and is zero-valued otherwise. To model 

a substrate surface without diffusional asymmetries (such as amorphous SiO2), hcp sites were 

removed from the substrate, which implies 𝐶𝐾𝑖𝑛 is also zero-valued for all diffusion processes 

which involve the substrate as the final site. This produces an isotropic distribution of 

adsorption sites on the substrate and thus isotropic substrate terrace and edge diffusion around 

the base layer of an island as well. Note however that beyond the first atomic layer of film, 

homoepitaxial growth kinetics (i.e., with both fcc and hcp lattice sites) are always applied. 

Figure 18 illustrates schematically the potential energy landscape as calculated by Eqs. 31-33 

surrounding a double-layered island for two different cases of 𝐸𝐵,𝑠𝑢𝑏: i) Ag/Ag(111) 

(homoepitaxy) and ii)  Ag/weakly-interacting substrate. The position along the x-axis is 

calculated based on the NN distance for Ag in the fcc lattice, 𝑎 = 2.89 Å. The effect of assisted 

upwards diffusion on the upwards step-crossing barrier can be seen in both the homoepitaxial 

and weakly-interacting substrate cases (right side of the island, around 42 Å), being equal to 

the edge-detachment barrier for the former (compare to the corresponding unassisted up-

stepping barrier on the left side of the island at 8 Å) and becoming close to zero for the latter. 

This shows that the model should have a minimum value of 𝐸𝐵,𝑠𝑢𝑏 far from zero, below which 

the model behaves unphysically as assisted upwards diffusion becomes explicitly attractive. 

This notion of a minimum 𝐸𝐵,𝑠𝑢𝑏  is also backed by the consideration that a close to zero 𝐸𝐵,𝑠𝑢𝑏 

would mean that sublimation of adatoms from the substrate is very easy, and this is not observed 

for relevant experimental film growth scenarios such as Ag/SiO2, and thus not wanted in the 

present KMC models either. It is interesting to note that if assisted upwards step-crossing were 

to be omitted, a minimum value of 𝐸𝐵,𝑠𝑢𝑏 can still be found when the regular upwards step-

crossing barrier becomes zero. Regular upwards step-crossing is illustrated on the left side of 

the island (around 8 Å) in Figure 18. It can be seen that this barrier becomes smaller than the 
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edge detachment barrier when 𝐸𝐵,𝑠𝑢𝑏 is reduced, meaning that even at high temperatures when 

such detachment is activated, there should be a net flux of atoms diffusing up onto the island 

rather than away from it. This implicit attraction of adatoms onto existing islands, together with 

the assisted upwards diffusion, is intended to mimic the de-wetting of metals when they grow 

on weakly-interacting substrates. 

3.3.4 Validation 

The main method of validating the present atomistic model was to replicate in simulations what 

experimental studies report in the literature regarding the surface morphology of Ag/Ag(111) 

homoepitaxy, in terms of island shapes or terrace edge evolution with or without deposition. 

Simpler validation methods using the mean square displacement of a diffusing atom in different 

environments to check the diffusivity were also used, as mentioned earlier, for diffusion on 

terraces and along step edges. Finally, annealing simulations were used to test the 

implementation of weakly-interacting substrates, for which the Ag-substrate bond energy is 

tuned down to a fraction of the Ag-Ag bond energy. 

 

Figure 18. Potential energy landscapes around a bi-layer island illustrating the difference between strong 

and weak substrate interaction. 
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An example of the MSD simulations used to validate terrace diffusion described earlier is 

shown in Figure 19. In Figure 19a), the trajectories of 64 uncorrelated simulations of a single 

adatom diffusing on a Ag(111) surface are shown, while the mean square displacement 

averaged over all 64 simulations is shown in Figure 19b). Since 𝑀𝑆𝐷 = 2𝐷𝑡 for one-

dimensional diffusion, taking the slope of the line from Figure 19b) allows for back calculating 

𝐸𝐷 using the diffusion equation, Eq. 1. With a simulation temperature of 45 K, 𝐸𝐷 is calculated 

to 0.06953 eV, which is in excellent agreement with theoretical calculations from the literature 

which place 𝐸𝐷 in the range 0.065-0.07 eV (0.097 eV measured experimentally). [26] Since the 

diffusing adatoms traverse both fcc and hcp sites using all four corresponding pathway 

combinations, the fact that the average diffusion barrier is in agreement with the literature 

means that the present atomistic model and the energetics described by the bond counting 

scheme perform correctly with respect to terrace diffusion. Later fine-tuning of the simulation 

parameters including all diffusion processes in Table 2 yielded a slightly lowered  

𝐸𝐷 = 0.06502 eV, which is the value used in the simulations performed for paper V.  

 

As a similar procedure was used to validate edge diffusion, Figure 20 shows the mean square 

displacement for adatoms diffusing along A and B-steps, again averaged over 64 simulations 

each. The adatom was constrained to adhere to the edge, i.e., it was forbidden to detach from 

or cross the step edge, and the simulation temperature was 150 K. Back calculating 𝐸𝐷 results 

in 0.2738 eV for diffusion along the A-step and 0.3167 eV for diffusion along the B-step. Again, 

a) b) 

Figure 19. a) Trajectories of 64 individual simulations of a single atom diffusing on a Ag(111) 

surface. b) the mean square displacement calculated from the trajectory data in a). The diffusion 

constant for terrace diffusion can be found through the slope of the MSD over time. 
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these values changed when later fine-tuning was performed into the values reported in Table 2. 

 

From here on, validation was carried out by replicating experimental results, beginning with 

the effects of corner crossing asymmetry. It is known that at low temperatures (< 300K), fcc 

metals including Ag exhibit asperity growth, i.e., islands grow in a ramified dendritic fashion 

and long stretches of a step edge become rough. With respect to the latter case, corner crossing 

asymmetry will tend to roughen one type of step more than the other; in the case of Pt, the A-

step tends to roughen more than the B-step. [2] As the corner crossing asymmetry is in the same 

direction for Pt and Ag, it is safe to assume that Ag will exhibit a qualitatively similar behavior. 

This was investigated using a simulation containing initially flat A and B-steps, simulated for 

3 s with deposition at 0.1 ML/s and at temperature 275 K. The results are illustrated in Figure 

21, which shows the first and last frames of the simulation. In the bottom panel, it can be seen 

that the A-step shows significantly more roughness than the B-step, thereby validating the 

effective implementation of corner crossing asymmetry. 

 

Next, interlayer mass transport by step crossing is validated by simulating the growth of a Ag 

island on Ag(111) at various temperatures in the range 100-450 K. At low temperatures, atoms 

are expected to be trapped by the step crossing barrier on top of an existing island, leading to 

second layer nucleation and eventually mound formation. In Figure 22, simulated islands are 

shown after 0.5 ML deposited material at a deposition rate of 10 ML/s, with the different layers 

colored based on their height. At 100 K and 200 K, it can be seen that the islands grow by 

Figure 20. Mean square displacement of a single adatom diffusing along an A-step (left panel) and B-

step (right panel). The diffusion constant for step edge diffusion along the two step types can be found 

through the slope of the MSD over time. 
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diffusion limited aggregation (DLA), displaying dendritic island shapes with preferred growth 

of B-type edges. Multiple islands can be seen at 100 K due to increased nucleation from the 

low surface diffusion rate, which thus provides further validation of the treatment of surface 

self-diffusion. From 300 K to 400 K, the island is compact in a strongly distorted hexagonal, 

nearly triangular shape, again with preferred growth in the same directions as was seen at lower 

temperatures. Thus, this validates the treatment of step crossing anisotropy at the two types of 

steps. Finally, at 400 K, which is almost half the melting temperature of bulk Ag, kink sites 

become unstable and the island displays a more rounded shape. At the same time, the 

temperature dependence of interlayer transport can also be seen, as islands are typically 3 layers 

at 100-300 K, while the islands at 400 K and 450 K are single-layered. Furthermore, the top-

layers tend to be centered on the island even if they nucleate at the edge of the underlying layer 

(see, e.g., the topmost layer on the island at 300 K). This results from the net diffusion flux of 

adatoms from large flat areas, which capture more atoms from the deposition flux and feed the 

growing top-layer. Together, these two features validate the treatment of second layer 

nucleation and complete the validation of homoepitaxial growth by the present atomistic model. 

 

To test the implementation of weakly-interacting substrates, only the film-substrate bond 

energy was reduced (𝐸𝐵,𝑠𝑢𝑏 = 0.5𝐸𝐵,𝑓𝑖𝑙𝑚) while 𝐸𝐷,𝑠𝑢𝑏 was kept the same as 𝐸𝐷,𝑓𝑖𝑙𝑚. A 

hexagonal island of monatomic height was created a priori on a weakly-interacting substrate 

on which the hcp-sites were also removed. An annealing or shape relaxation simulation was 

  

Figure 21. Initial and final frames from a simulation of step edge growth at 175 K. Notice that the low 

temperature also induced the nucleation of an island on the right side of the simulation box. 
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then run on the island for 20 ms at 300 K, in an effort to reproduce de-wetting. A good example 

of de-wetting can be found in the work of Krishna et al., who studied laser-annealing of Ag 

films on SiO2. [160] Their annealed films produced a labyrinthine structure from an initially 

smooth film. A time lapse of the simulation is shown in Figure 23, where it can be seen that the 

island breaks up and slightly shrinks its lateral spread already after 1 ms. Atoms at the edges of 

the island begin wandering up onto it, while thermal fluctuations produce holes and aisles 

randomly in across the island, leading to the aforementioned labyrinthine structure. The 

remaining de-wetting process is much slower, but in the last frame at 20 ms, it can be seen that 

the island has compacted itself further by reducing its lateral spread and smoothening the edges 

of the holes and aisles. These results confirm that Ag growth on a weakly-interacting substrate 

is satisfactorily modeled using the atomistic KMC code. 

 

 

Figure 23. Still frames from a simulation of the annealing of a hexagonal Ag island of monatomic height 

on a weakly-interacting substrate. 
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4 Experimental Techniques 

4.1 Deposition 

4.1.1 Magnetron sputtering 

Film deposition is typically performed inside a vacuum chamber, where a material source is 

placed opposite to a collecting substrate (see Figure 24). [161] Magnetron sputtering is a 

physical vapor deposition (PVD) technique, in which the depositing atoms travel along a line-

of-sight trajectory in contrast to chemical methods. In order to generate a vapor of the deposit 

material, noble gas plasma (typically argon, Ar) is be used to induce ion bombardment knockout 

of the source material, hence the source is called a target. The plasma is generated by sending 

Ar gas into the chamber and applying a negative potential (typically several hundred volts) on 

the target. This repels randomly formed free electrons close to the target, which upon collisions 

with Ar atoms causes ionization and further electron generation. The latter effects cause an 

avalanche of Ar ionization which transforms the Ar gas into a quasi-neutral mix of ions and 

Figure 24. Schematic illustration of a magnetron sputtering process showing interactions between 

electrons (e-), neutral Ar atoms (Ar), Ar ions (Ar+), target material atoms (Me) and target material ions 

(Me+). The potential voltages on and around different objects are depicted in the graph to the right. 
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free electrons, i.e. plasma. Because Ar ions are positively charged, they are accelerated towards 

the target and collide with target atoms, transferring energy and momentum so that target atoms 

are “sputtered” out towards the substrate. The sputtering efficiency is amplified by trapping 

electrons close to the target using permanent magnets, hence the name magnetron. The electrons 

are trapped in the magnetic field due to the Lorentz force, causing a local enhancement of Ar 

ionization. This in turn causes groove formation on the target where sputtering occurs 

preferentially, commonly known as race-tracks due to the shape they form on the target surface. 

Self-sputtering may also occur when target atoms become ionized and are attracted back to the 

target with sufficient energy and momentum. However for conventional magnetron sputtering, 

the sputtered flux is mainly consists of neutral atoms. [122] 

 

As electrons are far more mobile than ions in the plasma, these tend to absorb into any surface 

surrounding the plasma, causing the plasma in a vacuum chamber to be positively charged with 

a potential 𝑉𝑝 and forming “sheath” regions close to surfaces where the potential drops from 𝑉𝑝. 

If the surface is not grounded, i.e. electrically floating, an electron density collects and saturates 

on this surface, causing it to become negatively charged with a potential 𝑉𝑓. This is commonly 

the case on the substrate surface. Due to the net loss of electrons at surfaces, new electrons must 

be continuously supplied to keep the plasma alive. This is provided by secondary electron 

emission from the target due to sputtering. 

4.1.2 Pulsed vapor deposition 

Figure 25 illustrates schematically how pulsed power can be implemented experimentally for 

magnetron sputtering. By supplying voltage to the target in pulses, higher powers can be used 

without risking damage to the target or magnets. Since sputtering tends to heat the target, it is 

allowed to cool off in the time periods between pulses. Higher sputtering powers may be desired 

due to its ability to enhance ionization of the target material, which in turn allows the sputtered 

material to be steered by using an electrical bias on the substrate. However, this enhanced 

ionization is also known to cause back-attraction of sputtered atoms towards the target with a 

net effect of lowering the deposition rate. 

 

In the present work, the time-domain effects of a pulsed vapor flux are also of interest, as it has 

been shown that the arrival of sputter material at the substrate possesses the same temporal 

profile as the power applied to the target. [121]  
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4.2 Characterization 

4.2.1 Spectroscopic ellipsometry 

With ellipsometry, the polarization state of light after reflection from (or transmission through) 

a material can be measured since the E-field of the incident light is polarized differently 

depending on its path through the material (see Figure 26). [162,163] This is due to interactions 

between the electromagnetic waves and electrons and ions in the sample which are described 

by the complex dielectric function of the material. Typically, ellipsometry is used to gain 

Figure 25. Schematic depiction of the experimental setup of pulsed magnetron sputtering adapted 

from reference [122]. A DC power supply is connected to the vacuum chamber via a pulse power 

controller. Within this controller, a capacitor bank is charged by the power supply, releasing the 

energy in pulses using high-speed switches.  

Figure 26. Schematic illustration of the interaction between a linearly polarized light beam and a 

sample in ellipsometry. 𝜙 is the variable incidence angle of the light beam. 
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information on optical properties, electrical properties, layer thicknesses and surface and 

interface roughness. Owing to the relatively simple measurement setup and its non-intrusive 

nature, ellipsometry can be used in situ during depositions to monitor the growth evolution of 

a thin film. 

 

In spectroscopic ellipsometry, a sample is irradiated with linearly polarized light of multiple 

energies ranging from the visible to the infra-red part of the electromagnetic spectrum. After 

reflection at sample interfaces, this light generally becomes elliptically polarized. 

Quantitatively, this is represented by the complex ratio 𝜌 between the perpendicular (𝑟𝑠) and 

parallel (𝑟𝑝) components of the reflected light, which can be further expressed by the 

ellipsometry angles Ψ and Δ as 

 𝜌 = 𝑟𝑝 𝑟𝑠⁄ = tan (Ψ)exp (𝑖Δ) (34) 

where tan (Ψ) and Δ express the amplitude and phase of the complex number respectively. 

Depending on the physical properties of a sample, it may be possible to find the dielectric 

function 𝜖(𝜔) by direct inversion of the ellipsometry angles Ψ and Δ. For a simple bulk 

material, an isotropic two-phase model which includes the surrounding air (for ex situ 

measurements) and the material can be used,  

 𝜖 = 𝜖′ + 𝑖𝜖′′ = sin(𝜙2) [1 + ((1 − 𝜌) (1 + 𝜌)⁄ )2 tan2(𝜙)] (35) 

where 𝜙 is the angle of incidence as shown in Figure 26. [162] This gives an exact solution to 

the dielectric function of the bulk material (for the measured energy range). For thin film 

samples, this is not as straight forward. A model needs to be created which takes into account 

all the different layer thicknesses in a sample, from the substrate to the film through any 

eventual intermixed layers of these, as well as the layers optical properties. For each layer, a 

function is defined to model their individual contributions to the total dielectric function of the 

sample, the so-called pseudo dielectric function. In the case of intermixed layers, an effective 

medium approximation (EMA) can be used which averages a set of dielectric functions, one 

for each constituent material. If vacuum or air (collectively known simply as ‘void’) is chosen 

as one of these constituent materials, the EMA can also be used to model surface roughness.  

 

The dielectric function is related to the refractive index 𝑛(𝜔) and extinction coefficient 𝑘(𝜔) 

through  

 𝜖′(𝜔) = 𝑛2(𝜔) − 𝑘2(𝜔) (36a) 

 𝜖′′(𝜔) = 2𝑛(𝜔)𝑘(𝜔) (36b) 
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These frequency-dependent optical parameters and knowledge of the angles 𝜙 allow using the 

Fresnel equations to calculate model 𝑟𝑠,𝑐𝑎𝑙𝑐(𝜔) and 𝑟𝑝,𝑐𝑎𝑙𝑐(𝜔) values, which in turn yield 

𝜌𝑐𝑎𝑙𝑐(𝜔). By comparing 𝜌𝑐𝑎𝑙𝑐(𝜔) to experimental values 𝜌𝑒𝑥𝑝(𝜔) through an error 

minimization procedure, model parameters providing the best match can be found. The final 

model parameters then represent the thin film material properties. 

 

In this thesis, spectroscopic ellipsometry was used in Paper I, Paper II and Paper IV for in situ 

measurements of Ag thin films grown on SiO2 substrates during pulsed vapor deposition. The 

measurement data was then fitted by models described in the papers to find the time evolution 

of the areal coverage, electrical conductivity and height (i.e., thickness) of films deposited under 

different conditions. From the fitting analysis, the percolation and continuous film formation 

thicknesses could be extracted in order to compare the scaling behaviors of these to the scaling 

behavior of the simulated elongation transition thicknesses. 

4.2.2 Atomic force microscopy 

Atomic for microscopy (AFM) is often used to explore the topography of a surface at the atomic 

scale by using a small cantilever with an ideally atomically sharp tip to trace along the surface 

of, e.g., a thin film (see Figure 27). [163] As the tip is scanned across the surface, it is affected 

by forces (electrostatic or van der Waals) from the sample which cause the cantilever to bend. 

Then, by measuring variations in the (vertical) position of the cantilever tip, an atomic height 

profile can be recorded. Different modes of operation can be used with AFM, with the simplest 

mode being known as contact mode. As the name implies, in contact mode the tip is brought as 

Figure 27. Schematic illustration of the principle of atomic force microscopy, where a tip mounted on 

a cantilever is traced along the sample surface, with a laser source and detector monitoring the 

movement of the cantilever due to forces from the sample. 
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close as possible to the sample and simply dragged along its surface. The main drawback of 

this mode is the risk of damaging the sample and/or measuring tip, as well as contaminating the 

measuring tip as it sweeps up any impurities present on the sample surface. When the tip is 

dulled in such ways, the recorded image loses resolution and/or becomes distorted as the 

recording may come from using different parts of the tip. Therefore, non-contact operating 

modes were developed as well, where the cantilever is oscillated at or near its resonant 

frequency just above the sample surface. Forces from atoms in sample surface act on the tip by 

slowing these oscillations, and so if the tip is simultaneously scanned across the sample surface, 

variations in tip oscillation frequency can be translated into topographical information. Finally, 

if AFM is used under atmospheric conditions, the sample surface is likely to be contaminated 

by liquid condensates, most commonly water. In this case, tapping mode can used, where the 

tip is alternately operated in contact (to cut through the condensates) and non-contact mode (to 

avoid damaging the sample). 

 

In this thesis, AFM was used in Paper I to image the surface of films deposited at different pulse 

frequencies, in order to visualize the surface morphology around the percolation and continuous 

film formation stages of growth.
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5 Summary of papers 

Paper I investigates the effect of different pulsing frequencies on the growth evolution of Ag 

films, from nucleation to the formation of a continuous film by means of kMC simulations, in 

situ growth monitoring and ex situ imaging. Based on studies of the film thickness at 

characteristic growth transitions, it is shown that a pulsing frequency exists, below which the 

nominal transition thickness decreases with increasing pulsing frequency and above which the 

thickness stays constant. This behavior is determined to arise from the interplay between the 

pulsed deposition flux, as set by the pulsing frequency, and the time required for island 

coalescence to be completed within a cluster of islands. 

 

Paper II compares simulated and experimental results of Ag films grown on SiO2 substrates 

under a continuous vapor flux. Specifically, the scaling behavior (with deposition rate) of the 

elongation transition thickness from kMC simulations are compared to the experimentally 

determined scaling behaviors of the percolation and continuous film formation transition 

thicknesses. Two growth regimes are identified in both simulations and experiments, which 

have been called the coalescence-controlled and coalescence-free growth regimes. The latter 

regime arises when coalescence is effectively hindered due to rapid lateral island growth caused 

by a combination of high deposition rate 𝐹 and substrate diffusivity 𝐷, for a given coalescence 

rate determined by the parameter 𝐵. Based on detailed studies of the rates of coalescence and 

island growth extracted from the kMC simulations, a theoretical framework is proposed that 

can predict the critical deposition rate 𝐹𝑐𝑟𝑖𝑡 that for given 𝐷 and 𝐵 values will cause a crossover 

between the two growth regimes. 

 

Paper III extends the theoretical treatment of Paper II to apply for pulsed vapor fluxes and 

serves as an additional theoretical treatment of the results found in Paper I. Since multiple 

deposition rate parameters exist for pulsed deposition that affect film nucleation in different 

ways depending on the temporal profile of the flux, three different expressions are derived for 

the critical frequency 𝑓𝑐𝑟𝑖𝑡 (corresponding the 𝐹𝑐𝑟𝑖𝑡 in the continuous case) that will cause a 

crossover from coalescence-controlled to coalescence-free growth regimes. Again, these are 

functions of the substrate diffusivity 𝐷 and the coalescence rate parameter 𝐵, but also pulse 

parameters such as the pulse on-time 𝑡𝑜𝑛 and the instantaneous deposition rate 𝐹𝑖 within a pulse. 

It is shown that these expressions each correspond to one of the three nucleation regimes 
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typically found in pulsed vapor deposition. The theoretical results are compared to kMC 

simulations of pulsed vapor deposition for different combinations of the parameters mentioned 

thus far, i.e. 𝐷, 𝐵, 𝑓, 𝑡𝑜𝑛 and 𝐹𝑖 with excellent agreement between theoretically predicted 𝑓𝑐𝑟𝑖𝑡 

values and simulated crossover values. 

 

Paper IV describes a method to determine the elongation transition thickness (𝜃𝐸𝑙𝑜𝑛𝑔) 

experimentally, through indirect measurement means. Preliminary experimental work by Dr. 

Viktor Elofsson, later confirmed by kMC simulations, showed that the different transition 

thicknesses could be affected by depositing the film in two steps with different deposition rates. 

However, this only works if the change of deposition rate is made before the growing film has 

reached the elongation transition. By tracking the continuous film formation thickness for a set 

of films for which the deposition rate change is made at different times, it was possible to 

determine the point where the deposition rate change ceased to have an effect, and this point 

was taken to be the elongation transition. In this way, 𝜃𝐸𝑙𝑜𝑛𝑔 was determined for a series of 

deposition rates for the purpose of experimentally validating the scaling laws put forth by the 

theory of MOI film growth. It was found that the scaling behavior of 𝜃𝐸𝑙𝑜𝑛𝑔 for Ag deposited 

on SiO2 follows the theory, producing an exponent of -1/3 for coalescence-controlled growth 

and close to 0 for coalescence-free growth. Using these measurement results, the surface 

diffusion barrier for Ag on SiO2 was determined to the range 0.085 − 0.144 𝑒𝑉 while the 

coalescence completion rate was determined to be 1.58×10−28 𝑐𝑚4/𝑠. The diffusion barrier 

value is on the lower end of previous estimates while the coalescence rate is in fair agreement 

with previous findings. 

 

Paper V presents simulations of the dynamic evolution of single-island shapes during 

deposition of Ag on weakly-interacting substrates. The results show that 3D island shapes 

evolve in a self-similar manner, exhibiting a constant height-to-radius aspect ratio as a function 

of the growth temperature.  The results also reveal a chain of atomic-scale events leading to 

compact 3D island shapes: 3D nuclei are first formed due to facile adatom ascent at single-layer 

island steps, followed by the development of sidewall facets bounding 3D islands, which in turn 

facilitates upward diffusion from the base to the top of the island.  Finally, it was found that the 

limiting atomic process which determines the final island height is the temperature-dependent 

rate at which adatoms cross from sidewall facets to the island top.  
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6 Outlook 

There are many ways to continue the work presented in this thesis. Measurement methodologies 

have been demonstrated which allow finding physical properties of film growth for metals-on-

insulators and potentially other related material systems. Many of these properties are not 

reported in the literature, and thus an obvious route is to pursue the measurement of material 

systems beyond Ag/SiO2. Such measurements will also serve to further solidify the theoretical 

framework of metal film growth on weakly-interacting substrates, which is not thoroughly 

studied and, in my opinion, somewhat forgotten by the scientific community. This in turn adds 

to the understanding we have of metals growing on the broader class of weakly-interacting 

substrates, which also includes semiconducting and semimetal substrates.  

 

With a deeper insight into the atomic processes governing the morphological evolution of a 

growing film, it should be possible to manipulate the growth in order to achieve specific goals, 

such as lower complete film formation thickness or a specific grain size distribution. This can 

be done in the form of selectively adding surfactants to target specific stages of film formation 

or further manipulating the deposition flux beyond using a pulsed vapor flux. For instance, 

pulsing slowly during the nucleation stage may lower the island density, but then increasing the 

pulsing rate during the coalescence growth stage may limit the amount of coalescence, which 

should lead to a film with large grains with a very uniform grain size distribution. 

 

The further development of simulation models is another important aspect of continuation. 

Ultimately, this is what generates in-depth knowledge of the physics underlying thin film 

growth, both through the process of model development as well as through the analysis of 

simulated results. One way to pursue this would be to refine the existing models, e.g., by 

implementing multi-scale modelling which combines kMC with other methods such as 

molecular dynamics or density functional theory. In parallel, the models may be expanded to 

describe the growth kinetics of other materials. This includes using other fcc metals as deposit 

material, but it would also be interesting to try other substrate surface configurations, e.g., a 

patterned surface. 

 

In summary, this study contributed to understanding the growth of metals on weakly-interacting 

substrates such as metals-on-insulators. This field has received limited interest from the 

scientific community, as compared to the field of metal epitaxial growth, and it is my hope that 
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this work will serve to raise interest in broader research on metal film growth on weakly-

interacting substrates.
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