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Abstract 

Materials intended for disposal of spent nuclear fuel require a particular combination of physical 
and chemical properties. The driving forces and mechanisms underlying the material’s behavior 
must be scientifically understood in order to enable modeling at the relevant time- and length-
scales. The processes that determine the mechanical behavior of copper canisters and iron inserts, 
as well as the evolution of their mechanical properties, are strongly dependent on the properties 
of various defects in the bulk copper and iron alloys. Formation and migration of point defects 
(vacancies, interstitial atoms, and impurities) causes microscopic segregation and precipitation 
phenomena in materials under aging or irradiation. Density and mobility of line defects 
(dislocations), as well as their interactions with other defects, determine the plastic properties of 
the material. 

The first part of the present thesis deals with precipitation in the cast iron insert. A nodular cast 
iron insert will be used as the inner container of the spent nuclear fuel. Precipitation is 
investigated by computing effective interaction energies for point defect pairs (solute–solute and 
vacancy–solute) in bcc iron using first-principles calculations. The main considered impurities in 
the iron matrix include 3sp (Si, P, S) and 3d (Cr, Mn, Ni, Cu) solute elements. By computing 
interaction energies possibility of formation of different second phase particles such as late 
blooming phases (LBPs) in the cast iron insert is evaluated. The results of first-principles 
calculations reveal that strong attractive interactions exist between 3sp elements with vacancies. 
These strong vacancy–solute bindings may cause solute clustering and formation of concentrated 
defect arrangements leading to precipitation of late blooming phases in the bcc Fe. 

The second part is devoted to the fundamentals of dislocations and their role in plastic 
deformation of metals. Deformation of single-crystal copper under high strain rates is simulated 
by employing dislocation dynamics (DD) method to examine the effect of strain rate on 
mechanical properties as well as dislocation microstructure development. DD results show that 
flow stress increases with rate of deformation in the considered range of strain rate. In addition, 
the extent of strain induced heterogeneity in the dislocation microstructure increases with plastic 
strain and rate of deformation. 

Creep deformation of copper canister at low temperatures is studied. The copper canister will be 
used in the long-term storage of spent nuclear fuel as the outer shell of the waste package to 
provide corrosion protection. A glide rate is derived based on the assumption that at low 
temperatures it is controlled by the climb rate of jogs on the dislocations. Using DD simulation 
creep deformation of copper at low temperatures is modeled by taking glide but not climb into 
account. It is shown that creep based on pure glide can reach a quasi-stationary condition which 
indicates that creep at low temperatures can be controlled by glide alone. Moreover, effective 
stresses acting on dislocations are computed using the data extracted from DD simulations. It is 
demonstrated that along the loading direction internal stress is at the same level of applied stress. 
Furthermore, the effect of an abrupt change in the applied stress is studied. The computed 
effective stresses after the stress drop reveals that the internal stress in the loading direction is 
identical to the applied stress also directly after an abrupt reduction in the applied stress. This 
indicates that the internal stress immediately adapts to the new stress level. 

Keywords: 

Cast iron insert, First principles calculations, Point defects, Effective interaction energy, Late 
blooming phase, Dislocation dynamics, High strain rate deformation, Single-crystal copper, 
Heterogeneous microstructure, Copper canister, Creep, Glide, Internal stress  
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Sammanfattning 

Material som är avsett för slutförvaring av använt kärnbränsle kräver en särskild kombination av 
fysiska och kemiska egenskaper. Drivkrafterna och mekanismerna som ligger bakom materialets 
beteende måste förstås vetenskapligt för att möjliggöra modellering vid de aktuella tids- och 
längdskalorna. De processer som bestämmer det mekaniska uppträdandet hos de kopparkapslar 
och gjutjärninsatser som kommer att användas vid deponeringen, är beroende av egenskaperna 
hos olika defekter i koppar och järnlegeringar. Bildning och migration av punktdefekter (vakanser, 
interstitiella atomer, och föroreningar) orsakar mikroskopisk segregering och utskiljningsfenomen 
i material under åldring eller bestrålning. Täthet och rörlighet hos linjedefekter (dislokationer), 
såväl som deras växelverkan med andra defekter, bestämmer de plastiska egenskaperna hos 
materialet. 

Den första delen av föreliggande avhandling handlar om utskiljningar i gjutjärnsinsatsen. En 
segjärnsinsats kommer att användas som den inre behållaren för det använda kärnbränslet. 
Utskiljningarna undersöks genom att beräkna de effektiva interaktionsenergierna för 
punktdefektparen (löst ämne–löst ämne och vakans–löst ämne) i bcc järn. Föroreningarna i 
järnmatrisen innehåller 3sp (Si, P, S) och 3d (Cr, Mn, Ni, Cu) lösta element. Genom beräkning av 
interaktionsenergier kan bildningen av olika faser, såsom sent blommande faser (LBPs) i 
gjutjärnsinsatsen utvärderas. Resultaten av ab initio beräkningar visar att stark attraktiv 
växelverkan existerar mellan 3sp elementen och vakanser. Dessa bindningar kan orsaka klustring 
och bildning av koncentrerade defektarrangemang som leder till utfällning av sent blommande 
faser i bcc Fe. 

Den andra delen ägnas åt dislokationer och deras roll vid plastisk deformation av metaller. 
Deformation av enkristaller av koppar under höga töjningshastigheter simuleras genom 
användning av dislokationsdynamik (DD) för att undersöka effekten av töjningshastigheten på 
mekaniska egenskaper såväl som dislokationsmikrostrukturens utveckling. DD resultaten visar att 
flytspänningen ökar med deformationsgraden i det betraktade intervallet av töjningshastigheter. 
Dessutom ökar heterogeniteten i dislokationsfördelningen med den plastiska töjningen och 
deformationshastigheten. 

Krypdeformation av kopparkapseln vid låga temperaturer har studerats. Kopparkapseln kommer 
att användas vid långtidsförvaringen av använt kärnbränsle som det yttre skyddet mot korrosion. 
Glidhastigheten hos dislokationer har härletts baserat på antagandet att den styrs av klättrings-
hastigheten hos joggar på dislokationerna. Med användning av DD simuleras krypdeformationen 
av koppar vid låga temperaturer genom att ta hänsyn till glidning men inte till klättring. Det visas 
att krypning baserat på enbart glidning kan nå ett kvasi-stationärt tillstånd. Detta verifierar att 
krypning vid låga temperaturer kan ske enbart genom glidning. Dessutom har de effektiva 
spänningar som verkar på dislokationerna beräknats med hjälp av data som extraherats från DD 
simuleringarna. Det visas att längs belastningsriktningen är den inre spänningen på samma nivå 
som den pålagda spänningen. Vidare studerades effekten av en plötslig förändring av den pålagda 
spänningen. De beräknade effektivspänningarna efter spänningsfallet visar att den inre 
spänningen i belastningsriktningen är identisk med den pålagda spänningen också direkt efter en 
abrupt minskning av den pålagda spänningen. Detta tyder på att den inre spänningen anpassar sig 
omedelbart till den nya spänningsnivån. 
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Chapter 1 Introduction 

1.1 Background 

The KBS-3 method for disposal of spent nuclear fuel in Sweden has been developed by the 
Swedish Nuclear Fuel and Waste Management Company, SKB. According to this method, the 
nuclear waste produced by operating power plants will be stored in CLAB, a central interim 
storage facility for a time period of 30-40 years. After the initial short-term storage in CLAB the 
spent nuclear fuel will be moved to a final repository. In the disposal phase the nuclear waste will 
be placed in a nodular cast iron insert surrounded by a copper canister. The cast iron inner 
container will be composed of quadratic channels for emplacement of nuclear fuel along with a 
separate lid made of structural steel. The main role of the load-bearing cast iron insert is to 
provide mechanical strength to the waste package, and to prevent leakage of spent nuclear fuel to 
the environment. The cylindrical canister with an approximately 1 m diameter, 5 m length and a 
wall thickness of 50 mm will be made of oxygen free copper with an addition of about 50 ppm 
phosphorus, Cu-OFP. The copper canister will provide corrosion protection to the waste 
package. 

The waste package will be placed 500 m below ground surrounded by a bentonite clay buffer and 
the bedrock. See Figure 1.1. Three-barrier protective system consisting of canister, bentonite 
buffer and the crystalline bedrock will ensure a safe long-term storage of the spent nuclear fuel in 
the final repository. The expected lifetime of the canisters is at least 100 000 years. Figure 1.1 
demonstrates the spent nuclear fuel encapsulated inside the canister and subsequent disposal of 
the waste package in the repository. 

 

Figure 1.1. Spent nuclear fuel inside the copper-iron container and its subsequent disposal in the final repository.  

In the final repository the cast iron insert containing spent nuclear fuel will be exposed to gamma 
radiation emitted from the fuel. This long-term exposure to radiation will produce radiation 
defects in the insert material, and their interaction with the solute atoms may lead to the 
formation of various second phase particles in the bcc iron matrix. Irradiation-stimulated solute 
clustering and precipitation may cause hardening and embrittlement leading to brittle failure of 
the cast iron insert. Thus, precipitation in cast iron insert should be investigated to understand 
the possibility of formation of various particles in the nuclear waste holder during long-term 
repository. 
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Over the course of disposal period the copper canister will be initially subjected to temperatures 
of up to 100 ˚C; however, the temperature will be gradually reduced. In addition, the canister will 
be exposed to an external pressure of approximately 15 MPa from the neighboring bentonite clay 
and the groundwater. Under such conditions the copper canister will undergo creep deformation 
thereby the gap of 1-2 mm between the canister and cast iron insert will be gradually closed. 
Therefore, investigation of low temperature creep deformation is needed to understand 
mechanisms involved in creep of the copper canister. 

1.2 Research objectives 

The present thesis work is divided into two main parts. In the first part precipitation in cast iron 
insert is investigated using first-principle calculations. By computing effective interactions 
between point defects in bcc iron possibility of formation of various types of second phase 
particles is evaluated. 

In the second part the fundamentals of linear defects, i.e., dislocations, are reviewed and a 
computational methodology so called “dislocation dynamics (DD) method” is introduced. Using 
dislocation dynamics simulations the plastic deformation of single-crystal copper under high 
strain rates is investigated. In addition, by employing DD technique low temperature creep 
deformation in copper is simulated to evaluate mechanisms involved in creep at low 
temperatures.  

1.3 Structure of the thesis 

The present thesis is organized into 7 chapters. Chapter 1 is the introduction chapter where an 
overall view of the thesis is presented. In Chapter 2 point defect interactions in bcc iron are 
discussed and the results of first-principle calculations are presented. Chapter 3 gives a brief 
introduction into dislocations, and the role of these line defects in plastic deformation of 
crystalline solids is reviewed. Chapter 4 is devoted to the discrete dislocation dynamics method, 
and the main ingredients of this numerical modeling technique are explained. In Chapter 5 plastic 
deformation of single-crystal copper at high strain rates is discussed and the obtained DD 
simulation results are presented. Low temperature creep deformation in copper is investigated in 
Chapter 6 and results of DD simulations of creep deformation are presented. Finally, the 
conclusions of the current thesis work are provided in Chapter 7. 
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Chapter 2 Precipitation in cast iron insert 

2.1 Background 

Light water reactors generate a large majority of the world’s nuclear energy [1]. During operation 
of these reactors, the container of the nuclear reactor known as reactor pressure vessel (PRV) is 
exposed to high level of radioactive radiation caused by fission of atoms in the nuclear fuel. 
Bombardment of vessels by high energy neutrons leads to displacement of atoms from their 
lattice sites leading to substantial increase in the number of point defects i.e., vacancies and 
interstitial atoms. Formation of displacement cascades or vacancy-interstitial (Frenkel) pairs and 
subsequent migration of the radiation-induced defects in the crystal lattice may lead to clustering 
of some alloying elements in PRV steels. For example, precipitation of Cu particles in PRV steels 
which is significantly accelerated under irradiation is a well-known problem that occurs as a result 
of increase in diffusivity of copper with vacancy concentration. Mechanical properties of the 
RPV steels under neutron irradiation are greatly affected by the formation of nanometer-sized 
copper precipitates; considerable increase in hardness and severe embrittlement have been 
reported [2]. 

In addition to the precipitation of copper, Odette et al. [1–3] predicted that at very high-fluence 
irradiation of RPV steels large mole fraction of nanoscale Ni-Mn-Si (NMS) precipitates, so called 
late blooming phases (LBP), would form [4]. Formation of these complex intermetallic 
compounds after long-term irradiation may lead to sudden and unexpected increase in hardness 
and a subsequent embrittlement of the reactor steels which has been experimentally confirmed 
[5–9]. Experimental observations show that nanometer-sized NMS clusters may form at lattice 
defects such as dislocations and grain boundaries in reactor steels [5]. While formation of late 
blooming phases has been experimentally observed, the exact structure and composition of these 
phases are under debate.  

Along with experimental tests, formation of Ni-Mn-Si rich (NMS) clusters in Fe-based solutions 
with extra Si and P impurities has been predicted by Ngayam-Happy et al. [10] by means of first 
principle-based atomistic kinetic Monte Carlo modeling. Moreover, Xiang et al. [4] examined 
formation of thermodynamically stable NMS precipitate from Fe-based solid solutions using the 
CALculation of PHAse Diagram (Calphad) method [11]. 

In recent studies conducted by Brissonneau et al. [12,13] a similar ageing process was reported for 
the cast iron insert used for long-term storage of spent nuclear fuel. The study shows while 
radiation activity is lower in nuclear waste than in reactor pressure vessel, long-term gamma-
radiation emitted from spent nuclear fuel will lead to precipitation of small copper particles in 
cast iron insert. As a result, yield strength of the nuclear fuel holder will increase leading to 
enhancement of ductile to brittle transition temperature (DBTT) of approximately 50 K over 20 
to 100 years.  

Due to the long-term exposure of cast iron insert to radiation in addition to copper precipitates 
various particles such as late blooming phases may form during the storage period of nuclear 
waste. Since the cast iron insert plays a key role in providing mechanical strength to the waste 
package, as well as preventing leakage of the spent nuclear fuel to the environment, a thorough 
investigation of precipitation in cast iron insert based on its composition, see Table 2.1,  as well 
as irradiation conditions is needed. 

In this chapter which is based on the results presented in Supplements II and IV precipitation in 
cast iron insert is studied by means of first-principles calculations, and stability of LMP phases is 
discussed. To do so, effective interaction between point defects i.e., solute–solute and solute–
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vacancy interactions in α-Fe are predicted for systematic analysis of the formation of various 
point defect arrangements that can then evolve into precipitates of metastable or stable phases in 
the alloy matrix [14]. 

Table 2.1 The chemical composition of nodular cast iron insert as spent nuclear fuel holder (%) [15]. 

Elements Fe Cu C Si Mn P S Ni Mg 

Technical 
Specification 

>90 0.05 3.2–4.0 1.5–2.8 0.05–1.0 0.08 0.02 2.0 0.02–0.08 

2.2 Methodology 

The types of bonding between the atoms play a key role in determining materials behavior. Each 
primary type of interatomic bonding whether metallic, covalent, ionic is associated with a 
different distribution of electrons around the nuclei. For example, electronic distribution of 
covalent bonds is localized and directional; however, metallic systems have delocalized 
distribution of electrons resembling electron cloud. Thus, prediction of electronic distribution is 
essential for accurate description of interatomic bonding in a material thereby to determine 
material properties. Electronic structure methods are widely used techniques to calculate 
electronic distribution in materials. In what follows the theoretical background of these methods 
is briefly described.  

2.2.1 Multi-electron system 

The Schrödinger equation [16] is the basis for quantum mechanical description of a realistic 
many-body system with arbitrary number of electrons and nuclei. For a system of n electrons and 
N nuclei this equation takes the following form: 

    1 N 1 n 1 N 1 n 1 N 1 n
ˆ ( , ..., ; , ..., ) ( , ..., ; , ..., ) E ( , ..., ; , ..., )R R r r R R r r R R r r   (2.1) 

where Ĥ is the Hamiltonian operator, Ψ is the wave function and E is the energy. R and r 
represent the coordinates of nuclei and electrons, respectively. 

The time-independent Hamiltonian for the considered multi-body system can be written as 
follows: 

 R r
R R R r r rI i

22 2 2 2N N N n N n n n
I J2 2 I

I I J I j i jI 1 I 1 J 1 i 1 I 1 j 1 i 1 j 1
I J i j

Z Z e1 Z e 1 e
Ĥ

2M 2 | | 2m | | 2 | |
       

 

       
  

      (2.2) 

where , M, m, Z and e denote Planck constant, the masses of nucleus and electron, and the 
charges of nucleus and electron, respectively. The first two terms in the right hand side of the Eq. 
(2.2) represent kinetic and energy of nuclei and the nucleus-nucleus interaction. In addition, the 
last three terms denote kinetic energy of electrons, nucleus-electrons and electron-electron 
interactions. 

The solution for the Schrödinger equation gives us the wave function and energy of the many-
body system leading to a through description of the electronic structure of materials. However, 
for a realistic multi-electron system the Schrödinger equation cannot be solved analytically hence 
a set of approximations should be made. The first approximation to simplify the Hamiltonian of 

a many-body system is based on the Born ̶ Oppenheimer [17] approximation. 

Due to the fact that masses of nuclei are substantially larger than those of electrons, electrons 
move significantly faster than nuclei which results in instantaneous response of electrons to any 
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change in the position of atoms. In the other words, electrons view the nuclei as fixed and static 
particles. Therefore, for electronic structure calculations the kinetic energy of nuclei, i.e., the first 
term in Eq. (2.2) can be neglected. Also, potential energy of nuclei, i.e., the second term, which is 
just a constant for a given configuration of nuclei, can be omitted for the time being leading to a 
separate and relatively simpler Hamiltonian for the electrons: 

 
ir

i j
R r r r

2 2 2n N n n n
2 I

I j i ji 1 I 1 j 1 1 1
i j

Z e 1 e
Ĥ

2m | | 2 | |
    



    
 

     (2.3) 

The second term in the right hand side of Eq. (2.3) represents the electrostatic potential from the 

nuclei which acts on electron i and is referred to as external potential rext iv ( ) . 

While employing Born ̶ Oppenheimer approximation considerably simplifies the Schrödinger 
equation, the presence of electron-electron interaction, i.e., the last term in the right hand side of 
Eq. (2.3) makes the Schrödinger equation still unsolvable. Hence, further approximations should 
be introduced. 

Classes of methods 

Various methods exist for solving the Schrödinger equation in electronic structure calculations. 
For example, the wave function-based methods where an approximate wave function is 
constructed to be used with electronic Hamiltonian, i.e., Eq. (2.3) thereby to determine the total 
energy of the system by means of the Schrödinger equation. Hartree-Fock method [18] belongs 
to this class of methods where the total wave function of a multi-electron system is approximated 
as a product of the single-electron wave functions. While in this technique the constructed wave 
functions are antisymmetric with respect to the exchange of electrons, the correlation energy 
which accounts for the energy associated with the motions of electrons being correlated is 
neglected [19]. To tackle this problem post Hartree-Fock methods (namely, single-reference 
methods, multirefrence methods and explicitly correlated methods) have been developed during 
the last decades to include the electron correlation energy in the electronic structure calculations. 
The details of these methods can be found in Ref. [20].  

Although the Hartree-Fock method was the main technique used for decades particularly in 
quantum chemistry, this technique has been greatly replaced by an alternative approach with a 
foundation in quantum mechanics so called density functional theory (DFT). In what follows a 
brief description of this theory is presented. 

2.2.2 Density Functional Theory 

The fundamental quantity of DFT is electronic density which is used as the main variable for 
electronic structure calculations. The concept of writing energy of a many-body system in terms 
of its electronic density was first separately introduced by Thomas [21] and Fermi [22] in 1927. 
However, it was Hohenberg and Kohn [23] who in 1964 developed a remarkable theorem to 

demonstrate that total energy of a multi-particle system under an external potential rext iv ( )  can 

be precisely written as a functional of a physically observable quantity known as electron density. 
Electronic density is a measurable quantity which indicates the probability of finding an electron 
at point r. Hohenberg and Kohn showed that the density which minimizes E[ ]  is the ground-

state electronic density and that other ground state properties are also functional of the ground-
state density [19]. 
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Kohn-Sham Method 

Most of the DFT calculations performed today are based on Kohn-Sham (KS) [24] method. In 
Kohn-Sham approach a many-body system with interacting electrons is replaced by a fictitious 
system with non-interacting electrons. The main feature in the KS fictitious system is that 
electronic density of the system is the same as in the many-body system of interacting electrons. 
The total energy of the system as a functional of electronic density is written as 

       ee extE[ ] T[ ] V [ ] v ( ) ( )dr r r   (2.4) 

where the first two terms in right hand side of Eq.(2.4) represent the electronic energies in the 
form of kinetic and the interaction energy between the electrons. In addition, the last term 
denotes the external potential resulting from interaction between nuclei and electrons. The 

interaction energy between electrons, eeV [ ]  is defined as sum of the classical electrostatic 

Coulomb energy, i.e., J[ ]  and an exchange correction term as follows 

       ee eeV [ ] J[ ] (V [ ] J[ ])   (2.5) 

where J[ ]  is calculated by taking an integral over the electronic distribution such that 

 
 

 


1 2
1 2

2 1

1 ( ) ( )
J[ ] d d

2 |

r r
r r

|r r
  (2.6) 

To evaluate the total energy of the system, E[ ] , the kinetic energy functional T[ ] and correction 

term   ee(V [ ] J[ ])  should be approximated. 

According to KS method, electronic density of a system with n electrons is given as follows:  

 


  
n

2

i

i 1

( ) | ( )|r r   (2.7) 

where  i ( )r represents non-interacting single-electron wave function. As electronic density is 

evaluated using Eq. (2.7) the kinetic energy functional is given as follows 

 


       
2n

2

KS i i

i 1

T [ ] | |
2m

  (2.8) 

According to Eq. (2.8) the kinetic energy functional is evaluated using approximated single-
electron wave functions. The total energy in Eq.(2.4) now can be rewritten as 

         KS xc extE[ ] T [ ] J[ ] E [ ] v ( ) ( )dr r r   (2.9) 

where xcE [ ] is referred to as exchange-correlation functional and is defined as 

         xc KS eeE [ ] T[ ] T [ ] V [ ] J[ ]   (2.10) 

The KS method implements an iterative solution to compute the total energy of the system based 
on the initial approximated wave functions. Detailed description of  this approach can be found 
in Ref. [19]. 
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Approximation of exchange-correlation energy 

The two most common methods used in electronic structure calculations to evaluate exchange-
correlation energy i.e., Eq. (2.10) are known as local-density approximation (LDA) and 
generalized gradient approximation (GGA). 

In the LDA method the inhomogeneous electron density is assumed to be locally homogenous. 
Due to the fact that for solid metals a local homogenous electron density can be safely assumed, 
using the LDA method for approximation of exchange-correlation energy in solid-state physics 
enables considerably accurate prediction of important materials properties. However, this 
technique always tends to produce electronic densities which are more homogeneous than the 
true densities and it tends to overestimate the binding energy in molecules and the cohesive 
energies of solids [20]. 

In the GGA technique the inhomogeneities in electron density distribution are taking into 
account by considering the gradient of electron density. Following this approach the exchange-

correlation energy xcE  takes the form as follows 

 r rxc xcE ( ) ( , )dє      (2.11) 

where r( ) represents the gradient of the electron density r( ) . Using GGA method yields 

more accurate description of chemical bonding in comparison with LDA technique. In addition, 
ground-state energy of solids can be computed more accurately by employing GGA technique. 

2.3 Interaction between point defects in bcc Fe 

Understanding the interactions between point defects, e.g., solute–solute or solute–vacancy 
interactions is essential for assessment of the impurity diffusion along with investigation of 
second phase formation in a matrix. In the case of long-term storage of nuclear waste knowledge 
of effective interaction between point defects in Fe-based insert could shed light into response of 
nodular cast iron insert to irradiation helping us to evaluate radiation effects on the mechanical 
properties of the nuclear waste holder. 

2.3.1 Computation of effective interaction energies between point defects  

The total energy of a many-particle system and in most cases the forces on the particles i.e., 
atoms are computed using ab initio calculations. Once the total energies and the forces on the 
atoms are calculated, a large number of important material properties can be predicted by means 
of the obtained total energies. For example, elastic constants and bulk modulus of crystalline 
solids along with their response to an applied strain can be computed. Moreover, various types of 
energies such as grain boundary, stacking fault and point defect energies can be evaluated. This 
subsection presents a procedure for calculation of effective interaction energies for point defect 
pairs by means of total energies obtained from first-principles calculations.     

Effective interaction energies between point defects (substitutional solutes along with vacancies) 
were calculated by considering the individual point defects as well as defect pair in a 128-site 
supercell attained by the 4 ⨉ 4 ⨉ 4 repetition of a bcc unit cell. Within the supercell the defect 
pair were placed at the distance of the i-th coordination shell radius (i = 1, 2, 3) relative to each 
other. See Figure 2.1. Due to the relatively weak interaction between point defects beyond third 
coordination shell in the present study only first three coordination shells are taken into account 
in calculation of interaction energies. The effective interaction energy between the two point 
defects A and B for the i-th coordination shell Vi was computed as follows 

 AB; AB; 0 A BV V E E E E    i i i   (2.12) 
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where AB;E i defines the total energy of a supercell containing two defects A and B at a distance of 

i-th coordination shell radius relative to each other. In addition, 0E represents the total energy of 

a supercell without any defect while AE and BE denote the total energy of supercells containing 

single point defects A and B, respectively. The total energies were computed within the 
generalized gradient approximation (GGA). In the present framework, interaction energy 
between the two defects could take either a negative sign indicating an energetically favorable 
attractive interaction between the defects or a positive sign representing a repulsive interaction 
between them. 

In the calculations, we used the possibility to consider the point defects (and the atoms around 
them) at the exact lattice site positions in the bcc structure of iron, to obtain so-called “unrelaxed” 
energies and unrelaxed interactions using Eq. (2.12). Then the internal structural parameters were 
optimized for each supercell, by letting the atoms move, according to the forces acting on them, 
to the relaxed atomic positions. With the energies of such supercells used in Eq. (2.12) we obtain 
effective pair interactions hereafter referred to as “relaxed”.  

 

 

 

 

  

(a) (b) 

Figure 2.1. (a) First five coordination shell radii in the bcc lattice (red color corresponds to the separation distance 
considered in the present study). (b) First two coordination shells of atoms (gray balls) around an impurity (blue ball) 
bound to a vacancy (glass ball) in the bcc lattice. Red sticks demonstrate possible non-dissociate vacancy jumps 
around the impurity [25].  

2.3.2 Simulation results of solute–solute interactions 

The calculated effective interaction energies between two like solute atoms in bcc Fe are given in 
Table 2.2 for the first three coordination shells. The interaction energies were computed using 
pseudopotentials of projected augmented wave (PAW) method type [26] implemented in the 
Vienna ab initio simulation program (VASP) [27] and the supercell approach described in  
subsection 2.3.1. The projector augmented wave (PAW) method developed by Blöchl [26] is an 
all-electron frozen core method where the space is divided into two core and interstitial regions. 
In the core region the true wavefunctions are represented by means of partial waves, however, in 
the interstitial region the true wavefunctions are described using plane waves. Expanding the 
wavefunctions in the core region by means of partial waves leads to considerable reduction in the 
computational cost.  
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The results of PAW-VASP calculations (with and without relaxation of the atomic positions) are 
compared with the results of previous ab initio studies. Positive and negative sign of the 
interaction energies represent repulsion and attraction, respectively, within the defect pair. For 
the present analysis, we have selected the solute elements that are known to take part in the 
formation of NMS precipitates in RPV steels. Computed pair interactions for a fuller list of 
solute elements in the Fe matrix are presented and discussed in Supplement II. 

Table 2.2 The predicted effective interaction energies (eV) between two like solute atoms in bcc Fe matrix. The 
calculated interaction energies are for a number of 3sp and 3d elements are compared with results of previous ab initio 
calculations. 

 

CS 

 

ab initio  calculations 

 

Si 

 

P 

 

S 

 

Cr 

 

Mn 

 

Ni 

 

Cu 

 

 

 

1 

 

PAW-VASP (relaxed) 

PAW-VASP (unrelaxed) 

 

 

+0.30 

+0.42 

 

+0.12 

+0.65 

 

-0.54 

+0.44 

 

+0.27 

+0.33 

 

+0.13 

+0.14 

 

+0.08 

+0.08 

 

-0.22 

-0.20 

[28] +0.30 +0.22 -0.50     

[29,30]    +0.24 -0.08 -0.02 -0.25 

 

 

 

2 

 

PAW-VASP (relaxed) 

PAW-VASP (unrelaxed) 

 

 

+0.18 

+0.24 

 

+0.07 

+0.31 

 

-0.23 

+0.11 

 

+0.14 

+0.14 

 

+0.14 

+0.14 

 

+0.02 

+0.02 

 

-0.06 

-0.05 

[28] +0.13 +0.03 -0.24     

[29,30]    +0.12 -0.04 -0.01 -0.06 

 

 

3 

 

PAW-VASP (relaxed) 

PAW-VASP (unrelaxed) 

 

 

+0.01 

+0.01 

 

+0.02 

+0.03 

 

+0.09 

+0.09 

 

+0.04 

+0.04 

 

+0.08 

+0.08 

 

+0.03 

+0.03 

 

-0.01 

-0.01 

[29]    +0.04 +0.01 +0.02 -0.02 

 

The substitutional impurities in the bcc Fe matrix include a number of 3sp (Si, P, S) and 3d 
elements (Cr, Mn, Ni, Cu). Using the calculated effective interaction energies between the solute 
pair one can predict the stability of binary Fe-X dilute solutions. For the solute atoms with the 
positive interaction energy in the first coordination shell, i.e., V1 > 0, the binary Fe-X solid 
solution is stable against solute clustering. For evaluation of ordering tendency, however, 
effective energies on more distant coordination shells, i.e., i = 2, 3 should be considered. For 
example, in the case of Cr impurity, positive interaction energies on all the three coordination 
shells indicate the stability of Fe-Cr solid solution pair decomposition through solute clustering 
leading to a relatively high solubility of Cr impurity in bcc ferromagnetic Fe, which complies with 
previous ab initio calculations of Fe-Cr alloys by [31,32]. 
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In the case of a Mn-Mn solute pair the present study demonstrates a repulsive interaction 
between the impurities indicating a weak ordering tendency. However, previous studies show an 
attractive interaction between Mn solute pair exhibiting a clustering tendency. The observed 
discrepancy may be associated with a dissimilar spin moment configurations used in the present 
and previous studies for computation of effective energies of Mn-Mn impurity pair. While 
magnetic configurations may affect the interaction energies between defect pairs, clustering of 
Mn atoms in bcc Fe is not expected. 

Among the considered 3d solute elements, a Ni-Ni solute pair exhibits significantly weak 
interaction on the all three nearest-neighbor shells which indicates that the mutual position of 
two like impurities of Ni in the ferromagnetic bcc iron is inessential [14]. Thus, neither clustering 
nor ordering tendency is expected in Fe-Ni dilute solid solution.  

Unlike Ni-Ni defect pair, the effective interaction energy between two like solute impurities of 
Cu in Fe matrix has relatively high magnitude (particularly on the first shell) and the negative sign 
which indicates the existence of a strong attractive interaction between Cu solutes. 

Whereas relaxation of the atomic positions has a negligible effect on the effective interaction 
energies for 3d solute elements, significant strain-induced contribution is observed for the solute 
elements from 3sp series in particular P and S.  In the case of S-S solute pair, considerable effect 
of local relaxation results in alteration of sign of effective interaction energy, thus, repulsive 
interaction between defect pair becomes attractive. While the interaction energy does not change 
sign in the case of P-P defect pair due to the large strain-induced contribution, the magnitude of 
interaction energies on the first and second coordination shells, i.e., V1 and V2 significantly 
changes as local relaxation is taken into account. In spite of the effect of local relaxation on the 
effective interaction energies between solute pairs of 3sp elements, these solutes show mainly 
strong repulsion on the first nearest-neighbor distance and rather weaker repulsion on the further 
coordination shells. Thus, 3sp solute elements exhibit an ordering tendency leading to formation 
of stable binary compounds such as Fe2Si, FeSi, Fe3P, Fe2P, FeP, FeS and FeSi2, along with 
multicomponent phases such as Fe(Si,P) (Fe,Cr)2P, and (Fe,Mn,Cr)3P.  

Table 2.3 demonstrates the predicted effective interaction energies between two unlike solute 
atoms including 3sp and 3d elements in bcc Fe matrix. The results presented here only include 
interaction energies obtained using PAW-VASP method with relaxation of atomic coordinates. 
According to Table 2.3, solute elements from 3sp series, i.e., Si, P and S demonstrate 
predominantly repulsive interaction with Cr impurity in bcc Fe. However, the effective 
interaction energies between 3sp solute elements and Mn impurity are attractive on the nearest-
neighbor distance and repulsive on the second neighbor distance. Solute elements from 3sp series 
exhibit mainly attractive interaction with Ni and Cu solutes. Attractive interaction between 3sp 
elements and Mn, Ni and Cu solutes promotes solute clustering and formation of respective 
phosphide and sulphide precipitates in bcc Fe [14]. 

Table 2.3. The calculated effective interaction energies (eV) between two unlike solutes in bcc Fe on the first three 
nearest-neighbor distances. Positive and negative values represent repulsive and attractive interactions between the 
solute pairs, respectively. 

 CS Cr Mn Ni Cu 

 

Si 

1 

2 

3 

+0.09 

+0.13 

+0.03 

-0.02 

+0.12 

-0.03 

-0.04 

+0.11 

+0.03 

-0.12 

0.00 

+0.01 
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2.3.3 Simulation results of vacancy–solute interactions 

The importance of vacancy–solute interactions in diffusion controlled processes such as ordering 
or decomposition which occur in alloys under heat treatment or under irradiation is well known 
[14,33–35]. Table 2.4 presents the calculated effective interaction energies between a number of 
3sp and 3d solute elements with vacancy in bcc Fe. The results presented here only include 
interaction energies obtained using PAW-VASP method with relaxation of atomic coordinates. 
The negative sign of interaction energy represents vacancy–solute binding. Table 2.4 shows that 
attractive interaction between 3sp solute elements, i.e., Si, P, S and vacancies is very strong on 
both the first and the second nearest-neighbor distances. The strong binding between Si, S, P 
impurities and vacancies in bcc Fe is not only the main reason for fast diffusivity of these 
elements (particularly P and S) in the iron matrix but also the primary reason for solute clustering 
to form concentrated defect arrangements which may lead to precipitation of late blooming 
phases. For example, in spite of the relatively weak attractive interaction between Mn and Si as 
well as Ni and Si solute pairs on the first nearest-neighbor distance, see Table 2.3, vacancy–solute 
binding of these elements which is particularly strong in the case of vacancy-Si leads to formation 
of Mn-Ni-Si enriched clusters in the bcc Fe matrix. These clusters may be precursor of 
thermodynamically stable Mn-Ni-Si precipitates known as G-phase which in fact has been 
observed in irradiated pressure vessel steel of light water reactors. Formation of G-phase could 
result in alteration of mechanical properties of the vessels under high-fluence of neutron such as 
hardening and embrittlement [3,4]. In addition to irradiated pressure vessel steels, precipitation of 
Mn-Ni-Si phase may occur in long-term storage of spent nuclear fuel leading to hardening and 
embrittlement of nodular cast iron insert, as all the necessary elements are present there. 

Table 2.4. The predicted effective interaction energies (eV) between a number of 3sp and 3d solute elements and 
vacancies in bcc Fe. Positive and negative values represent repulsive and attractive interactions between the solute 
pairs, respectively. 

CS Si P S Cr Mn Ni Cu 

1 -0.25 -0.35 -0.53 -0.04 -0.14 -0.05 -0.23 

2 -0.14 -0.28 -0.39 -0.01 -0.10 -0.18 -0.21 

3 0.00 +0.02 0.00 0.00 -0.03 -0.03 -0.05 

Vacancies also play an important role in the formation of concentrated defect arrangements. For 
example, consider the structure of a G-phase Ni16Mn6Si7 shown in Figure 2.2a. While the 
structure of the G-phase exhibits distortion, by straightening atomic rows it is possible to resolve 
the structure of Heusler alloy phase with double period along the three spatial dimensions, see 
Figure 2.2b, but with some atoms missing which indicates the existence of vacancies (3 vacant 
sites per primitive cell) in the structure of G-phase. Due to the significant atomic displacements 

 

P 

1 

2 

3 

+0.03 

+0.14 

+0.03 

-0.10 

+0.08 

+0.03 

-0.05 

+0.07 

+0.03 

-0.15 

-0.06 

+0.01 

 

S 

1 

2 

3 

-0.03 

+0.14 

+0.04 

-0.16 

+0.03 

+0.05 

-0.11 

-0.04 

+0.03 

-0.28 

-0.16 

+0.01 
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in the structure of the G-phase in comparison with the Heusler alloy structure the vacancies are 
concealed in the G-phase structure.  

Attractive interactions between two other 3sp elements, i.e., P and S with vacancies in bcc Fe 
promote precipitation of other late blooming phases (LBP), such as M2P and M3P phosphides 
(M=Cr, Ni) as well as Mn-containing sulfilde. For example, Figure 2.2c displays NaCl-type crystal 
structure of α-MnS. This structure may be viewed as containing approximately 50% of vacancies. 

   

(a) (b) (c) 

Figure 2.2. Structure of a (a) G-phase Ni16Mn6Si7 (Ni-red, Mn-gray, Si-blue), (b) Heusler alloy Fe2MnSi (Fe-red, Mn-
gray, Si-blue) and (c) MnS (Mn-red, S-yellow, glass balls-vacancies). 

2.4 Conclusions 

Using first-principle calculations effective interaction energies between defect pairs (solute–solute 
and vacancy–solute) in bcc Fe were computed to evaluate possibility of formation of late 
blooming phases (LBP) in the cast iron insert used for long-term storage of spent nuclear fuel. 
3sp (namely, Si, P, S) and 3d (Cr, Mn, Ni, Cu) solute elements were the main considered 
impurities in the iron matrix and pair interactions of these elements, i.e., X-X and X-Y 
interactions as well as their interaction with vacancies were computed on the first three nearest-
neighbor distances. Investigation of effective interaction energies revealed that substantially 
strong attractive interactions exist between 3sp elements with vacancies. It is believed that these 
strong vacancy–solute bindings between solute atoms from 3sp series and vacancies may be the 
main factor responsible for solute clustering and formation of concentrated defect arrangement 
which may later lead to precipitation of late blooming phases in the bcc Fe.  It was demonstrated 
that vacancies not only facilitate diffusion of 3sp elements in bcc Fe matrix but also play a role in 
the structure of precipitate phase formed in Fe-based solid solutions. Unlike 3sp elements, the 
studied 3d solute elements (excluding Cu) exhibited weak interactions in the iron matrix, thus, 
their mutual interactions do not play a role in precipitation of the late blooming phases in bcc Fe. 
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Chapter 3 A brief introduction to dislocations 

3.1 Background 

From historical point of view, the initial efforts for estimation of yield strength of crystalline 
solids date back to 1920s. The aim was to estimate the critical stress required for shear 
deformation of metals. The method presented here follows Frenkel’s [36] approach for 
calculation of shear strength of crystalline bodies. 

Suppose that two atomic planes A and B, see Figure 3.1, are placed with a distance h relative to 
each other with the atoms positioning at a periodicity distance of the lattice, b, from each other. 

 

Figure 3.1. A model for estimation of theoretical shear strength of a crystalline solid [37]. 

As a shear stress τ acts on the crystalline solid, the upper atomic plane B shifts relative to lower 
plane A by b along x direction. The required shear stress τ  to shift plane B is estimated as follows 
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  (3.1) 

where K represents the interaction strength between the atomic planes which in the present work 
equals to the shear modulus defined as derivative of shear stress τ  with respect to shear strain   
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Table 3.1 demonstrates shear modulus and real shear strength for two fcc metals. According to 
Table 3.1 a substantial difference exists between estimated theoretical strength of an ideal perfect 
lattice and experimentally measured technical strength of the metals such that estimated 
theoretical strength is almost two orders of magnitude larger than real yield strength. The 
discrepancy between the two yield strengths results from the existence of linear defects known as 
dislocations in crystal lattice. Orowan, Taylor and Polany were pioneers who introduced 
dislocations in 1934 as main carriers of plastic deformation in crystalline solids. Motion of 
dislocations in crystal lattice provides a mechanism for a crystal to deform plastically or yield, 
when the crystal is subjected to an applied stress [38]. 

Table 3.1. Shear modulus   and real yield strength y of two fcc metals [37]. 

Material   (MPa) y  (MPa) 

Al alloy 27000 100…500 

Steels 86000 400…1500 

3.2 Experimental observation of dislocations 

A number of techniques have been developed during the past few decades to experimentally 
observe dislocations in real crystals thereby to determine their properties. However, transmission 
electron microscopy (TEM) has been most extensively used method among various techniques. 
In transmission electron microscopy dislocations are examined either individually or in groups at 
high magnification in specimens with 0.1 to 4.0 μm thickness [39]. Figure 3.2 a and b show TEM 
images of dislocation lines in BCC molybdenum and copper single crystals, respectively. The 
images reveal the type of dislocation microstructure evolved in the crystal, for example in Figure 
3.2a curved and jagged dislocations and in Figure 3.2b dislocations in the form of bundles are 
observed. 

 

 

(a) (b) 

Figure 3.2. (a) Dislocation microstructure in pure bcc molybdenum single crystal deformed at temperature 278 K. (b) 
Formation of bundles in the microstructure of copper single crystal due to deformation at 77 K [38]. 
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3.3 Types of crystal dislocations 

Figure 3.3a presents an ideal perfect crystal lattice. Introducing a dislocation into the perfect 
crystal leads to the distortion of the crystal structure quantified by the magnitude of the 
dislocations Burgers vector b. See Figure 3.3 a to d. However, distortion of the crystal lattice 
containing a dislocation differs with respect to the type of the dislocation. Figure 3.3 a to d 
illustrate three different types of dislocations known as edge, screw and mixed dislocation and 
resultant distortion of the crystal lattice. In the case of an edge dislocation, lattice distortion is 
along dislocations Burgers vector and is perpendicular to the dislocation line, however, Burgers 
vector of a screw dislocation and subsequent distortion of the crystal lattice are parallel to the 
dislocation line. On the other hand, due to the fact that the Burgers vector of a mixed dislocation 
has both an edge and a screw components, distortion of the lattice caused by a mixed dislocation 
can be seen as both perpendicular and parallel to the dislocation line. 

  

(a) (b) 

  

(c) (d) 

Figure 3.3. (a) A perfect crystal lattice. (b) An edge dislocation created by inserting an extra half plane of atoms. (c) A 
screw dislocation with a Burgers vector b parallel to the dislocation line. (d) A mixed dislocation which is shown by a 
curve line inside the lattice [38]. 

3.4 Dislocation motion through a crystal lattice 

When an ideal defect free crystal is subjected to a shear stress the crystal deforms plastically by 
shifting atomic planes relative to each other as a whole, however, presence of dislocations 
provides an alternative way for a slip of atomic planes leading to a significantly easier 
crystallographic slip. Figure 3.4 shows mechanism of dislocation motion as an external stress is 
applied on the crystal.  

Suppose that a traction force xT  is applied along x direction on the top surface of the crystal 

with the dimension x y zL ×L ×L while the bottom surface is kept fixed. As a result of applied 

shear stress, x

x y

T
τ=

L L
, an edge dislocation with line sense along positive z direction and Burgers 

vector b = [bx 0 0] is generated from left side of the crystal, see Figure 3.4b. The edge dislocation 
begins to move through the crystal lattice in response to the applied stress and eventually exits 
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the crystal from the right side. See Figure 3.4c to e. Motion of the dislocation through the crystal 
results in displacement of upper part of the crystal relative to the lower part by b.  

The force acting on the dislocation thereby causing its motion can be written as fx = bxτ. The 
generalized form of this force gives us the Peach-Kohler (PK) formula [40] as follows 

 t( )  F b   (3.3) 

where F represents the Peach-Kohler force which acts per unit length of dislocation line . In 
addition, σ, b and t are the local stress field acting on the dislocation, Burgers vector and the unit 
vector along line direction of dislocation. The cross and scalar products in Eq.(3.3) indicate 
orthogonality of the Peach-Kohler force to t and the projection of the stress tensor along the 
Burgers vector, respectively. 

 

(a) 

 

(b) 

 

 

(c) 

 

(d) 

 

(e) 

 

Figure 3.4. (a) A perfect defect free cubic crystal with dimension Lx × Ly× Lz (b) As a result of applied traction 
force Tx an edge dislocation is generated from the left surface. (c) and (d) The generated edge dislocation moves 
through the lattice (e) The dislocation exits the lattice from the right surface [38]. 

Dislocation motion may be categorized into the two main mechanisms so called conservative and 
non-conservative motions. An edge dislocation moves on its slip plane by conservative motion or 
glide and out of its slip plane by non-conservative motion or climb. However, unlike an edge 
dislocation, motion of a screw dislocation is not confined to the uniquely defined glide plane and 
it can move in any available slip plane. In a real crystalline solid dislocations mainly have mixed 
character and they move by both glide and climb mechanisms.  

Orowan’s law:  

The relation between the elementary plastic strain resulting from the motion of a dislocation and 
the macroscopic plastic strain rate is provided by Orowan’s law. Imagine a dislocation inside a 
sample with volume V glides on its slip plan and an area A of the plane is swept out by the 
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motion of the dislocation. The plastic strain produced by the motion of the dislocation is defined 

as  p A

V

b
, where b is the Burgers vector of the dislocation. During an infinitesimal time interval 

of dt an elementary area swept out by a moving dislocation of length l and velocity v is written as 
dA=lvdt. The elementary plastic strain produced during dt is defined as follows 

  pd b dt
V

l
v   (3.4) 

In the case of collective motion of a large number of dislocation, if L denotes the total length of 
all mobile dislocations, density of the mobile dislocations during time period dt is written as 

m L V  / . It is assume that m  is constant during dt. By taking integral of Eq. (3.4) and 

introducing the density of mobile dislocations then replacing the dislocation velocities by their 
average value v  the well-known Orowan’s equation is obtained as follows [41] 

   p

mbv   (3.5) 

Orowan’s equation reveals the existing relation between plastic strain rate 
p , mobile dislocation 

density m , magnitude of Burgers vector b and the average velocity of dislocations v . 

3.5 Elastic properties of dislocations 

The Peach-Kohler (PK) force acting on a dislocation was computed in the preceding section by 
employing continuum elasticity theory. In addition to calculation of PK force, elastic properties 
of dislocations such as strain and stress fields surrounding dislocations can be accurately 
described using the elastic theory of dislocations. 

As an example imagine a straight screw dislocation AB with an infinite length inside a linear 
elastic crystal. See Figure 3.5a. Distortion of the crystal caused by the screw dislocation is 
reproduced in an infinite elastically isotropic cylinder with radius R as it is illustrated in Figure 
3.5b. A radial slit shown by LMNO is cut in the cylinder along z direction and cut surfaces are 
displaced relative to each other by b, the magnitude of Burgers vector of the corresponding screw 
dislocation, along z axis [39]. 

The displacement field in the cylinder is directly attributed to the elastic distortion introduced 
into the cylinder. The displacement vector, u = (ux, uy, uz) has only one non-zero component 

along z axis uz and it linearly increases from zero to b as cylinder coordinate angle θ goes from 0 
to 2π. Therefore, the displacement in the z-direction is written as: 

 


 
 

1

z

b b y
u tan ( )

2 2 x
  (3.6) 

By employing the linear elasticity theory, the components of strain tensor are determined by 
taking derivative of the displacement components as follows: 
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In the case of the screw dislocation, the strain field has the following components 
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In linear elasticity the relation between stress and strain components is expressed by Hooke’s law. 
For isotropic solid, components of stress field are determined using Hooke’s laws as follows 
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where λ and μ represent the Lame parameters. μ is commonly referred to as shear modulus. 

The components of the stress field surrounding the screw dislocation are obtained according to 
Hooke’s law as follows  
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       (a)                             (b) 

Figure 3.5. (a) a screw dislocation inside a crystal, (b) distortion of the crystal caused by the screw dislocation in (a) is 
reproduced in an infinite elastically isotropic cylinder with radius R [39].  

 

3.6 Dislocation core properties 

As it was demonstrated in the preceding section, elasticity theory can be effectively used to 
determine elastic properties of dislocations in the regions far from dislocation core where 
distortion of host lattice is relatively small. However, linear elasticity theory breaks down in the 
core region of a dislocation and it fails to describe lattice distortion in this area. The reason for 
this failure is due to the significantly large atomic displacements in the core region. In addition, 
non-linear interatomic interactions in dislocation core area makes linear elasticity theory non-
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applicable in the core. As a dislocation glides on its slip plane a considerable atomic 
rearrangement takes place in the core region. The energy of a dislocation core which can be 
determined using ab initio calculations depends on dislocation line direction as well as core radius. 
Dislocation core radii and energies obtained from atomistic calculations are presented in Table 
3.2 for Ta, Mo and Fe.  

Table 3.2. Dislocation core radii and energies for a number of metals [41]. 

 Core radius (b) Core energy (eV/b) 

Ta 1.75 0.63 

Mo 1.75 0.82 

Fe 1.2 0.5 

Two important mechanisms associated with dislocation core are cross-slip and lattice resistance 
against motion of dislocations. These mechanisms exhibit a significant effect on the mechanical 
response of crystalline solids to various loading conditions. Figure 3.6a illustrates cross-slip 
mechanism used by screw dislocations particularly in face-centered cubic (fcc) metals to bypass 

existing obstacles on their slip planes. Screw dislocation with Burgers vector 
1

b [101]
2

 glides on 

the (111) crystallographic plane, however, it freely change its initial slip plane and cross slips to 

the (111) plane at S. After gliding on the new plane eventually double cross-slip occurs and the 

screw dislocation cross-slips back to its initial (111) plane. Experimental observation of cross-slip 
and double cross-slip mechanisms are illustrated in Figure 3.6b. 

  

(a) (b) 

Figure 3.6 (a) Cross-slip and double cross-slip mechanisms performed by a screw dislocation in a f.c.c metal [39]. (b) 
Cross-slip and double cross-slip mechanisms (arrows) observed as slips traces at the surface of a single-crystal copper 
deformed at ambient temperature [41]. 
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3.7 Resistance of crystal lattice against motion of a dislocation 

As a dislocation moves inside its host crystal it experiences resistance against its motion caused 
by the crystal lattice. This intrinsic lattice resistance is described by two parameters known as the 
Peierls barrier and the Peierls stress.  

Suppose a straight dislocation moves in its glide plane the interaction between moving dislocation 
and the crystal lattice is represented by a periodic energy function of the dislocation position. See 
Figure 3.7a. Periodicity of the energy function is the same as periodicity of the crystal lattice. The 
equilibrium positions of a dislocation are where the energy function has its minima and theses 
positions are known as Peierls valleys. When the local stress acting on the dislocation line is 
negligible, a dislocation inside the crystal lattice must overcome an energy barrier Ep to move 
from one Peierls valley to the adjacent one. This energy barrier is referred to as Peierls barrier. 
However, as local stress increases actual energy barrier Eb experienced by a dislocation decreases. 
Finally, when the applied stress on the dislocation line reaches to the critical value, i.e., Peierls 
stress (τp), the energy barrier Eb vanishes entirely as it is illustrated in Figure 3.7a. Peierls stress 
which is function of structure of the dislocation core is the applied shear stress required to make 
a dislocation glide in an otherwise perfect crystal without the assistance of thermal activation, i.e. 
at T = 0 K [39]. 

 

 

 

(a) (b) 

Figure 3.7. (a) Illustration of periodic energy function Eb and its reduction with local stress. (b) Mechanism of kink 
formation and dislocation motion in thermal fluctuation regime [38].  

The concept of the Peierls stress provides a useful tool to estimate lattice resistance to dislocation 
motion. In addition, by comparing the local stress acting on a dislocation line with the magnitude 
of the Peierls stress it is possible to determine the respective regime for dislocation motion. 
When the local stress is lower than Peierls stress, dislocation motion may take place at finite 
temperature by means of thermal fluctuations. Figure 3.7b illustrates the mechanism of 
dislocation motion in the thermal fluctuation regime. Formation of the kink-pair and its 
subsequent sideways expansion enables the dislocation to move from one Peierls valley to the 
next one without moving the entire dislocation at once. When dislocations move in thermal 
fluctuation regime, dislocation mobility increases with temperature due to the higher possibility 
for kink pair formation at high temperatures. However, when the local stress acting on a 
dislocation is larger than the Peierls stress, the dislocation can move without the help of thermal 
fluctuations. In this regime which is known as  “viscous drag” regime, dislocation velocity 
becomes a linear function of stress and is usually limited by the viscosity due to dislocation 
interaction with lattice vibrations, i.e. sound waves [38]. When a dislocation moves in the viscous 
drag regime, increase in temperature leads to decrease in mobility due to the higher interaction 
between the dislocation and phonons.  
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Chapter 4 Dislocation dynamics method 

4.1 Background 

Dislocation dynamics (DD) method is a computational technique which has emerged during past 
few decades to enable simulation of collective motion of dislocations in the spatial and temporal 
scales similar to experiments in situ transmission electron microscopy (TEM). By implementing 
DD method, motion multiplication and interaction of dislocations are directly simulated and the 
physics of dislocations on the microscale are linked to mechanical properties of crystalline solids 
on the macroscale. By studying deformation behavior of crystalline materials using DD technique 
macroscopic response of crystals to different loading conditions can be predicted. Thus, DD 
method is a powerful technique that can provide valuable insights in crystal plasticity, and 
relationship between dislocation microstructure evolution and mechanical strength of the crystal. 

Over the past few decades many studies have been conducted using two dimensional  2D DD 
models [42–45]. 2D DD codes have the advantage of running relatively faster and reaching larger 
plastic strains in comparison with three dimensional 3D DD codes. However, because of 
extensive limitation of two dimensional approach a number of important dislocation-based 
mechanisms such as climb, cross slip and junction formation are absent in 2D DD models. 
Therefore, three dimensional DD codes were developed to overcome the inherent limitation of 
two dimensional DD models in simulation of dynamics of dislocations. 

The first three dimensional 3D DD simulation was performed by Kubin et al. [46] in 1992 and 
since then a number of three dimensional DD codes have been developed [47–56]. 3D DD 
codes can be generally categorized into two classes as lattice-based and nodal based models. 
Among lattice-based codes, microMegas [57,58] and TRIDIS [59,60] are two widely used models 
based on the same initial code developed by Kubin et al. [46]. On the other hand, PARANOID 
(PARAnoid NOdal IBM Dislocation code)[49,61], PDD (Parametric Dislocation Dynamics) [52] 
and ParaDis (Parallel Dislocation Simulator) [56] are the examples of nodal-based dislocation 
dynamics codes. The major difference between lattice-based and nodal-based models is in their 
approach to discretizing dislocation lines. In what follows details of both discretization schemes 
along with other main features of dislocation dynamics method are discussed.  

4.2 Discretization of dislocation lines 

Discretization of dislocation lines into a set of nodes or segments enables us to deal with the 
finite number of degrees of freedom (DOF), rather than an infinite number of points along the 
dislocation lines [62]. By discretizing the system numerical methods can be implemented to solve 
a set of governing equations representing physics of dislocations. Two approaches have been 
followed in discretization of dislocation lines leading to two families of DD models known as 
lattice-based and nodal-based. 

In the lattice-based approach, simulation cell is initially populated by a grid of computational 
points leading to construction of a simple cubic lattice. See Figure 4.1a. Then, discretization of 
curved dislocation lines is performed by means of a set of straight segments with directions 
defined by underlying cubic lattice. Straight dislocation segments can only have three orientations 
and their motion is confined to the direction normal to their orientation. See Figure 4.1b. In this 
method the segments are considered as the degrees of freedom and calculation of forces are 
conducted in the middle of them. 
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(a)                                     (b) 

Figure 4.1. (a) A simple cubic lattice of spacing a constructed by populating of the simulation cell by a grid of 
computational points.(b) A set of straight dislocation segments representing a curve dislocation. Straight dislocation 
segments are denoted by ti and their corresponding direction of motion are represented by di [62].  

In nodal-based method, dislocation lines are discretized by a set of nodes connected to each 
other according to the selected shape functions. For example, in the case of linear shape function 
used in DD codes such as ParaDis [56] and PARANOID [49,61] nodes are connected to each 
other by means of linear segments. Unlike the lattice-based discretization scheme, in nodal-based 
approach nodes are the fundamental degrees of freedom and force calculations are performed at 
these nodes. In addition, dislocation segments are allowed to have any orientation which can vary 
during the simulation. 

Figure 4.2 illustrates an arbitrary dislocation network discretized into a series of nodes connected 
by straight segments. Dislocation segments are terminated by either a discretization node 
(connecting only two segments) or a physical node (connecting an arbitrary number of segments). 
Each dislocation segment has a non-zero Burgers vector with two possible opposite signs in 

accordance with line sense direction and at each segment   0b bi j . Additionally, conservation 

of Burgers vector is satisfied at each node on the dislocation network such that  0bij

j

. Sum is 

taken over the all nodes j connected to node i.  

 

Figure 4.2. An arbitrary dislocation network discretized by a set of nodes connected to each other by a series of 
straight dislocations.  

It should be noted that in the rest of this chapter the various features of dislocation dynamics 
method implemented in ParaDis code are described according to the nodal-based discretization 
scheme where position of nodes are the active degrees of freedom.  
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4.3 Calculation of nodal forces 

Discretization of dislocation lines into a set of nodes connected by straight segments i.e., nodal-
based discretization is followed by computation of forces acting on the nodes. 

The force acting on node i in a dislocation network, Fi , is described as minus derivative of the 

total energy of the network with respect to the position of node i, X i , as follows: 
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i ij
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  (4.1) 

where totE  represents the total energy of the dislocation network as a function of nodal positions 

and Burgers vectors. The total energy of the network can be written as summation of two 

contributions: one attributed to long range elastic energy elE which could be defined using 

elasticity theory and another associated with the dislocation core energy coreE  resulting from 

interatomic interaction in the core region described by means of atomistic simulations. Thus,  

  tot el coreE E E   (4.2) 

Similarly, the force acting on node i  can also be partitioned into two parts, the first part 

corresponds to the elastic force and consequently is derived as minus derivative of elE with 

respect to the nodal position and the second part is associated with the core force defined as 

negative derivative of core energy coreE with respect to the nodal position. Hence, the nodal 

force Fi  is written as  el coreF F Fi i i . 

Computation of elastic force acting on the nodes 

For elastically isotropic solid analytic solution exists for calculation of elastic energy of a 
dislocation network [63]. Thus, it is possible to derive the elastic contribution to the nodal force 

as  


el elE
F

X
i

i

. However, a more convenient approach known as virtual work argument [53,64] 

is followed here to compute the elastic force at a node. 

Consider a linear dislocation segment ijl with Burgers vector bij which connects node i at 

position X i  to node j at position X j  and is defined as X X ij j il . Position of each point on 

line segment ijl  is described as follows 

   x N( ) N( )X Xij i jl l   (4.3) 

where N( )l  represents a linear shape function defined as  
1

N( )
2

l l  for 
1 1

2 2
 << l << .  

The elastic force acting on node i is obtained by considering the contribution of each segment 
attached to node i as follows 

 
elel fF iji

j

  (4.4) 

where elfij  represents the elastic force acting on the segment ij connecting node i to node j. Sum is 

taken over all nodes connecting to node i.  
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Suppose that virtual displacement of node i in the dislocation network leads to the motion of 

each point ijx on the segment ij. The elastic force acting on segment ij is derived in the integral 

form by applying the principle of virtual work to the motion of node i as follows 
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2
el pk
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 f fij ij ijl l l dl   (4.5) 

 pk(x ) [ (x ) ]   f b tij ij ij ij   (4.6) 

where pkf denotes the Peach-Koehler force at point xij  on the dislocation line and is described 

by local stress  , Burgers vector bij  and line tangent t ij at point xij . Hence, the elastic force on 

the segment ij is equal to the Peach-Koehler force integrated with weights N( )l  over all the 

segments [38].  

In a linear elastic continuum local stress,  , in the Peach-Keohler expression may be defined by 
applying the superposition principle and summing up all stress fields resulting from applied 
external load (the imposed surface traction), long range elastic interactions among dislocation 
segments and dislocations own line tension. Similarly, it is possible to describe the elastic force 
acting on the dislocation segment ij by employing superposition principle as follows: 
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where 
extfij represents the applied external force, 

sfij corresponds to the elastic force acting on 

node i due to segment ij ’s own stress field and f kl
ij denotes the elastic force on node i resulting 

from the long range elastic interaction between segments ij and kl . 

In dislocation dynamics simulation with periodic boundary conditions is usually assumed that 

externally applied traction 
extfij  generates uniform stress field 

ext  inside the crystal. In this case 

extfij is easily determined according to 

 
ext ext1

{[ ] }
2

   f bij ij ijl and 
ext extf fij ji  (4.8) 

Both
sfij and f kl

ij may be determined using the non-singular continuum theory of dislocations 

developed by Cai et el [65]. This theory presents a new approach to remove core singularity by 
replacing singular distribution of the Burgers vector with a spherically symmetric Burgers vector 
distribution at every point on a dislocation line [38,56]. Analytical expressions derived for self-

force 
sfij  as well as interaction force f kl

ij  using the non-singular continuum theory of dislocations 

can be found in Ref. [56]. 

Using analytical expressions for calculation of nodal forces is the most efficient approach when 
the distance between interacting dislocation segments is small enough to take each single 
interaction into account individually. However, no matter how efficient the nodal force 
calculation from a pair of segments becomes, the total amount of calculation scale as O(N2) for a 
system of N segments, if the interaction between every segment pair is accounted for individually 
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[56]. Thus, it is desirable to introduce a method to reduce the computational costs of nodal force 
calculations for large scale simulations. 

One approach to achieve a lower computational expense in the calculation of the elastic force on 
dislocation nodes is to neglect the elastic interaction between the segments if the distance 
between them is larger than a predefined cut-off distance [46,47]. However, due to the long-
ranged nature of the elastic interaction between dislocations applying a cut-off distance may 
result in numerical errors in the computation of elastic forces. 

Another approach is to use an algorithm so called the Fast Multipole Method (FMM) developed 
by Greengard and Rokhlin [66]. This method is an efficient technique which has been applied in 
DD modeling [48,56,67,68] to treat the long range elastic interaction between dislocations 
without introducing any cut-off distance. In this method when the distance between interacting 
dislocations is sufficiently large, it is assumed that dislocations are lumped into groups and the 
respective interactions between them are not accounted for individually. By implementing FMM 
algorithm scaling of elastic force calculations for remote segments is reduced from O(N2) to O(N) 
where N denotes the total number of dislocation segments. Therefore, computational expense of 
elastic force calculations is reduced leading to higher numerical efficiency. Details of numerical 
implementation of FMM in a DD code, ParaDis, can be found in Ref. [56]. 

Core energy and associated core force on dislocation nodes 

Because of the limitation of the linear elasticity theory in predicting energy and forces in the core 
region of dislocations atomistic calculations is required for accurate computation of the core 
energy. While the core energy is short range, it contributes to the total energy of a dislocation 
network and consequently to the total force acting on the nodes in the system. In the current 
discretized framework the total core energy can be derived according to 
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where 
coree  denotes the core energy per unit length of the dislocation line which is a function of 

Burgers vector b as well as line direction t and must be computed by means of atomistic 

calculations. In addition, 
| |

t
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l
 represents the unit vector along the segment ij  

The force on node i resulting from the core energy is defined as follows: 
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where I2 expresses the second order identity tensor. The first terms in right hand side of the 
Eq.(4.11) describes a line tension which tends to reduce the segment’s length and the second 
term defines a moment which tends to rotate the segments to lower core energy orientation [56]. 
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Periodic Boundary Conditions 

To avoid the undesirable surface effects caused by small size of simulation volume Periodic 
Boundary Conditions (PBC) are often implemented in dislocation dynamics method. Using PBC 
in nodal-based DD modeling leads to the situation where a node inside the dislocation network 

located at position X i  repeats itself at positions n n nX 1 1 2 2 3 3c c c  i , where n ,n ,n1 2 3  are 

integers, and 1 2 3c , c , c  represent the repeat vectors of the periodic supercell.  

As PBC are applied in DD modeling, the long range elastic interaction of dislocation segments 
located inside the simulation volume with all their periodic images is predicted using FMM 
algorithm. It should be noted that implementation of PBC may result in artificial annihilation 
between dislocations and their negative periodic images [56]. One approach to reduce these types 
of annihilations is to activate dislocation mechanisms such as climb and cross-slip during the 
simulations.  

4.4 Mobility law and equation of motion 

In a discretized network of dislocations response of the nodes to the forces acting on them is 
described using a so called “mobility function”. This function which contains most of the 
material-specific features of a dislocation dynamics model may depend on a number of factors 
such as the geometry of the dislocation, type of the material, pressure, temperature and local 
forces. However, to avoid the uprising complexity and to be able to construct a simple mobility 
function which reproduces the fundamental aspects of dynamics of dislocations, relevant 
simplifications should be made. Thus, explicit dependency of the mobility function on various 
factors is neglected and it is assumed that the mobility function only depends on the local forces 
acting on the dislocation lines. In addition, since inertia of the dislocation lines play a major role 
on dynamics of dislocations under relatively limited conditions such as at significantly high strain 
rate state, e.g., shock propagation, therefore, inertia is neglected thereby acceleration and masses 
of dislocations are not taken into account during simulations. Under these circumstances, 
dislocations motion take place in an over-damped regime and is controlled only by forces acting 
on them. Based on the considered assumptions, mobility function is defined as follows 

 (x) M( (x))v f   (4.12) 

where (x)v and (x)f are the velocity and the force per unit length at point x on the dislocation 

line, respectively. In addition, M denotes a general mobility function which relates the force on 
the dislocation line to its velocity and in the present framework only depends on the applied local 
force (x)f . 

In the over-damped regime considered here, as dislocations move they experience a viscous drag 
force against their motion due to the for example phonon dispersion. A drag force per unit 

length of the dislocation line drag(x)f  could be defined by inverting the mobility function in 

Eq.(4.12) as follows 

 drag 1(x) M [ (x)] [ (x)]   f v v   (4.13) 

where is a drag function and it is assumed here that it only depends on the velocity of the 
dislocation line. Due to the over-damped motion of dislocations the equilibrium should be 
established between the drag force and the driving force at each point x on dislocation line. 
However, this equilibrium cannot be satisfied at every point due to the linear variation of the 
velocity along dislocation segments. Instead, the equilibrium condition is satisfied in a weaker 
sense i.e., at each node in the discretized system such that: 



27 

 

 
drag

 F Fi i   (4.14) 

where 

 

1
drag 2

1

2

| | N( )B [ ( )]


    F F vi ij ij iji

j

l l l dl   (4.15) 

where Bij and vij are the drag function and velocity of the segment ij, respectively. Sum is taken 

over the segments attached to node i.  Thus, with enforced equilibrium in the weak sense a set of 
linear equations relating the nodal velocities to the nodal forces are obtained. 

The power dissipation of the dislocation network disP is defined using the derived nodal drag 
force as follows 
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where Vi  is the velocity of node i in the system.  

In the case of linear mobility which is applied for instance in fcc crystals with relatively small 

lattice resistance, B [ ] v B vij ij ij ij . Hence, the integral expression takes in Eq. (4.15) takes a 

simple algebraic form for all nodes according to 
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where Bij represents the drag coefficient tensor for segment ij and sum is taken over all nodes j 

attached to node i. 

If we assume a well discretized dislocation network where velocities of all nodes connected to 

node i are approximately identical, i.e., V Vi j and ( ) v Vij il , then a simple yet applicable 

expression is obtained which relates the velocity of a node i to the nodal force applied on it as 
follows 
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4.5 Numerical time integration 

Computation of nodal velocities enables us to advance the position of the nodes within a certain 
time step of the simulation. Several algorithms are available to move the nodal positions 
accordingly; however, we only consider two algorithms known as explicit Euler forward method 
and implicit trapezoidal method. 

Explicit Euler forward method is a computationally inexpensive algorithm which can be used to 
solve the equation of motion numerically in the considered over-damp regime as follows 

 t t t t t   X X Vi i i   (4.19) 

where tXi and tVi represent the position and velocity of node i at time t. Additionally, t  denotes 

the time step which should be adjusted appropriately to enable an accurate integration of the 
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equation of motion. While explicit Euler forward algorithm is a simple method with a relatively 
low computational expense, small size of the time step associated with this method makes it 
inefficient for dislocation dynamics simulations.  

More efficient algorithm which is commonly used in dislocation dynamics modeling is implicit 
trapezoidal method. This algorithm is the combination of the Euler forward and Euler backward 
methods and takes the following form 

 
t t t t t t1

( )
2

   X X V Vi i i i   (4.20) 

where t tXi and t tVi are the position and velocity of node i at time t t . The implicit 

trapezoidal method generates a set of equations which should be solved iteratively. Under this 
condition this method becomes a computationally expensive in comparison with explicit Euler 
forward method for a given time step. However, considerably larger time step acquired by 
implementation of implicit trapezoidal algorithm justifies its application in numerical modeling.  

To solve the Eq. (4.20) a simple iterative update technique is applied according to 
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The iteration stops as t t t t
tot( 1) ( )| r   |X Xi in n is satisfied. totr defines the maximum 

position error tolerated in time step integration.  

Unlike the explicit methods, implicit algorithms such as trapezoid technique do not have any a 
priori known time step and optimum size of time step is adjusted dynamically over the course of 
simulation. Therefore, it is possible to increase the time step by a constant factor whenever the 
iteration converges in the previous step, and to reduce it by another constant factor whenever the 
iteration fails to converge in the present step [56]. 

4.6 Topological changes 

4.6.1 Elementary topological operators 

Modification of topology of a dislocation network means that degrees of freedom, i.e., nodes are 
added or removed from the system and connectivity of the network is changed. Two main 
reasons may justify implementation of topological changes. During DD simulation density of 
dislocations which is defined as total length of dislocation lines per unit volume may increase by 
over two orders of magnitude. This increase in the density requires a proportional increase in the 
number of discretization nodes in the network to retain the discretization accuracy. In addition, 
for proper treatment of the main dislocation core reactions such as annihilation and junction 
formation employing topological operations is essential. 

In ParaDis code two elementary operations so called Mergenode and Splitnode are used to conduct 
all the complex topological changes. At the end of any Mergenode or Splitnode operations 
conservation of Burgers vectors is enforced at every node and segment involved in the operation. 
Since Mergenode operation merges two nodes into one node, therefore, using this operation leads 
to reduction of the number of degrees of freedom in the dislocation network. On the other hand, 
Splitnode operation splits one node into two nodes leading to increase in the number of degrees of 
freedom.  
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In dislocation dynamics modeling due to the significant change in length and connectively of the 
dislocation network procedures for adaptively refining and coarsening the discretization are 
needed [56]. The two introduced elementary operations may be used for mesh adaption 
procedure. In a mesh refinement operation, Splitnode is employed on a discretization node leading 
to bisection of one of the segments attached to the node. However, in a mesh coarsening 
operation, Mergenode is employed on a discretization node to merge it with one of its adjacent 
nodes.  

4.6.2 Dislocation core reactions 

Appropriate topological treatment of core reactions is essential for any dislocation dynamics 
model to enable accurate description of physics of dislocation core. A number of events 
attributed to the dislocation core reactions can be listed as: cross slip, annihilation, junction 
formation and dissociation of a perfect dislocation. In what follows topological treatment of a 
junction formation is discussed.  

Junction formation 

Intersection of two unconnected line segments ijl and kll is examined by finding the shortest 

distance between the segments through minimizing the following expression: 

    mind ( , ; , ) min|x ( ) x ( )|X X X Xi j k l ij kl   (4.23) 

with      
1 1

2 2
i j k l, -  and    

1 1

2 2
 

the two unconnected segments are intersecting if the criteria min annd r is satisfied, where annr  

represents a predefined annihilation distance. As a pair of segments is consider to be in 
interesting distance, collision procedure is conducted on them by employing combination of 
Splitnode and Mergenode operations.  

While the shortest distance mind  between the segment pair is determined, the points on the two 

segments having the minimum distance relative to each other are identified. Then, Splitnode 
operation is employed on one of end nodes of each segment to add two new nodes denoted as P 
and Q at the points with the closest contact. See Figure 4.3.a. Two newly added nodes P and Q 
are then merged using Mergenode operation into a new single node denoted as P and collision 
procedure is ended. See Figure 4.3.b. 

Topological treatment of dislocation junction formation is performed by conducting a sequence 
of collision procedures. Figure 4.3 illustrates how a dislocation junction forms by intersecting of 
two dislocation segments.  

 

  (a)                         (b)                       (c)                      (d) 
 

Figure 4.3. (a) Two dislocation segments 1-2 and 3-4 are considered to be in contact with each other and shortest 
distance between them dmin is determined at points P and Q. (b) Two newly created points P and Q are merged into 
a single node P´(c) Segment 2-5 reaches to the intersecting distance from segment P´- 4 and node R is added on 
segment P´- 4 at the point of closest contact. (d) Based on the assumption that Burgers vector of segments P´- 2 and 
P´- R do not canceled out each, nodes 2 and R are merged into a single node 2´ thereby junction segment P´- 2´ is 
formed [56]. 
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As two segments 1-2 and 3-4 intersect, a single point P  is created at the end of their collision 

procedure. Imagine now that segment 2-5 reaches to the shortest distance from segment P 4  , 

thus, they are considered to be in contact. Node R is added on segment P 4  at the point of the 
closest contact. Note that a new node is not added on segment 2-5 due to the overlapping of the 
point of closest contact with node 2. Nodes R and 2 are merged into a single node 2´ thereby a 
junction segment P´- 2´ is formed. It should be noted that formation of a junction segment P´- 2´ 
takes place under the condition that Burgers vectors associated with the segments P´- 2 and P´- R 
do not cancel out each other. However, if the Burgers vectors cancel out each other, dislocation 
annihilation reaction occurs and consequently the segment P´- 2´ is removed.  

Dissociation of a physical node  

For a physical node, i.e., connecting more than three segments, it may be advantageous to reduce 
its connectivity by performing a dissociation procedure [56]. The Splitnode operation is employed 
to dissociate a physical node in a dislocation network. Figure 4.4a shows a physical node P´ 
having four connections; implementation of Slipnode operation on node P´ results in dissociation 
of this node into two nodes P´ and Q´ thereby formation of a junction segment P´- Q´. See 
Figure 4.4b. 

 

                                          (a)                                               (b) 

Figure 4.4. (a) A physical node P´ connecting 4 segments. (b) Junction segment P´- Q´ is formed as a result of 
dissociation of node P´ [56]. 

For a physical node with four connections three possible topological configurations exist as the 
end states of dissociation event. However, only one configuration is selected as a proper end state 
based on maximum power dissipation criterion. Consider node i in a dislocation network with 

corresponding nodal force Fi  and nodal velocity Vi . This node contributes to the power 

dissipation of the network according to 

 
disP  F Vi i i   (4.24) 

Dissociation of node i into two nodes P and Q leads to the following change in the energy 
dissipation of the system  

 
dis

P,Q P P Q QP      F V F V F Vi i i   (4.25) 

where PF and QF  represent the force acting on nodes P and Q, respectively. In addition, PV and 

QV are velocities of nodes P and Q, respectively. Every physical node with four or more attached 

segments undergoes a dissociation procedure if the condition 
dis

P,QP 0 i  is satisfied by the 

node. If more than one dissociated configuration of a node satisfies the condition, the dissociated 
topology which dissipates the greatest power is selected [56]. 
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4.7 Parallelization 

Computation of the long-range elastic interaction between dislocation segments consumes a 
significant amount of CPU time. Therefore, the efficiency of the DD code needs to be improved 
to reach within a reasonable time sufficiently large strains for obtaining valuable insights into 
microstructures and mechanical response [41]. Parallel computing where a significant number of 
CPUs are simultaneously used to perform a single simulation is one of the methods to improve 
the computational efficiency of a DD code. 

4.7.1 Scalability of a code 

In parallel computing scheme scalability of a code is the indicator of its efficiency for running on 
parallel computers. A code is considered to be scalable if assigning more processors to the code 
leads to either less computational time to solve a problem or the same computational time to 

solve a larger problem. A number of factors can limit scalability of a code such as the time spent 
on communications between the processors as well as the time wasted due to an imbalance 
distribution of computational load among CPUs. In majority of parallel algorithms, as one cycle 
of computation is ended CPUs communicate with each other before moving to the next step. 
Therefore, if the CPUs consume an unequal computation time to finish their assigned tasks, a 
certain amount of time is wasted while other CPUs are waiting for the last one to finish its 
calculations [38]. 

We introduce the parameter   to demonstrate the parallel efficiency of a code as follows: 

 c

c w m

t

t t t
 

 
  (4.26) 

where ct  and wt  represent the total computation time spent by CPUs to perform calculations 

and the total wasted time in waiting because of load imbalance, respectively. In addition, mt

denotes the message passing time indicating the consumed time by CPUs to conduct 
communication between each other. Figure 4.5 illustrates the distribution of all three times in a 
simple parallel computation. The higher efficiency of a code is achieved as communication time 

between CPUs, mt , is reduced and computational load is distributed uniformly among the 

processors leading to minimized waiting time, wt . In what follows an approach to increase the 

computational efficiency of a parallel code through reducing both communication and waiting 
time is described. 

 

Figure 4.5. Time distribution in parallel computing. Three distinct regions shown by the dark blue bars, the white 
area and the light blue bar correspond to the time spent for computing, tc , the time spent by each processor in 
waiting for last calculation to be finished, tw, and the time spent for inter-processors communication, tm , respectively. 
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4.7.2 Spatial domain decomposition and dynamic load balance 

To achieve an acceptable computational efficiency in parallel computing it is essential to properly 
divide the simulation domain into subdomains and assign each subdomain to separate processers. 
Long-range elastic interaction between dislocation segments in DD simulations leads to the 
condition where every processor needs to communicate with other processer regardless of the 
type of partitioning method. While the communication time between the processers is increased 
due to the global communication, it is still possible to achieve an acceptable scalability by 
implementing an advanced spatial partitioning algorithm. 

To be able to use the advanced algorithm to partition the simulation volume, the problem space 
is initially divided into the cells with equal size. The interaction between dislocation segments 
inside each cell and its adjacent cells is computed explicitly, segment by segment. However, 
interaction between dislocation segments located in non-neighboring cells is computed by 
employing FMM method. Under such conditions, an advanced domain decomposition 
partitioning algorithm is employed to partition the simulation domain into subdomains with 
unequal volume and dynamically adjustable boundaries. Then, each subdomain is assigned to 
different CPUs to perform the nodal force calculations. 

Figure 4.6 shows the dynamic domain decomposition algorithm implemented in parallel 
computing scheme. The simulation domain is recursively partitioned by first dividing the domain 

into xN  slabs with the same number of nodes along the x axis. Then, each slab is sectioned into 

yN columns with roughly equal number of nodes along the y axis. Finally, each column is 

partitioned into zN  boxes containing approximately the same number of nodes along the z axis. 

Following this approach significantly improves the computational load balance thereby the 
efficiency of a DD code. 

 

Figure 4.6. Simulation volume is divided into 3×3×2 domains along three x, y, z axes and each domain is assigned to 
its own processor [38].  
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Chapter 5 Dynamic deformation of single-crystal copper 

5.1 Background 

The understanding of dynamic plastic behavior of metals is important in many engineering 
applications including high speed machining, impact loading, ductile rupture, armor penetration 
etc. [69,70]. Numerous experimental studies have been conducted over the past few decades to 
investigate plastic deformation of metals under high strain rates [70–77]. In addition, behavior of 
metals under dynamic deformation has been subject to various modeling studies [78–81]. In this 
chapter which is based on the results published in Ref. [82], Supplement I, macroscopic and 
microscopic behavior of single-crystal copper under high strain rate deformation is investigated 
using dislocation dynamics DD method. 

5.2 Details of dislocation dynamics simulations 

All dislocation dynamics simulations are performed using the Parallel Dislocation simulator 

(ParaDis) code. A cubic simulation volume with an edge length of 1 μm is used and three-
dimensional periodic boundary conditions (PBC) are applied to mimic the single-crystal copper.  
Initial dislocation configuration consists of 24 straight dislocations of mixed character as well as 

86 Frank–Read sources with average length of L 1480b 0.378  μm (b = 0.245 nm is the 
Burgers vector magnitude). Both initial dislocation setups are randomly distributed inside the 

simulation cube. For both initial non-deformed configurations, the initial dislocation density 0   

over the simulation volume is set to be about 2.7 ⨉ 1013 m-2. 

The material parameters are set for copper as follows: shear modulus μ = 42 GPa, Poisson’s ratio 

ν = 0.31 and Burgers vector b = 0.256 nm. In addition, dislocation drag coefficient is set as
4

gB 10 Pa s  . 

Uniaxial tensile deformation of the single-crystal copper is modeled up to 1 percent plastic strain 
along [001] direction at high strain rates ranging from 103 to 105 s-1. Over the course of the 
simulation edge dislocations are mostly confined to their {111} slip planes due to the very low 
value of climb mobility, however, when a dislocation segment has predominantly a screw 
character, this segment may leave its original primary plane and cross slip to the secondary plane 
if the critical resolved shear stress is larger on the secondary plane.  

All simulations are performed under the assumption that dislocations move in over-damped 
regime, thus, dynamics of dislocations are approximated by employing a linear force–velocity 
relation and inertial and relativistic effects are neglected. 

5.3 Dislocation dynamics simulation results 

5.3.1 Mechanical response 

The single-crystal copper is deformed along [001] direction at three sets of high strain rates 
ranging form 103 to 105 s-1 and resultant macroscopic response is plotted in Figure 5.1 as stress–
plastic strain curves. In spite of the fact that total strain is the frequently measured quantity in 
experimental tests, at high strain rates it is more instructive to evaluate dislocation behaviour with 
respect to plastic strain, since the elastic contribution can be relatievly large and grow with 
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applied strain rate [83]. At each imposed strain rate, the single-crystal undergoes plastic 
deformation with two different initial dislocation setups. 

 

Figure 5.1. Flow stress as a function of plastic strain at three sets of applied strain rates for two initial dislocation 
setups. 

Deformation process begins with a significant strain hardening rate for all considered cases. 
However, the initial hardening rate differs with rate of deformation such that the highest initial 
hardening rate corresponds to the deformation at the highest applied strain rate.  

As deformation advances initial hardening rate is substantially decreased for deformation at the 
lowest strain rate of 103 s-1, thus, further plastic strain is generated at almost constant flow stress 
which indicates no strain hardening at this strain rate. This behavior is rationalized in Figure 5.2  
which shows evolution of dislocation density with plastic strain at three imposed strain rates. 
According to Figure 5.2 at the lowest considered strain rate generation of new dislocations is 
negligible; therefore, dislocation density remains almost constant leading to relatively constant 
flow stress during plastic deformation. 

On the other hand, for deformation at higher strain rates of 104 and 105 s-1 relatively different 
behavior is observed. While for both cases the hardening rate is reduced after the initial stage, 
unlike the lowest applied strain rate of 103 s-1 further generation of plastic strain requires increase 
in flow stress, therefore, work hardening is observed after initial stage. This behavior is justified 
by the increase in dislocation density with plastic strain at strain rates of 104 and 105 s-1. See 
Figure 5.2. 

Figure 5.2 illustrates the total dislocation density evolution with plastic strain. Dislocation density 
increases with rate of deformation, thus, for a given plastic strain highest generation of 
dislocations corresponds to the deformation at the highest strain rate of 105 s-1. Whereas the 
initial dislocation density is identical for all studied cases, more dislocations should be generated 
to accommodate the increased strain rate which leads to the observed increase in dislocation 

density, and consequently to the higher flow stress. 
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Figure 5.2. Evolution of dislocation density with plastic strain at considered strain rates for two initial dislocation 
configurations. 

5.3.2 Evolution of dislocation microstructure 

During plastic deformation of a single crystal, dislocations exhibit a considerable tendency to 
form well-organized microstructures. These microstructures usually consist of two regions with 
different population of dislocations known as dislocation-poor and dislocation-rich regions. This 
non-uniform distribution of dislocation density over a crystal leads to formation of a 
heterogeneous microstructure during plastic deformation. Experimental observations on 
uniaxially loaded single and polycrystals have shown that dislocations tend to organize themselves 
in a heterogeneous structure from the very early stages of deformation [48]. 

To demonstrate formation of heterogeneous dislocation microstructure, we divided the 
simulation volume for deformed single crystal at 1 percent plastic strain into five equal sets of 
cells along each of three directions, i.e., [100], [010], [001]. Then, the corresponding dislocation 
density inside each cell was calculated. Figure 5.3 shows distribution of dislocation density on the 
X-Y plane at two applied strain rate of 104 and 105 s-1 for two dissimilar initial dislocation setups.  

Emergence of distinct peaks attributed to the areas with higher population of dislocations, i.e., 
dislocation-rich areas, along with distinguishable valleys associated with the regions with lower 
accumulation of dislocations, i.e., dislocation-poor regions indicates development of 
heterogeneous dislocation microstructure during plastic deformation of the single crystal. 

To predict the extent of strain induced heterogeneity in the developed microstructure, statistical 
analysis of dislocation density distribution is performed at two stages of deformation, the initial 

stage ( p 0.1%  ) and the final stage ( p 1%  ). Table 5.1 shows the mean value  as well as 

standard deviation   computed for the population of 53 cells at each rate of deformation for 
both initial dislocation configurations. The mean value characterizes the stored dislocation 
density, while the standard deviation is used here as the indicator of heterogeneity in dislocation 

microstructure evolution. According to Table 5.1 the standard deviation increases with increasing 
plastic strain and strain rate which demonstrates that the dislocation microstructure becomes 
increasingly heterogeneous. Strain-induced heterogeneity is attributed to evolution of internal 
stress field evolution. Once microstructure begins to develop, its later evolution becomes 
controlled by both the external applied load (Schmid factors) and the increasing internal stress 
[79]. 
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(a) 

 

(b) 

 

(c) 

 

(d) 

Figure 5.3. Dislocation density distribution on the X-Y plane at 1 percent of plastic strain for two applied strain rates 
of (a, c) 104 s-1 and (b, d) 105 s-1. Two initial dislocation configurations are (a, b) 24 straight dislocations and (c, d) 86 
Frank–Read sources. 

Table 5.1 Computed mean value and standard deviation (  ) of dislocation density (in units of 1014 m-2) at three sets 

of imposed strain rates at two stages of deformation for two dislocation configurations.  

 24 straight dislocations 86 Frank—Read sources 

 
Strain 

rate, s-1 
 

Mean value Standard 
deviation 

Mean value 
 

Standard 
deviation  

initial 
stage 

final 
stage 

initial 
stage 

final 
stage 

initial 
stage 

final 
stage 

initial 
stage 

final 
stage 

103 0.35 0.44 0.27 0.34 0.45 0.56 0.35 0.38 

104 0.45 1.1 0.36 0.6 0.54 1.24 0.36 0.7 

105 0.54 2.0 0.42 0.84 0.63 2.24 0.38 1.01 
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5.3.3 Morphologies of dislocation microstructures 

Figure 5.4a illustrates the initial dislocation configuration where 86 Frank–Read sources with an 

average length of 0.378 μm are randomly distributed over the simulation cube. In addition, 
Figure 5.4b to d present dislocation microstructures at 1 percent plastic strain resulting from 
deformation of the single-crystal under three sets of strain rates ranging from 103 to 105 s-1 . 

 

(a) 

 

(b) 

 

(c) 

 

(d) 

Figure 5.4 (a) Initial dislocation configuration consisting of 86 Frank–Read sources and evolved dislocation 
microstructures at 1 percent plastic strain resulting from deformation of the single crystal at strain rates of (b) 103, (c) 
104 and (d) 105 s-1. 

According to Figure 5.4b to d increasing the rate of deformation leads to increase in generation 
of dislocations, thus, densest microstructure is developed under deformation at the highest strain 
rate of 105 s-1. In addition, formation of heterogeneous microstructure is observed for all 
considered cases where some regions contain higher population of dislocations than others. 

5.4 Conclusions 

Dislocation dynamics simulation of tensile deformation in single-crystal copper along [001] 
direction under high strain rates of 103 to 105 s-1 reveals that 

 Rate of deformation affects flow stress as well as evolution of dislocation microstructure such 
that increasing strain rate leads to increase in flow stress and dislocation density.  

 Heterogeneous dislocation microstructure forms when a single-crystal undergoes plastic 
deformation. 

 The extent of heterogeneity in the developed microstructure increases with plastic strain as 
well as strain rate. 
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Chapter 6 Creep of copper at low temperatures 

6.1 Background 

The copper canister intended to be used for the storage of nuclear fuel will undergo creep 
deformation at temperatures well below 100˚C. Creep models under such conditions have been 
derived for copper with addition of approximately 50 ppm phosphorous [84–86]. It has been 
shown that copper even at temperatures as low as 75˚C may creep with distinct primary, 
secondary and tertiary stages appearing on the creep curves [84]. The observed creep runs until 
rupture which requires constant static recovery to make deformation advance. It is assumed that 
creep deformation at these low temperatures is governed by glide motion of dislocations and 
static recovery is a glide-based mechanism. However, verification of this assumption and thereby 
providing a feasible mechanism for glide-based static recovery is needed.  

Effective stress eff acting on the dislocations drives their motion, and controls creep 

deformation. This stress is calculated as the difference between applied stress app and internal 

stress i according to  

 eff app i      (6.1) 

Internal stress also known as back stress is defined as the combined stress field acting on a 
dislocation as a result of stresses generated by surrounding dislocations as well as externally 
applied stress. For modelling of creep deformation an internal stress or back stress is considered. 
Various attempts to measure the size of internal stress i have been made by several authors [87–

90].  

In this chapter which is based on the results presented in Supplement III, low temperature creep 
deformation in copper is discussed, and dislocation dynamics modeling results are reviewed.  

6.2 A model for glide mobility 

A combined dislocation mobility was used in derivation of the secondary creep rate to model 

creep deformation in copper canister. The climb mobility climbM  derived by Hirth and Lothe 

[63] was combined with an empirical formula for glide mobility glideM [91] and thereby an unified 

expression was constructed for dislocations mobility. The details of this approach can be found 
in Refs. [85,86]. Under these conditions the glide mobility can be written as 

 glide climb glideM M f   (6.2) 

where glidef represents the glide enhancement factor. 

As a results of dislocation intersections jogs are formed during deformation. Dislocation jogs 
move by climb mechanism, and since climb is a slow process at low temperatures, thus, 
formation of jogs leads to reduction in dislocations velocity. Following Hirth and Lothe [63] it is 
now assume that velocity of dislocations is controlled by climb of the jogs.  

According to Peach-Kohler expression, the force F acting on a dislocation is calculated as 
 F bl . Here , b  and l represent the stress acting on the dislocation, its Burger vector and its 

length, respectively. Based on the assumption that jogs control the motion of the dislocations, the 
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length of the dislocation can be taken as jogl . Under this condition, F becomes the force on each 

jog. If jog 1/ l  (  is dislocation density) then the stress enhancement factor g  is given by  

 
jog 1

  


l
g

b b
  (6.3) 

By using Taylor’s equation 

 y    mGb   (6.4) 

where  y denotes the yield stress, Eq. (6.3) is rewritten as follows 

 
y







mG
g   (6.5) 

In addition to jog formation, vacancies are generated during deformation. The expression for 
excess vacancy concentration is derived as  

 
2 2
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0 self
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D
  (6.6) 

where c is excess vacancy concentration and 0c is the equilibrium concentration. In addition, 

cellK is a constant which is about 11 for copper [92]. selfD ,   and G represent self-diffusion 

coefficient, deformation rate and shear modulus, respectively.  

Climb mobility of dislocations has been derived by Hirth and Lothe [63] as follows 
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where s0D and Bk  are coefficient for self-diffusion and Boltzmann’s constant, respectively. In 

addition T and Q denote the temperature and activation energy for self-diffusion.  

Multiplying climb mobility, Eq. (6.7), by the excess vacancy concentration, Eq. (6.6), and the 
stress enhancement factor, Eq. (6.5), gives the glide rate. The glide enhancement factor becomes  

 
2 2 2
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glide
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mK b G
g

D
  (6.8) 

Due to the assumption that the climb rate of the jogs controls the rate of dislocations glide, thus, 

glideg should represent the ratio between the glide mobility and the climb mobility of the 

dislocations. Therefore, two glide enhancement factors glidef  and glideg  should be directly 

comparable. Figure 6.1 compare the two glide enhancement factors. 
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Figure 6.1. Creep rupture curve for Cu-OFP at 75˚C and 175 MPa- The empirical model -model is fitted to the data. 

According to Figure 6.1, the predictions based on the climb rate of the jogs glideg demonstrate 

the effect of temperature and strain rate fairly similar to glidef . Therefore, it can be concluded that 

the proposed model for glide mobility based on dislocation jogs can describe the main behavior 
of the glide rate, and confirms the validity of expression for the dislocation glide mobility in a 
general way. 

6.3 Dislocation dynamics simulation results 

Three-dimensional dislocation dynamics method is employed to demonstrate feasibility of creep 
deformation of copper by only glide motion of dislocations All dislocation dynamics simulations 
presented here were performed using the Parallel Dislocation Simulator (ParaDis) code [56]. 

Initial dislocation setup consists of 865 straight dislocations of mixed character randomly 
distributed inside the cubic simulation volume with an edge length of 5 µm. The simulation box 
is subjected to three dimensional period boundary conditions (PBCs) to mimic the bulk material. 
To resemble a non-deformed crystal, initial dislocation density over the simulation volume is set 

to 13 2

0 4.1 10 m   . 

The material parameters are set for copper as follows: shear modulus µ = 42 GPa, Poisson’s ratio 
ν = 0.31 and Burger vector b = 0.256 nm. Identical drag coefficient B and consequently the same 
glide mobility is used for both edge and screw dislocations. While screw dislocations may leave 
their original primary plane and cross slip to a secondary plane, climb motion of edge dislocation 
is hindered over the course of simulations. Therefore, edge dislocations are mostly confined to 
their {111} slip planes. 

Creep deformation of the single-crystal copper is modeled by applying a constant tensile stress of 

app 180  MPa along [001] direction. Simulations are conducted with three sets of glide 

mobiities. First set which is named original mobility is derived using Eq. (6.2) as 
13

glideM 2.89 10  (Pa·s)-1. DD simulations using this mobility value yield substantially lower 

creep rate than the predicted value in the literatures, i.e., 
82.78 10   [86–88]. Thus, the 
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magnitude of glide mobility is increased over three orders of magnitude and simulations of creep 

are also performed with two higher mobility values of 10
glideM 8.67 10  (Pa·s)-1 and 

9
glideM 1.44 10  (Pa·s)-1. 

The results of DD simulations with original mobility value of 13
glideM 2.89 10  are shown in 

Figure 6.2. According to Figure 6.2b, the creep rate decreases with time and eventually levels off 

at around 11 11.0 10 s    . This strain rate is 33 10 less than the value predicted in the literatures, 

i.e.,
8 12.78 10 s    . 

  

(a) (b) 

Figure 6.2. (a) Plastic strain and (b) plastic strain rate versus simulation time for
13

glideM 2.89 10  1(Pa s) .  

Figure 6.3 illustrates the DD simulation results of creep deformation with the increased glide 

mobility of 10
glideM 8.67 10  (Pa·s)-1. Creep rate decreases with time to almost 

8 12.7 10 s    which is very close to the value presented in the literatures. While a stationary 
condition is not reached, due to the modest variation of dislocation density as a function of time, 
see Figure 6.3b, it is assumed that the results show a quasi-stationary condition. 

  

(a) (b) 

Figure 6.3. (a) Plastic strain rate and (b) dislocation density versus simulation time for
10

glideM 8.67 10  1(Pa s) . 

The results of the third set of simulations with the glide mobility of -9
glideM =1.44×10 (Pa·s)-1, 

(increased by a factor of 1.67) are illustrated in Figure 6.4. 
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(a) (b) 

Figure 6.4. (a) Plastic strain rate versus simulation time and (b) dislocation density versus plastic strain for 
-9

glideM =1.44×10 1(Pa s) .  

According to Figure 6.4a, creep rate decreases during deformation of the single-crystal to finally a 

constant value of almost
-8 -14.5 10 s   . This is an increase with a factor of 1.67 in comparison 

with that in Figure 6.3a, i.e., the same as the increase in the mobility. It is obvious that the 
predicted creep rate is approximately linear with the mobility in the considered range. 

6.4 Calculation of effective stresses 

Effective stresses acting on dislocations during creep deformation are calculated using extracted 
data from dislocation dynamics simulations. Table 6.1 shows the mean value of effective stresses 
along each of three x, y and z directions calculated for three sets of glide mobilities at three stages 
of deformation. The external stress is applied along z direction. The absolute value of calculated 
effective stresses are approximately three orders of magnitude smaller than the applied stress 
which according to Eq. (6.1) indicates that along the loading direction the internal stress acting 
on dislocations is almost at the same level as the applied stress. 

Table 6.1. Calculated mean value of effective stresses along x, y and z directions at three stages of deformation. 

glideM

1(Pa s)
 

Three stages of 

deformation 

effx (Pa)  effy (Pa)  
effz (Pa)  

 

132.89 10  

Early 51.22 10  
50.92 10   

50.81 10  

Intermediate 50.09 10  
51.96 10   

50.89 10  

Final 50.61 10   
51.58 10   

50.54 10  

 

108.67 10  

Early 51.29 10  
51.12 10   

51.01 10  

Intermediate 50.86 10   
50.71 10   

50.81 10  

Final 50.82 10   
51.45 10   

52.39 10   
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6.5 A rapid change in the applied stress 

To demonstrate how a change in the applied stress affects the creep rate as well as the effective 
stress, the applied stress is instantly reduced from 180 MPa to 160 MPa during creep deformation. 
Figure 6.5 shows the effect of a rapid change in applied stress on the creep rate. For both 

considered deformations, i.e., with 10
glideM 8.67 10  (Pa·s)-1 and 9

glideM 1.44 10  (Pa·s)-1, 

an abrupt reduction in creep rate occurs as the applied stress is reduced from 180 MPa to 160 
MPa. 

  

(a) (b) 

Figure 6.5. Abrupt change in plastic strain rate when the applied stress is reduced from 180 MPa to 160 MPa; (a) 

10
glideM 8.67 10  (Pa·s)-1, (b)

9
glideM 1.44 10  (Pa·s)-1. 

The effective stresses acting on dislocations are calculated at the three illustrated points in Figure 
6.5 to demonstrate influence of rapid change in the applied stress on the effective stresses. Point 
1 corresponds to the creep deformation under applied stress level of appl 180  MPa, and points 

2 and 3 correspond to the creep deformation at applied stress of appl 160  MPa. The calculated 

mean effective stresses along each of three x, y and z directions at three illustrated points are 
demonstrated in Table 6.2. 

 

  

 

91.44 10  

Early 51.32 10  
51.15 10   

50.85 10  

Intermediate 50.40 10  
50.71 10   

50.41 10   

Final 51.06 10   
50.61 10   

51.42 10   
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Table 6.2. The calculated mean effective stresses at the three illustrated points in Figure 6.5. 

 

 

 

 

 

 

 

 

 

According to Table 6.2, along the loading direction the internal stress is identical to the applied 
stress also directly after the reduction in the applied stress. Therefore, earlier deformation has a 
weak effect on the internal stress. 

6.6 Conclusions 

A physically-based mechanism was presented for glide of dislocations at low temperatures. It was 
assumed that glide rate of dislocations is controlled by the climb rate of jogs on dislocations 
thereby an expression for glide rate was developed. The derived expression was used to verify the 
previously implemented semi-empirical model for the glide mobility, and a good agreement 
between the derived glide rate and the semi-empirical model was observed. 

Creep deformation of copper at low temperatures was modeled using dislocation dynamics (DD) 
method where only glide of dislocations not climb was taken into account. While relatively small 
plastic strain (approximately 0.1%) was attained in DD simulations, creep rate and dislocation 
density reached to semi-stationary condition.  By employing DD simulations feasibility of creep 
deformation at low temperatures based on pure glide was demonstrated. 

Using the extracted data from dislocation dynamics simulations the effective stresses acting on 
dislocations were calculated. It was shown that in the loading direction internal stress is almost at 
the same level as the applied stress. In addition, effect of abrupt change in applied stress on 
effective stress was investigated. The calculated effective stresses after stress drop demonstrated 
that also directly after abrupt reduction in the applied stress the internal stress along the loading 
direction is identical to the applied stress. This indicates that the internal stress immediately 
adapts to the new stress level.  

 

 

 

  

glideM

1(Pa s)  

Illustrated 

points 
effx (Pa)  effy (Pa)  

effz (Pa)  

 

108.67 10  

1 50.86 10   
50.71 10   

50.81 10  

2 50.39 10   
50.92 10   

50.33 10  

3 51.06 10   
50.72 10   

51.84 10   

 

91.44 10  

1 51.57 10   
51.15 10   

51.47 10   

2 50.73 10   
50.75 10   

50.54 10   

3 51.18 10   
50.96 10   

51.95 10   



45 

 

Chapter 7 Concluding remarks 

The conclusions of the present thesis work are summarized in the following categories: 

1. Precipitation in cast iron insert 

First-principles calculations were employed to compute effective interaction energies between 
defect pairs (solute–solute and vacancy–solute) in bcc iron. The main considered impurities in the 
iron matrix include 3sp (Si, P, S) and 3d (Cr, Mn, Ni, Cu) solute elements. Pair interactions of 
these elements as well as their interaction with vacancies were computed. By computing 
interaction energies the possibility of formation of different second phase particles such as late 
blooming phases (LBPs) in the cast iron insert was evaluated. Investigation of the effective 
interaction energies revealed the existence of significantly strong attractive interactions between 
3sp elements with vacancies. It is believed that these strong vacancy–solute bindings may play a 
key role in solute clustering and formation of concentrated defect arrangements which may lead 
to precipitation of late blooming phases in the bcc Fe. In addition, it was shown that unlike 3sp 
elements, 3d solute elements (excluding Cu) exhibit weak interactions in iron matrix, thus, they 
taken alone cannot cause precipitation of late blooming phases in bcc Fe. 

2. Plastic deformation of single-crystal copper at high strain rate 

Uniaxial tensile deformation of single-crystal copper along [001] direction at high strain rates 
ranging from 103 to 105 s-1 was simulated using three-dimensional dislocation dynamics (DD) 
method. DD simulations were conducted with two dissimilar initial dislocation configurations 
consisting of straight dislocations as well Frank–Read sources. For both initial dislocation setups 
the rate of deformation exhibited a strong effect on the flow stress in the considered range of 
strain rate. The highest flow stress at a given plastic strain was observed at the highest imposed 
strain rate. In addition, dislocation density evolution and consequently development of the 
dislocation microstructure was influenced by the rate of deformation. It was shown that as the 
single-crystal undergoes plastic deformation heterogeneous dislocation microstructure is evolved. 
By evaluating the extent of microstructure heterogeneity the effect of strain rate on the evolution 
of dislocation microstructure was demonstrated. DD simulation results revealed that 
heterogeneity of the microstructure increases with plastic strain as well as strain rate.  

3. Creep of copper at low temperatures 

Creep deformation of copper canister at low temperatures was investigated. An expression for 
glide rate of dislocations was developed based on the assumption that glide rate of dislocations at 
low temperatures is controlled by the jogs on dislocations. The derived glide rate demonstrated a 
good agreement with the previously implemented semi-empirical model for the glide mobility. In 
addition, dislocation dynamics simulation of creep deformation of copper at low temperatures by 
taking glide not climb into account was performed. Although creep rate and dislocation density 
reached semi-stationary condition in DD simulations, possibility of creep deformation at low 
temperatures based on pure glide was demonstrated. Moreover, the effective stresses acting on 
dislocations were calculated using extracted data from DD simulations. It was shown that internal 
stress along the direction of loading is almost at the same level as applied stress. Furthermore, 
effect of abrupt reduction in applied stress was investigated. The computed effective stresses 
after the stress drop showed that the internal stress in the loading direction is identical to the 
applied stress also directly after an abrupt reduction in the applied stress. This indicates that the 
internal stress immediately adapts to the new stress level.  
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